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CHANGES IN MICROSTRUCTURE, HARDNESS, AND ELECTRIC CONDUCTIVITY
DURING CREEP IN HEAT-RESISTANT GRADES OF STEEL

V. S. Ivanova, I. A. Oding

One of the essential aspects of the problem of heat resistance
is the question of the role of inter and Ilntragranular plasticity in
metallic creep. But there 1s not yet any agréement on the lmpor-
tance of either of these forms of plasticity in any particular phase
of creep. Some assume that lntergranular plasticlty plays the most
essentlial part in the first phase of creep, other relate this role
to the second (sustained) phase. Finally, there are opilnions hold-
ing that the processes ?f inter and intragranular plasticity take
place simultaneously in all phases of creep, even the third, and that
only the quantiltative relations between them may vary wlth the
condltions of the experiment.

At present, the role of inter and intragranular plasticity is
under study, mainly for pure metals; 1t 1ls therefore interesting to
trace to what extent such plasticlity appears in the creep of heat-
resistant grades of steel. For this purpose three grades of austen-
itic steel and, for comparison, Armco iron (of standard chemical
composition) were investigated.

Austenitic steels were investigated 1n the quenched state




(cooled from 1150° in water), and Armco iron in the normal state
(950°) . Figure 1 shows a photomicrograph of EI257 steel after

creep testing for 58 hours at a temperature of 575°, under a stress
of 12 kg/mm2. The total deformation amounted to 0.2%. The micro-
section was®photographed using light from an oblique angle, which
made it possible to make the intergranular character of the de-
formation clearly visible. The black shadows on the graln boundariles
characterize qulte clearly the relative displacement of the grains.
Thls deformation even lends 1tself to quantitatlve measurement, for
which MclLean has developed a method [1].

Using an interference microscope, McLean measured the protrusion
of the grains from the surface and conjectured from this quantity
what part of the plastic deformatlion was due to the relative dis-
placement of the grains themselves. Although thls method 1s not
very precise, it l1ls, for the time belng, the only one existing for
the determination of the quantitative contrlbution of intergranular
plasticity to the overallicreep deformation. It enables us to
establish that intergranular plasticlty starts at the very beginning
of the creep process and continues through the second and third
sectlons of the creep curve.

However, it 1s not only through relative displacement of the
gralns that 1ntergranular plasticity 1s made apparent. Flgure 2
shows a photomicrograph of Armco iron before (a) and after (Db)
creep testing at a temperature of 450°, under a stress of 13 kg/mm2,
and with a test duration of 1,200 hours. In thls case, intergranular
plasticity became apparent through recrystallization. Owing to the
displacement of dislocations at the grain boundaries, there was a

conslderable growth of the gralns; this growth also took place at a

Nooma?




lower temperature (400°), though with less efficiency. These

data show that under pressure the process of grain growth may take
place at lower temperatures than the ordinary recrystallization
temperature. Consequently, intergranular plasticlty 1n the process
of creep may become apparent through a recrystallization process:

EaAe

the displacement of grain boundaries.
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Fig. 1. Microstructure of
EI257 steel after creep
testing (X 200).

If creep testing is carried out under other condition, for

example, under lower stresses, we may observe that, besldes causing

graln enlargement, creep also causes grailn breakdown, while the new
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boundaries in Armco lron appear 1n a very singular way. Figure 3>
shows the microstructure of Armco iron after creep testing at a
temperature of 400°, under a stress of 6 kg/mm®, and with a test
duration of 1,000 hour. The arrows in this photomlicrograph show

the new boundaries which have appeared as polntlike formation that
are corroded concavities at the spots where the dislocations appear
on the surface of the mlcrosection. Later on, these poilntlike
boundaries become contlnuous boundafieé as a result of the appearance

of new dislocations and the reductlion of the distances between them.

Flg. 2. Microstructure of Armco
steel (X 200).

Thus, we may state that in creep two processes take place
in opposite directions: one, connected with the enlargement of the
gralns, 1s a process of recrystallization by the mechanism of

plasticity, while the other, 1nvolving breakdown of the grains,

Lo




1s a polygonization process. Depending on the relative efficiencles
of the two processes, 1t 1s possible to give the metal' a smaller or
larger graln at the end of the test.

According to our observations, the polygonization proéess be-
comes most effectively apparent at lower temperatures and under
lower stresses. It 1is still lmpossible, however, to draw a sharp
line between the conditions for grain growth or breakdown during
creep.

During the testing of EI432 steel, we succeeded in bringing to
light the followilng aspect of 1lntergranular plasticlty as well
(Fig. 4). There were a great number of twins in the initial
structure (a). During the creep process they gradually disappeared
(b), so that after 1,000 hr of testing there were no twins at all
left 1n the structure, but signs of recrystallization did appear (c).
Consequently, plastic deformation in creep may take place not only
through twinnlng, but also through its disappearance. So far, the
details of mechanism plastlcity remain unclear.

Thus, intergranular plasticlty during creep of heat-resistant
grades of steel shows up quite clearly.

It is considerably'more difficult to expose“the intragranular
processes takling place during creep in these steels.

With small creep deformation (0.2 to 0.3% and sometimes more)
it is impossible to observe the shear lines inside the grains by
means of an ordinary optical microscope. The questlon then arises
whether plastic deformation takes place in the grains themselves
during the process, At the present time, there 1s a hypothetical
concept--the so-called "fine slip" (homngene Gleltung) which has been

interpreted as local slip with a low degree of displacement on the
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given slip plane. The nature of this slip has been barely investi-

gated so far, v

The mechanics and nature of shear processes that result in slip
lines visible in an ordinary metallographic microscope have been
comparatlively well studied. It has been established that thls type
of slip 1s accompanled by changes in the microhardness, electric
conductlivity, and other physical characteristics of the metal.

We investigated the changes 1n mlicrohardness and electric
conductlivity after creep testing for a certain time,* for the purpose
of studylng these characteristics during creep and for verifying the
fundamental assumptlons of the dislocation theory of creep, which has
been promulgated by one of the authors [2]. The measurements of
microhardness and electrlc conductivity were carriled out at room
temperature. The basic postulate of the dlslocation theory of creep
was that the rate of creep 1s proportional to the number of the dis-

locations at a given instant of time t:

Vp = Awg (1 + at)m:
where A, a, Wg and m are coefficients that depend on the nature of
the metal and the conditions of the experliment.

Changes 1in the dislocation density (1.e., the number of dis-
locatlons per unit of volume of the metal) must, of course, result

in changes in the microhardness and electric conductivity. If

* The experimental part of the work was carrled out by L. K.

Gordiyenko on a device developed by him.
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Fig. 3. Microstructure of Armoco
iron after creep testing.

the dislocation density increases during the creep process, the

rate of creep must increase; in this case the hardness increases

and the electric conductivity decreases; the reverse is also
possible. However, while investigatling this problem with a metal
that 1s supersaturated solid solution, we must also take other
factors into account, namely: during the first stage of aging, such
a solution will increase its hardness but, at the same time, the
rate of creep must decline; in the second stage, during the coagula-
tlon of the secondary phases, the hardness of the metal must decrease
whereas the rate of creep must increase. Moreover, the first stage
of aging must result in the decline of the electric conductivity,

while coagulation leads to increase 1in electric conductivity.




%\.,r

y..

(7
77

Fig. 4. Microstructure of EI432 steel
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Let us conslider to what extent all this corresponds to the
experimental data. Flgure 5 shows the creep curve of EI257 steel
obtained from testing at a temperature of 575° uder a stress of
15 kg/mm®. This curve reflects a slowly vanishing cross section.
The same figure shows curves characterlzing the changes in micro-
hardness of the metal during creep. The mlcrohardness was measured
on twenty grains, and the results of these measurements were ex-
pressed in curves of recurrence, It 1s easy to see that with the
increase of the testing time, a decline in hardness takes place to-
gether with a decline in the rate of creep, which fits in well with
the dislocation theory.

Figure 6 shows the creep curve as a function of its lncrease in
~ rate for EI?%95 steel tested at a temperature of 575° and under a

stress of 25 kg/mmZ2.
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Fig. 6. Curves showing creep (a) and
changes 1n microhardness (b) for EI395 -
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'According to the above-mentioned theory, the increase in rate of
creep shculd be accompanied by an increase in dislocation density and,
consequently, by an increase in the hardness of the metal. As is
seen from Figure 6, hardness-distribution curves of the metal be-
fore and after testing for 2,500 hr show a very clear increase in
hardness, which again confirms the above-mentioned dlslocation
theory.

Flgure 7 shows the creep curve of EI 432 steel, tested at 600°
under a stress of 25 kg/mm?. In the gilven instance, and lncrease in
the rate of creep is accompanied by a conslderable increase in
microhardness. The distribution curve becomes diffuse and extends
toward the higher hardness values.

Very interesting test results are gilven in Figure 8 for EI395
steel, tested for creep at a temperature of 575° under a stress of
22 kg/mmz. As 1s known, this steel 1s characterilzed by a great

-

-~
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tendency toward aging. In the first sectlon, approximately up

to

4,000 hr, the creep curve tends to vanish, whille hardness increases,

as 1s clear from the curve of recurrence. After the agling has
terminated the dislocation processes, which cause considerable
resoftening, become of marked importance. These processes are
accompanied by fading creep (see Fig. 8, sectilon.from 5,000 to
hr). Thereafter the process of accelerated creep begins; this
sults In a marked increase 1n microhardness. Consequently, the
fundamental assumptions of the above-mentioned theory are also

flected in this very complex case.
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Fig. 8. Curves showing creep (a) and
changes 1n microhardness (b) of EI 395
steel.
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We can obtain an analogous pattern by measurling the electric

conductivity. Figure 9 gives the creep curve of EI432 steel tested

at a temperature of 600° under a stress of 20 kg/mma; 1t also gives

the curve showlng changes in electric conductivity. Up to 500 hr,

creep proceeded at a decreasing (or uniform) rate. The dlslocation

-11-




density declined whlle electric conductivity increased. Creep

then began to appear at a rate increasing with time (the so-called

third stage), which, according to our theory, was caused by the in-
crease in dislocation density. Thils increase was reflected in the

marked decline of the electric-conductivity curves.
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Fig. 9. Changes in electrilc conductivity
of EI432 steel during creep.

The increase in electric conductivity 1n the first section of !
the creep curves can also be seen in Figure 10 whlich shows curves of
electric conductivity and creep for the same steel tested at a
temperature of 600° under a stress of 22 kg/mm2. A higher stress
reduced the section of fading creep and from the beginning of the

portion of accelerated creep, electric conductivity agaln began to

decline.
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Fig. 10. Variations in electric con-
ductivity of EI432 steel during creep.

Conclusions

1. Creep occurs at all stages as a result of intergranular as
well as intragranular plasticlty. Intergranular plastlclty may
become apparent by simple relatlve displacement of the grains with
_their protrusion on the surface of the microsection or by recrystal-
lization and polygonization processes, Or else through a special
mechanism resulting in the dlsappearance of twins. The quantitative
determination of 1ntergraﬁular plasticlty 1s so far possible only in
the case of relative displacement of the grains.

2. The measurement of milcrohardness and electric conductivity of
test pleces subjected to creep showed that the processes of lntra-
granular plasticity play a very effective part durlng creep.

3. The data obtained on the changes in electric conductivity and
microhardness of test pileces during the process of creep agree very

well with the dislocation theory of creep in metals.
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CERTAIN PROBLEMS IN THE THEORY
OF HEAT RESISTANCE

M. V. Pridantsev

Heat resistance, l.e., the resistance of a materlal to small
plastlc deformation, 1s determined by many factors, among which,
in the case of metals, we should mention the following: the energy
level of the interatomilc bond; the strength of this bond 1n the
crystal lattilce, an indication of which is glven by such constants
(for metalé) as the melting point, the heat of sublimatilion, the
characterlstic temperature, the parameters of self-diffusion, the
recrystallization temperature, etc.; structural factors, by which
we mean--1in the case of metals (not alloys)--the sizes of the grailns
and blocks and the state of thelr boundaries, the degrees of im-
perfection of the crystal lattice, the number and density of dis-
locations and Impurities at the gralin boundarles.

The same factors are characteristic of steels and alloys with
relatlively stable solld solutions, 1in addition to the followilng:
the diffusion parameters of the sclute atoms of the alloylng elements
and admixtures, the thermal stability of the carbide phase and the
structural stabllity in relation to the redistribution of the
alloying elements between the solld solution and the carbide phase,

and the growth and distribution of the latter.

-15-




The heat resistance of steels and alloys with unstable solutions
and those which are aging 1s determined by the same factors described ‘;
above as well as by the bond energles in chemlcal compounds( inter-
metalllic compounds, carbldes, nitrides) and the related temperatures
of formation and coagulation of the strengthening phases coexisting
with the solid solution; by the temperature of dissocilatlon of the
phases and their solutions; and also by addltional structural factors
among which are the quantity and distribution of the strengthening
phases, the eventual formation of new phases (for example, a and ©
phases) and other structual changes, i.e., théwdegree of stability
of the structure in time at working temperatures.

At present tlme, we lack sufficlent experimental data on the
bond strengths in the crystal lattice or on the very 1interesting
constants related to them. Hence, 1t is not clear as yet to what
extent they play a determining role in the heat reslistance of steels
and alloys. All known experimental data show that for the majorlty
of the heat-resistant steels and alloys in use (comparing the same
base), the structural factors and the role of the grain boundaries
are declisive, 1l.e., they substantially lncrease the heat-resistant
propertlies. It 1s definitely established that a certaln part and,
when the base 1is chosen, the determining part is played by the bond
strengths in the crystal lattice of the solild solutlon and also in
the strengthening phase.

For metals at temperatures above the recrystallizatlon
temperature, at whilch there is a rapid return of the properties of
a deformed metal (above 0.45 th, we observed close agreement between

the activation energy for creep and such constants as the activation
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energy for self-diffusion and the melting point. We also notliced a

connectlion between the activation energy for creep 1n a metal and
the atomic number.

Research [1] shows the direct relationship between the activa-
tion energy for self-diffusion and the activation energy for.creep
in certain metals: these quantlties proved to be almost equal. It
follows, therefore, that the factors conditioning the rate of self-
diffusion are also the factors controlling the rate of metallié
creep under the gilven temperature conditlons. The relationship
obtained 1n this study, between the activatlon energy for creep and
the actlvation energy for self-diffusion for zinc, lead, alumlnum,

copper, gold, and 1lron, 1s given 1n Figure 1.
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Fig. 1. Relationshlp between
the activation energy for creep
and the activation energy for
diffusion.

In the same work, the authors make the assumptlon that the
activation energy for creep 1in metals at temperatures above 0.45 tm
is a periodlc function of the atomlic number. The authors draw this
conclusion from data on the activation energieg fdr creep and the
activation energies for self-diffusion for a serles of metals with

respect to their atomic numbers. These data show that alkall and
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alkali-earth metals have the lowest activation energles for creep,
where;; elements located 1n the middle of each perlod have the
highest activation energles for creep and self-diffuslon.

However, the influence of the structural factor on the activat-
ion energy for creep is not taken into account in this periodic law.
It also follows from this law that all metals having higher melting
polnts have higher activation energies for creep. It is known that
temperatures below 0.45 tm these laws do not apply to metals since,
during the deformatlon process of creep, particularly 1f there is
an increased rate and considerable deformatlion, structural changes
in the metal take place in time; these changes, 1n turn, change the
values of the constants related to creep. With relatively pure
metals, a structural factor begins to operate at these temperatures.
This factor varies wlth time in its influence on the creep process,
i.e., with increased deformatlon.

With heat-resistant steels and alloys of pearlitlc as well as
austenitic types, we do not observe such conformity with the law
elther at temperatures slightly below 0.45 typs or even at higher
temperatures, since the influence of the structural factor 1s mani-
fested In both cases and 1s most considerable 1in the case of steels
and alloys. The literature contalns ample data on the 1nfluence
of the structure of steel (using the word structure in a broad sense)
on creep, long-time strength, and plasticity under protracted stress,
which confirm these assumptions.

In this connection, the more interesting constants of heat-
resistant materials related to creep processes should be studled
not only for the materials in the original state but also after

various test durations, in order to establish laws for the variations

oy
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of constants of various groups of steels éﬁd alloys and to take
the structural factor into account. It is particularly necessary
to study the constants (for example, bond strengths, parameters of
diffusion, self-diffusion, etc.) at actual working temperatures of
the metals. v

Many researchers represent creep as a complex process consisting
of two alternating processes--the strengthening of the metal as a
result of deformatioh, and resoftening--taking place In time under
prescribed conditions of stress and temperature. Depending on the
temperature at which creep occurs--below or above the recrystalliza-
tion temperature--resoftening 1s consldered the result of recovery
relaxation. This interpretation is quite probable and is admissible
under the test temperature conditions at which these processes can
take place. The role of these processés becomes particularly
obvious in the 1lnvestigation of creep in lead and alloys at tempera-

tures above the recrystalllzation temperatures.

O W 0 Jw wu 50 6w wi am w6 me
Bpemr, vac.

Fig. 2. Creep curves of St 70 wilre, with
a periodic section. 1) Cold-drawing;

2; cold-drawing tempering, 225° 6 hr;

3) cold-drawing and tempering 450° and
10 sec.
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When applied to many steels and alloys, this concept is contrary
to the experimental facts, which show that the phenomenon of creep (
i1s observed not only at temperatures considerably above the recrystal-
lizatlon or recovery temperature but also at normal temperatures at
which these processes practically never take.place. The recrystalliza-
tion temperature and the temperature limits for recovery are not
fixed for a glven metal or alloy; they depend also on the duration
of the temperature influence on the metal.

It 1s often assumed that creep in carbon and alloyed pearlitic
and austenitic steels and alloys begins only at a certaln temperature.
It 1is known however, that the yleld point and proportional limilt,
determined not only at increased temperatlves (considerably lower
than the recrystallizatlion temperature) but also at normal tempera-
tures, depend cn the rate of elastlc deformation, i.e., on the rate
of increase of stress durlng static testling and on the accuracy of
the determination. The processes of creep and relaxation are also
observed at normal temperatures. IFrom experience 1n the use and in-
vestigation of highly resistant wire used for ferroconcrete and for
piano wire, we know of processes of creep and recovery which take
place in time at normal temperatures and under stress below the yleld
point, and where the proportional limlt 1s determined from statlc
experiments. For example, the work of I. A. Yukhvets, carried out at
the TsNIIChM*, has shown that a cold-drawn wire made of steel 7O,
with a periodic section and nominal diameter of 4 mm, exhibilted

marked creep when tested for a period of 1,000 hr, both wlthout

* Central Scientific Research Institute of Ferrous Metallurgy

Q
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subsequent tempering and after tempering (225 and 450°), under a

tension amounting to 70% of the tenslle strength.

The lowest rate

of creep was observed in wire subjected to tempering at 450° and

the highest in a cold-drawn wire (Fig. 2).

B

TABLE 2

G, and gg (kg/mm®) of Wire made of Steel 70 (~ 0.7% C and ~ 0.4% Mo),

Nominal 4 = 4 mm. Before and After Creep Testing at Normal Tempera-

ture and Stress o = 70% of op-

State of wire during test oRB 0g.1 995.01 00.005

Cold-drawn before creep testing 172.0 128.4 80.5 72.3

Same, but after creep testing at

0 = 120 kg/mm2 for 1,000 hr 172.0 [142.0 | 113.0 101.0

Cold-drawn and tempered at 225°

for 6 hr before creep testing 173.8 153.3 128.8 124.0

The same, but after creep testing

at ¢ = 121 kg/mm2 for 1,000 hr 174.0 149.5 124 .5 118.5

Cold-drawn and tempered at 450°

for 10 sec before creep testing 164.0 144 .0 124.5 120.3

The same, but after creep testing

at ¢ = 115 kg/mm2 for 1,000 hr 167.0 |138.5 |120.0 116.5
Table 1 shows the tensile strength and yield point (00 12 00 o1

and 99 005) of a wire made of steel 70 (with a periodic section and

a nominal diameter of 4 mm) in a cold-drawn state with and without

subsequent tempering at the givenAtemperatures, determined before as
well as after creep testing at normal temperature for 1,000 hr., The

data in this table show that after 1,000 hr of testing undér a stress
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o = 704 of OB, the yleld point of cold-drawn wire increases consider-
ably as a result of aging, while this phenomenon 1s not observed with
tempered wire. As can be seen from a comparison of the data given
in Fig. 2 and Table 1, creep takes place 1n tempered wire at stresses
somewhat below the original yileld point of the wire.

Figure 3 shows as a functlon of stress, the creep curves of
cold-drawn and tempered wire made of steel 70 with a diameter of
4 mm, and having in the initial state (before testing) tensile
strength g = 173 kg/mma; it 1s clear from these curves that the
low rate of creep is apparent at relatively low stresses (40 to 60%

of cB), and that the lower the stress the lower the rate of creep.

Sdnumenirg naasyvecey, T

9 1 20 2 4 S0 60 N & B W
Bpems, vac

Fig. 3. Influence of stress on
creep at room temperature in a
cold-drawn, tempered wire made

of St; op In% of og : 1) 80
2; 705 3) 60; 4) 50; 5) 40;
6) 30; T7) 20

Figuré 4 shows the creep curves of a 65G wire made of manganese
steel after oil-hardening from 880° and tempering at 450 to 500°
for 10 to 15 sec, and also after cold-drawings. Cold-drawn wire
with d = 4 mm had a tensile strength op = 137 kg/mm? and a yield
point oy o, = 69.2 kg/mm?, and hardened and tempered wire with
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d = 4.2 mm had oy = 144.4 kg/mm2 and o, ;. = 89. 1 kg/mm2 .

L)
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Fig. 4. Creep curve of wire made of

St 65 G. oy in % of gg: 1) 70, cold
drawn, d = 4 mm, hardening plus temper-
ing; 2) 70, 4 = 4.2 mm; 3) 60, & = 5 mm;
4y 60, d = 4.2 mm.

The presence of a relaxation process 1n various metals at
room temperature was shown by T. I. Volkova [2] in tests over a per-
iod of 50,000 hr with copper, Armco iron, and carbon steel (0.2 to
1.0%4 C). These results indicate, convincingly enough, a relaxation
of stress with time at room temperature. The abéolute value of the
drop in stress during the test (40,000 to 50,000 hr) for all the in-
vestigated materials amounted to about 17 to 18% for copper, 2.5 to
%% for annealed low-carbon iron, and from 3.2 to 0.6% for carbon
steels annealed to produce laminated and granular pearlite (at
initial stresses: for Cu.-= 25 to 42%; for Armco iron, 52 to 79%
and for steel, 34 to 92% of 9.2 Analogous data on stress relaxa-
tlon at room temperature were obtalned by I. A. Oding and Ye. N.

Volosatova [3] for a serles of austenitic grades of steel.

The quoted data on creep and stress relaxation at normal tempera-

tures show that in this instance a definite role 1is played by the
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processes of aging, which, under such conditions, may take place

in time in the investigated metals. Moreover, these data show that
the mechanlism of creep 1s not connected with the processes of re-
softening due to recovery and recrystallization.

Under fleld condltions where heat resistant steels undergo pro-
longed service, we are interestedin those stresses which cause a
small over-all plastic deformatlon, and creep rates of the order of
1 + 1075% per hour, l.e., essentially stresses causing a transition
from elastic to plastic deformation.

The decrease in elastic properties with time (not counting the
first stage of creep) i.e., the occurrence of plastic deformation at
a constant low rate or "fading" rate, should be considered from the
polnt of order of what causes the fundamental act of plastic de-
formation with time, and not thought of as cold-hardening and re-
softening as a result of recovery of recrystallization, which are
consequences of plastic deformation and not causes of the latter.

At increased temperatures, the prolonged action of stress re-
sults in greater plastic deformation than at normal temperatures since
the thermal oscillations of the atoms are increased and the diffusion
processes are facllltated.

The movement of dilislocatlions, under stress in the course of
time, and the shear resulting from these dislocatlon movements
enable us to explain the reduced strength of metals and alloys as
used, and, obviously, the mechanism of creep as well.

The movement of dislocation depends both on the magnitude of
the stresses and on time, as well as on temperature; movement of
dislocation is facilitated by increases in these factors. In con-

trast to their ideal counterparts crystals and gralns, contain
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structural imperfections (defects). Such imperfections primarily
include vacant spaces, dislocated and foreign atoms in the'crystal
lattlce, lrregularitles 1n the arrangement of the atoms under the
influence of dislocated foreign atoms, impuritlies and phases, grain
and block boundaries, and phase and dislocatlon boundaries inside
the grains as well as at the graln boundaries.

Dislocations are consldered to be linear imperfections which
can move under the influence of stresses through the crystal lattice
and cause plastic deformation inside the grains or at the grain
boundaries. The stress necessary for the movement of the dislocatilons
1s several orders of magnitude lower than the stress requlred for
shear of one atomlc plane with respect to another in an ideal lattice;
this also explains the low strength of the grains under shearing 1n
real polycrystalline metals and alloys.

Dislocations, like all other imperfections, are surrounded by
t'ields~of elastic stresses whlch, interacting mutually, become un-
stable 1in energy. The stresses causing movement of the dislocations,
(and, consequently, plastic deformation) must be sufficlent to push
the dislocatlon through the opposing flelds of stress of other dis-
locations. Thus, addltional dislocations (as well as other imper-
fections) originating as a result of alloyling, heat treatment, or
cold plastic deformation, strengthen the grain. On the other hand,
in all instances where the dislocation density in the gralns de-
clines, the remaining dislocations move more easlily at lower stresses,
causing a decline 1n strength. '

The stability of the structure with time at high temperatures 1is
of great importance for the correct determination of the extrapolated

values of the limits of strength and creep, and for the normal

-25-




operation of heat-resistant materials. On the other hand, the in-

stability of the structure does not enable us to determine correctly
the values of the limits of long-time strength and creep extrapolated
from data obtalined with shorter test durations.

The structural changes takling place in time at high temperatures
are related to phenomena of great importance 1n theory and practice
such as the inflection of the logarithmic curve of long-time strength,
the decline 1in plasticilty under prolonged rupture, and the loweriling
of the creep limit.

The length of time precedlng fracture, 1T, 1s related to the
actual stress o by the equation T = B * o-n which is expressed by
a straight line in logarithmic coordinates. However, as experiments
have shown, by this means does thls dependence always remaliln linear
throughout the test. For some steels, the straight line has a down-
ward inflection in the logarithmic dlagram. This inflection 1s
usually explained by a variatlon in the character of the fracture of
the metal, and by the transition from intracrystallitic to I1ntercrystal-
litic fracture. The location of the point of inflectlion on the log-
arithmic stralght line 1is different for varlous steels and tempera-
tures, but for each of them the time prior to the inflection de-
creagses as the test temperature increases.

The physical basis for the inflection of the logarithmic curve
of long-time strength of some structurally unstable steels lies in
an unfavorable change in structure resulting from diffusion processes
taking place in time at certaln temperatures for each steel. The
inflection of the curve, or more correctly the change 1in the slope
of the curve of long-time strength, plotted against the logarithmic

cocrdinates stress verses time to fracture is possible when the de-
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crease 1n stress 1 not proportional to the increase in time to
fracture of the test pleces, i.e., when the duration of the test
at a prescribed temperature 1l1ls predominant in influence, compared
wilth the stress, on the process of deformation and fracture of the
steel. This phenomenon 1s possible in a case when, owling to dif-
fusion processes, the followlng changes take place in the steel:

1. Increase of creep rate and faster transition to the third
stage, owlng to a decline in the heat resistance of the solid solu-
tion (grains). The latter occurs as a result of a considerable
decrease 1in concentration of the strengthening elements in the solid
solution during the test because of their redistribution through the
so0lid solutilon and the carbide phase and their absorptilion by the
carbides, or because of the resoftening of the sollid solution as a
result of coagulatlon of the strengthening phases or the formation
of new phases (a and ¢ phasesg). If, at the same time, no consider-
able unfavorable changes 1n the grain boundaries are observed,
viscous intercrystallltic fracture will take place,

The example of pearllitic boller steels, whlch have been used
for a long time as tubes for superheating steam in high-pressure
steam boilers, shows to what degree the concentration of strengthen-
ing components 1in the sqlid solutlion may decrease as a result of
thelr transition in time to the carbide phase., A great reduction in
the molybdenum content in the solid solution 1s observed with 15M
and 12MKh steels when, by additional alloying with vanadium and
nioblum, the decrease in molybdenum content 1n the solid solution is
considerably less. The same can be sald of vanadium as. a strengthen-

ing element.
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Fig. 5. Logarlthmic curves of long-time
strength for varlous austenitlc steels
at 700°. 1? 1Kh18N9T; 2) EI257; 3)
Kh23N13; 4) Kh23N18; 5) EI69; 6)
EI572; T7) EI434.

2. Fracture of steel depending on the relatlonship between the
strength of the gralns and thelr boundaries. At a lower relative
grain strength, plastic deformation under prolonged rupture occurs
predominantly in the grains themselves and the test pleces undergo
conslderable elongatién and viscous rupture. At a greater relative
grain strength, when the deformation takes place chiefly on the
grain boundaries, the fracture of the steel 1s brittle and inter-
crystallitic. In steels and alloys with a greatly strenghtened
solid solutions, fracture ls always lntercrystallitic with slight
residual deformation, i.e., relatively brittle. The considerable
change in the relatlve strengths of grains and their boundaries in
the direction of a decrease of intergranular strength as a result of
the change of state of the boundary zones at the time of precepl-
tations of the phases, the formation of unfavorable stresses on the
grain boundaries at the time of the precipitation of phases with

different volumes or as a result of corrosion on the grain boundariles
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on the surface of the test plece under the influence of an external
medium, these factors, elther separately or Jjolntly, may cause an
acceleration of the creep process, particulary at the tﬁird stage,
and may also cause fracture. Such fracture 1s intergranular in
character and has, in the majority of cases, a low plasticity. The
absolute and relatlve duration of the third stage of creep, which
depends on the susceptibllity of the steel to viscous or brittle
fracture in plastic deformation, and to the formation and develop-
ment of cracks over failrly long period, also influences the shape
of the logarithmic curve. The less the tendency of the steel to-
ward plastic deformation at the third stage and, consequently, the
shorter the third stage of creep, the more likely an inflection

in the logarithmic curve of long-time strength.

We should mention that the duration of the third stage (as well
as the second) depends, moreover, on the structure of the metal and
1ts changes in time. The less stable the structure of the metal
during the prolonged actlion of temperature,‘the greater the probabil-
1ity of varlation in the slope of the logarithmlc curve "stress
verses time to fallure", and the higher the temperature, the shorter
the time before the appearance of the inflection. The duration and
test temperature at which the inflection occurs thus depend on the
composition and initlal structure of the steel. The most probable
and most frequently observed phenomenon of inflection of the log-
arithmlc curve results from structural changes caused by coagulation
and changes of dispositlon of the carbide phase, by the precipltation
of new phases (a and o phases) and by the impoverishment of the solid
solution of strengthening elements through partial transition of

the latter to the carblde phase. With metals of a more stable
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structure, no inflection of the logarithmic curve is observed as a
rule. ‘}

Figure 5 shows the logarithmic curves of long-time strength
for the steels 1Kh18N9T, EI257, EI69, Kh23N13, Kh23N18, EI434, and
EI572 at a temperature of 700°. The chemical composition of these
grades of steel 1ls given in Table 2.

By comparing these curves we see that the inflection of the
logarithmic curves is observed in EI69 steel, differing from EI257
steel only 1n higher carbon content; in Kh23N13 steel, differing
from Kh23N18 steel in the presence of the a phase from which the ¢
phase precipitates; and in EI434 and EI572 steel, which have in-
creased carbon content.

The structural instabillity caused by long heating and the re-
lated variations in the propertles of heat-reslstant materials are
also very important in the choice of a material for long service at
high temperatures. For service under such conditlons, it 1s 1in a
number of instances more advisable to use materials that are struc-
turally more stable: 1n test of short duration, the values for the
l1imit of long-time strength are lower, whilile over long perlods of
testing these materials are better than some heat-resistant aging
alloys which attain greater long-time strength over a short perilod

of testing due to the intermetallic strengthening phase.
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TABLE 2

Chemical Composition of Austeniltic Steel, Logarithmic Curves

for which are Given 1n Figure 5.

Conepianme BIEMERTOB, %
Mapra J
cTang [+] S1 Mp Cr Ni Mo w Nbd Ti
‘ 170 80| _ | _ | _ | mos
IX1BHOT | <0.42) 1,0 |<ct,5 | | N eter s
13.0 | 13,0 [ 0,45 | 2,0 | _ _
HET <0:13)<0,8 | <07 |25 | 15707 | 0,60 | Z.75 .
0,40 13.0 | 13,0 | 0,25 | 2,0
ame9 0,50 |<0:8 |<07 |55 | 750|040 | 25| — -
: 22,0 | 17,0 .
X23H18 <0,20]<1,0 |2,0 =50 | 200 — — — —
22,0 | 12,0 | b _
X23H13 <0,20|<1,0 |<2,0 | 355 | 15%
— 028 03 )0,7 | 1801 80|10 | 1,0 | 02 0,2
0.3 |~ 0,8 1,50 |20,0 70,00 |71,5 | 1.5 |05 0,5
Yo 032 05705 [120| 11,518 | 25 | 1.0 0,06
0.2 | 1,2 |1,z | 140|135 2.4 | 3.5 1.5 0,15
911 Co
0,05—0,1 V

The advantage of alloys that are structurally more stable
for long-term service is clear from a comparison of the austenitic
steel EI7T26 (Kh14N18 with 2.4% W, 1% Nb, and 0.007% B) with an alloy
having a nickel base EI437 (Kh20N80 with 2.5% Ti) whose logarithmic
curves of longOtime strength are given in Figure 6. As 1s clear
from the figure, the long-time strength of the EI437 alloy 1s greater
by 100 to 200 hr than in EI725 steel, although over long period of
testing the limits of long-time strength is conslderably higher in
EI726 steel; the longer the test perlod, the higher the long-time
strenth becomes. The heat resistance of the EI437 alloy for a

long perlod of testing can be greatly increased by strengthening
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the solid solution through the addition of molybdenum (the latter

even strengthens the grain boundarie, alloy EI4L45R).
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Fig. 6. Logarithmic curves of long-
time strength for various metals at
700°. 1) EI44BR; 2) EI7T26; 3) EI437;
4) EI695.

In the evaluation and selectlion of a material for long-term
service, we encounter requlrements for lncreases not only 1n the
limits for creep and for long-time strength but also in the yleld
point. Such requirements for heat-resistant steels intended for
running and nozzle blades of turblines and tubes for superheatlng
and.conducting steam in boller installations are unjustified. It
1s well known that the yleld point of steel can only bhe increased
by Increasing 1ts carbon content and the quantity of the strengthen-
ing carbide phase. This method, while Increasing the yleld point,
leads to a decrease in the resistance of the structure and, as it
has been shown above, to a low limit of long-time strength. All
steels possessing a more stable structure have a low yleld point,
which, under operation temperatures, approaches the long-time
strength. However, such steels are undoubtedly superior in the
fundamental heat-reslstant properties. Hence the cholce of a steel

for a long period of service at high temperatures must be made above

)
oo
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all on the basls of its heat-resistant characteristics (limits of
creep and long-time strength) and the degree of resistance of the
structure to the prolonged actlion of temperature and stress. " The
demand for an increased yleld point of heat-resistant steels is
only Jjustifled 1In the case of thelr use as disks and rotors of
turbines, where the temperature of the metal does not exceed 300 to
400° in the sections of these parts under the greatest stress. In
this case however, it would be more correct to determine the limits
of creep and long-time strength at a temperature of 200 to 400° and
to base ones calculations on these characteristics and not on the

yleld polint, which, moreover, 1is usually determlined as ¢ il.e.,

0.2’
with 1nsuffiecient accuracy.
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CERTAIN PROBLEMS OF ALLOYING HEAT-RESISTANT PEARLITIC STEEL

N. T. Gudtsov,* I. F. Zudin, and 0. A. Bannykh

Increasing the heat resistance of pearlitic steel by rational
alloying 1s a problem of great practlical lmportance. We should keep
in mind that the threshold of 550 to 570°, which at the present
time represents the temperature range within which pearlitic steel
can be used in power engineering, may be ilncreased by 30 to 50° in
the very near future.

The development of the principles of alloylng heat resistant
pearlitlc steel should help us to find compositions of steel with
qualitites which fit the requlrements of industry and which, at
the same time do not contaln elther elements, of little effect in
increasing heat resistance or elements that are of limited availa-
bility.

At comparatively low temperatures, when the processes of sphero-
idizatlon and coagulation of carbides take place very slowly, high
creep resistance can be obtained by thermal treatment of the steel
to obtain finely dispersed lamellar carbides. In practice, however,
it 1s difficult to check the processes of coagulation and spheroldiza-

tion of the carbides sufficiently to obtain a steel that will remaln
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stable 1n structure for many thousands of hours at a temperature

above 550°.

As has been shown by Mirkin and Solonouts [1], after service
at 510° for 15,000 hr, the pearlite-ferrite structure of steel with
0.5% Mo undergoes sharp changes-- inplace of the lamina of the car-
blde phase, there appear large carbides of a granular shape, located
malnly on the graln boundariles.

The addltion to the steel of such elements as chromium, moly-
bdenum, Vanadiuﬁ, and tungsten reduces the coagulation rate of the
carbides. Bokshteyn [2] considers that tungsten checks the coaguia-
tion rate of the carbldes to a very great degree. If the Influence

of the elements 1s compared in atomlc percentages.

The sharp change 1n creep resistance 1n the steel during service

may occur as a resgult of spheroldizatlion and coagulation of the car-
bides; for practical use at temperatures above 550° it 1s therefore
necessary to apply heat treatment to the steel to stablllze the
structure. The normal stfucture of steel 1intended for service at
temperatures above 500° consists of gralns of ferrite and carbide
of granular shape. The size of the ferrite grains 1s 3 to 5 on the
standard 8-mark scale, and that of the carbide particles 1s more
than 2 - 1074 mm, i.e., carblde particles are visible under an
ordinary milcroscope. This structure 1s obtailned after annealing or
normalizing with tempering at a temperature approximately 80 to 100°
above the service temperature, i.e., not lower than 650°.

The decilsive part in the change in heat resistance, if a stable
structure is to be obtalned 1s played by the composition of the
a solld solution. The basic principles which must be observed to

ensure the high heat resistance of pearlitic steel for boller con-
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struction were formulated in the works of Pridantsev and Lanska.
They are as follows:

The carbon in the steel must be converted into stable carbides
by powerful carblde-forming elements. Thls is necessary to prevent
redistribution when the steel 1s 1n service of the alloying elements
among the carbide phase and the a solid solution.

An alloylng element must be added to the a solid solution to
increase the heat resistance.

Taking these concepts as fundamental, and combining the results
of éxperiments with the equilibrium diagrams of the "iron--carbon--
alloying elements" system, we can determine the appropriate intervals
for alloylng with a particular element and also complexes of elements
which will ensure high heat reslstance in steel alloys.

Practice has shown that molybdenum, tungsten, vanadium, chromium,
niobium, and titanium have the greatest effect on hlgh-temperature
resistance.

Molybdenum sharply lncreases heat resiétance (at a temperature
above 500°) basically through the a solid solution. The addition
of niobium and titanium makes 1t possible to convert the carbon
into special carbides and to strengthen by driving out other elements
in the steel into it. There are various data for tungsten, vanadlum,
and chromium.

For example, in a relatively early survey, Grun[3] found that
molybdenum and vanadium should increase the heat reslstance of low-
carbon steel most effectively at temperatures of 400 to 500°.

Similar concluslons were also drawn by Holtmann [4]. Tamman [5]
established that tungsten and molybdenum were about equally effec-~

tive in alloying of heat-resistant steel i1f their influence 1s com-
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pared 1n atomic percentages; thls does not accord with Grunt's data.

Smith [6] considered tungsten to be as effective as molybdenum.

In general, the influence of tungsten has been lnvestigated
considerably less than that of molybdenum. Powers [7] points out
that because of its high cost relative to molybdenum,tungsten has
not been widely used in heat-resistant steel; as a result, little
research has been devoted to its influence on heat resistance, and
there are hardly any actual data on its effectiveness.

The question of the influence of a particular element becomes
clearer 1f we examlne separately its effect on heat resistance through
the carblde phase and through the a solid solution. This can be
done either by studylng the distribution of the alloylng element
between the carbide phase and the solid solution or by studying the
propertles of carbon-free alloys of lron with alloying elements.

M. M. Steilnberg [8] obtained interesting data on the influence
of alloying elements (W, Nb, Mo, Cr, Ti, Al and Ni in concentrations
not exceeding 2%) on the process of change 1n hardness with time in
tempering cold-hardened iron. Having considered the process'of re-
softening in time at tempering temperatures of 550, 600, and 650°,
the author concludes that tungsten checks the process of resoftening
and recrystallization most effectively. Niobium and molybdenum are
also falrly effective. The higher the temperature tempering, the
higher the relative efficilency of tungsten. In chromium, titanlum,
aluminum, and nickel alloys, the process of resoftening is very
little retarded as compared with pure iron. The author conslders
that the elements which should impart heat resistance to steel are

the very ones which check the process of softening and move the

"threshold" of ferrite crystallization upward on the temperature scale.
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It is interesting to note that according to Steinberg's data tungsten
alters the ferrite lattice more than molybdenum, titanium, vanadium,
aluminum, chromium, and manganese.

While consildering the influence of tungsten and molybdenum as
well as of W + Mo on the heat resistance of steel with 0.1 to 0.2% C,
Powers [7] found that the two elements were equally effective (Fig. 1).
The curves in the figure refer to values of the Larson-Miller para-
meter T (20 + log 7; T 1s temperature in degrees Rénkine, T 1s the
time in hours); 32, 36, and 39 which are respectively, the tensile
strength during testing for a short period and the tensile strength
for 1,000 and 100,000 hr at 593° (1100°F). The use of the empirical
parameter makes 1t more difficult to Jjudge quantitatively the in-
fluence of the elements, however, the tendency toWard change 1n long-
time strength wlth the change in the steel composlition is clear
enough.

We made a comparison of the influence of vanadium, chromium,
molybdenum, and tungsten on the heat resistance of iron alloyed
according to the scheme gilven in Table 1.

The total atomic percentage of the alloylng elements, determining
the degree to whlch the a so0lid solution is alloyed, was the same
for all melts. The melts were carried out with electrolytic iron
and pure metals, each melt weilghing 2.5 kg. After being forged int;~"
a disk of 10 mm diameter, the metal was annealed at a temperature
of 830 + 10°, and 1t assumed a structure consisting of ferrite grains
of equiaxial shape. After annealing, the billets, 10 mm in diameter,
were made into samples of 4 mm, and tested on a Kornilov-Prokhanov,
centrifuge. The test was carried out at a temperature of 600° under

a stress of 9.5 kg/mm® for 115 hr, after which the stress was in-
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creased to 15 kg/mm2 for 2 hr. The results of the tests (average of

two samples) are given in Table 2.

TABLE 1
Conepicanue snementon, %
N naaskx
v Cr Mo w
T-66 —_ — - —
T-67 0,82 —_— — —
T-68 —_ 0,84 —_ e
T-711 0,41 0,42 -_ =
T-72 0,41 -— 0,77 d —_ i
T-73 0,41 —_ — 1,48
T-74 — 0,42 0,77 -—
T-75 —_ 0,42 —_ 1,48
T-76 — — 0,77 1,48
T-77 0,27 0,28 0,51 =
T-18 0,27 0,28 - 0,99
T-79 0,27 —_ 0,51 0,99
T-80 -_— 0,28 0,5 0,99
T-81 0,20 - 0,21 0,38 0,74
TABLE 2
a = 9.5 Krjum® o = 15 Krius®
N nnamkux Anementm
- b wac. 100 wac. 1 2 waca
T-66 Fe 70 Caar -—
T-67 Fe+4V 60 » -
T-68 Fe 4 Cr 70 » —
71 Foe+4Cr4V 60 » —_
T-72 Fe + V 4+ Mo 9 12 38
T-73 Fe4+ V4+W 11 Canar —_
T-74 Fe + Cr + Mo 5 8 30
T-75 Fe4Cr4+ W 2 4 8
T-76 Fo-+-Mo+ W 3 6 20
T-77 Fe 4+ V4 Cr+ Mo 3 6 8
T-78 Fe4+V4Cr+ W 7 Cuar —
T-79 Foe+4+ V4 Mo W 4 7 11
T-80 Fe+4Cr4+Mo+W 5 1 24
T-81 Fe+V-4Cr+4+Mo4 W ] Cunr —
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As we see, the alloying of a iron with chromlium and vanadium
does not ilncrease resistance to a bending load. Comparatibely high
values of the curvature reading, 1indicating lower heat resistance?
were obtalned with the combinations iron-vanadium-tungsten and iron-
chromium-vanadium-tungsten; these high values are possibly connected
with the strong oxlidation of the samples durlng the test. The high-
est degree of heat resistance, characterized by a small curvature
reading, was obtalned with the iron-chromium-tungsten alloy. It
therefore follows that tungsten in eertain combilnations (for example,

with chromium) increase heat resistance at 600° through the a solid

solution at least as much as does molybdenum. The slight effectiveness

of alloying steel wilth tungsten--for example, 2.5% Cr-Mo--is due
mainly to the fact that in order to obtaln a relatively high concen-
tration of tungsten in the a solild solution of the gilven steel, 4.5%
- tungsten must be added. It 1s well known that tungsten has a stronger
tendency to form carbldes than chromium and molybdenum, and in order
to combine only 0.1% C into the carbide WaC about 3.2% W 1s needed.
But 1f we add an element such as niloblum to steel In sufficient
quantity for the carbon to combine completely into niobium carbide

in which the solubility of tungsten is slight [9], the effictiveness
of the addition of tungsten 1s beyond doubt. The influence of tungs-
ten on heat resistance of three steel melt contalning nioblium in
sufficient quantity for complete combination of the carbon into the
speclal carbilde is clearly shown.

Tests wilth a centrifuge at 600° and with a stress of 25 kg/mm?

for 120 hr resulted in the appearance of a curvature reading of 22 mm

for steel containing no tungsten (1), 15 mm for steel containing

i, Yo




1.5% W (2) and 7 mm for steel with 3% W (3) (Fig. 2).

8 & 20 30 W 50 60 M 80 80 100 M
Gpema, voc

Fig. 2. Dependence of curvature readling
on time, for steel contalning tungsten.
1) 0; 2) 1.5% 3) 3%.
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Fig. 3. Temperature dependence of the
length of the diagonal of indentation for
steel contalning tungsten. 1) 0; 2) 3%.
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The study of the dependence of hot hardness on temperature 1n
a vacuum showed that while steel which did not contain tungsten
(T-25) (1) sharply decreased in hardness at temperatures above
600°, steel with 3% W (T-27) (2) maintalned a fairly high degree
of hardness up to 700° (Fig. 3). After annealing, steel samples of
the same melt were subjected to 20% deformation by upset forging.
This increased hardness by 8 to 9 Rp units. Subsequent tempering
resulted 1n the reestabllshment of the initial hardness 1n the case
of steel from the T-25 melt (wilthout tungsten) for 2 hr at 700° and
60 hr at 650°. Steel from the T-27 melt (3% W) decreased in hardness
down to its initial value after 80 hr at 700°, but thls phenomenon -
was not observed after 320 hr at 650°.

Creep tests on steel with different tungsten contensts show
that the tungsten sharply reduces the rate of creep at 610°. The
addition of vanadium to steel containing tungsten and nioblum
(Nb/C = 10/1) results in an increase in the rate of creep. Obviously,
the vanadlum-tungsten combinatlon is undesirable 1in a solid solutions.
After creep testing for 500 hr at a temperature of 610° and under
a stress of 9 kg/mm2, steel from the T-26 melt (1.5% W) produced an
elongation of 0.259%, and that from the T-27 melt (3.0% W) produced
an elongation of 0.137%. The steel from the T-29 melt (1.5% W plus
0.5% V) underwent an elongation of 0.487% and that from the T-64
melt (1.5% W plus 1.0% V) underwent 1.520% elongation.

If molybdenum and tungsten affect the heat resistance of pearl-
1tic steel through the a solid solutlon, then by using the diagram
of equllibrium we may determine the concentrations of these elements
which cause a sharp change 1n heat resistance. Obviously, the

addition of tungsten or molybdenum in quantitles not resulting in
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the formation of special carbides of these elements will be effective
in altering the heat resistance since the solubility of these
elements in cementite 1s limited.

Let us conslder steel alloyed with molybdenum. We know that
molybdenum 18 the most effectlive element for increasing the heat
reslstance of steel. We also know that the sharpest increase in
'creep resistance is ensured by the addition of molybdenum 1n quanti-
ties of 0.5 to 1%, but that an increase in the molybdenum content to
1.5 to 2% results 1n relatively little 1ncrease in creep resistance.
For practical purposes, the alloylng of pearlitic steel with molyb-
denum in quantitles in excess of g% 1s hardly worth while, and most
research 1s limlted to the study of the Influence of molybdenum with-
in the 1imlts of a concentration of 0.0 to 2.0%.

However, as was shown by Powers [7], an increase in the content
of molybdenum in steel above 4% résults in a very sharp ilncrease of
heat resistance. The author examined four compositions of steel
with a molybdenum contents ranging from 1.9 to 5.2%. The steel was
hardened at 1150° in oil and tempered at 690 to 720° for 1 hr.
According to Bokshteynts data [2] the tempering of steel contalning
molybdenum for 1 ﬁr at a temperature of 700° leads to a nearly
balanced molybdenum content in the carblde phase and in the a solid
solutlion. With composition No. 1 (1.9% Mo), a Larson-Miller
criterion of 39 corresponds to a stress of 4 kg/mmz, which 1s
equivalent to the limit of long-time strength for 100,000 hr at 593°;
with steel composition Nr. 2 (3.4% Mo) it 1s 4.2 kg/mmz; with steel
composition Nr. 3 (3.9% Mo) 1t 1s 4.9 kg/mmz, and with steel composi-~
tion Nr. 4 (5.2% Mo) it is 6.8 kg/mm".

Thus, we may assume that in heat-resistant steel containing
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0.1 to 0.2% carbon, molybdenum 1s effective in altering heat resis-
tance for concentrations up to 1.0%, but 1s not very effective in
the interval 1 to(3.5-4)%; 1t 1is again effective when the content
is more than 4%, at least up to 5.2%.

Iet us examine the iron angle of the equlilibrium diégram of the
iron-molybdenum-carbon system [10] (Fig. 4).

An 1ncrease in the molybdenum content to about 0.7% does not
result in the appearance of carbides other than (Fe, Mo)sC. We
should polint out that a carbilde of type MezsCg may form in steel
contalning 0.49% Mo and 0.22% C at a temperature of 510° after
service for 15,000 hr under a stress of 4.5 kg/mm2 [1].

Molybdenug concentrations of 0.7 to (2.7 - 3.8)% corresponds
to a zone where two carbldes exlist simultaneous: (Fe, Mo) aC and
(Fe, Mo)eC. The solubllity of molybdenum 1s greater in the carbide
(Fe, Mo)sC than in the carbide of the cement type. The authors
give a different formula for this carbilde. I. Ye. Kontoroviech [11]
glves the formula FesMosC, and E. Beyn [10] gives the formula
FesMosCs. According to data from other research, the second carbide
that forms 1n the steel alloyed with molybdenum is not the carbilde
(Fe, Mo)gC but MooC [12].

In all these formulas at least two atoms of molybdenum corres-
pond to one atom of carbon in the carbide, l1.e., the molybdenum
content in the carblde exceeds the carbon content in weight by a
factor of 15. Consequently, in order to comblne all the carbon into
a speclal molybdenum carbide we need about 1.5% Mo with 0.1% C, and
about 3% Mo with 0.2% C (taking the carbide MoxC).

According to the equilibrium dlagram, at 0.1% C, the boundary
dividing the zones a + (Fe, Mo)aC + (Fe, Mo)eC and a + (Fe, Mo)eC 1s
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located at 2.2% Mo.

Considering that at a point on this boundary all the carbon 1s
comblned into a special carbide in which two atoms of molybdenum
correspond to each atom of carbon, we obtaln a molybdenum content

in the a solid solution equal to 2.2 minus 1.5 = 0.7% Mo.
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Fig. 4., Iron angle of the equilibrium dlagram
‘of the iron-molybdenum-c¢arbon system.

1) - a + (FeMo)s + (FesMo)eC}

2)- a + (Fe, Mo)eC;

3)- a + (FeMo)aC + (Fe, Mo)aC;

4)- a + (Fe, Mo)sC

Q

If the steel contains 0.2% C, the boundary of these zones 1is
at 3.8% Mo. Then, knowing that 3.0% Mo 13 needed to form the carbide,
we obtaln in the a solid solution 3.8 minus 3.0 = 0.8% Mo.
V. A, Delle [13] indicates that the solubllity of molybdenum in
cementite does not exceed 2 to 3% atom®, or 5% by welght.
Consequently, 1f we add to steel a quantity of molybdenum that
does not result in the formatlion of a carbide of a speclal type,
where the carbon content does not exceed 0.2% the smaller part of the

molybdenum goes 1nto the carbide, and the greater part remains in
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a solid solution. N. E. Karskily [14] furnished convincing proof of
thls fact.

In steel a molybdenum content resulting in the formation of a
specilal carbide should cause the appearance of an inflection on the
curve of "molybdenum verses creep resistance (long-time strength)."
In concentratlons corresponding to the increase of up to 100% in
quantity of the special carblde, the majority of the molybdenum
atoms go into the carblde phase, and the molybdenum concentration
in the a solid solution does not increase in proportion with the
increase of the molybdenum content in the steel. All the molybde-
numn added in excess of the amount necessary to combine the carbon
into a speclal carblde goes 1into the a solld solution, effectively
influencing the heat resistance of the steel.

In chromium-molybdenum or chromlum-tungsten steels, the heat
resistance must also be connected with'the state of the carbilde
phase and the distributlon of molybdenum or tungsten between the
a solld solution and the carbides.

Let us examine the Influence of chromium on the heat resistance
of steel containing 0.5% Mo. As shown in practice, in steel con-
taining 0.1 to 0.2% C and 0.5% Mo, variation of the chromium content
from O to 15% (i.e., the range within which the transition a— vy
can take. place) cause many changes in the value of the creep resis-
tance (long~time strength). When increasing the chromium content
from O to 1.25 to 2.25%, heat resistance increases markedly.

Above 2.25% Cr there 1s a concentration range within which heat
reslstance declines and reaches a minimum at 3 to 3.5% Cr. Further
increase in chromium content, to approximately 7 to 9% at first,

causes a slow 1ncrease 1n creep reslstance and then a somewhat more
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effective lncrease of heat resistance. A comparison of this
dependence with equilibrium diagram of the lron-chromium-carbon
system [10](Fig. 5) shows that the heat resistance increases in

the zone a + (Fe, Cr)s C, declines in the zone a + (Fe, Cr)aC + (Fe,
Cr)2Cs, and reaches a minimum approximately at the boundary of the
zones a + (Fe, Cr)aC + (Fe, Cr),Cs and a + (Fe, Cr)Ca. In the

zone a + (Fe, Cr)+Cs there is a small increase in heat resistance.
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Fig. 5. 1Iron angle of the equilibrium
dlagram of the iron-chromium-carbon

system.

1) - a + (Cr, Fe)aCsq;

2) - a + (Fe, Cr)7Ca + (Cr, Fe)23C3;
3) - a + (PFe, Cr)-Ca;

4) - a + (FeCr)sC + (Fe, Cr)Ca;

5) - a + (Fe, Cr)aC

We gilve below the results of long-time strength tests for seven
melts of chromium-molybdenum steel, in which the chromium content

was varied from O to 7.33%; the data was taken from a collection
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entitled " The elevated-temperature properties of chromium-molyb-
denum steel" compiled by W. F. Simmons and H. C. Cross[15].

The chemlcal compositions of the melt are given in Table 3.

All the melts, which were oxidlzed by ferrosilicon and aluminum,
were made in an electric-arc furnace and weighed 10 to 30 tons.

The forged metal was annealed at 840° (except melt No. 2 and
No. 7, which were given different heat treatment: No. 2 was heated
to 925° soaked for 1.5 hr, cooled in ailr to 700°, soaked for 1.5 hr
and cooled 1n the furnace; No. 7 was normalized from 950° and tempe-
red at 700°).

After the heat treatment, the microstructure of the steel showed
an equilibrium between the ferrite grains and carbldes of granular
shape.

The slze of the gralns according to the McQuald-Enn method and
the Brinell hardness appear in Table 4.

TABLE 3
Copmepwcanne wjieMeHTOB, %

T4 nadpr [+] Mn St . P S Mo Cr
1 0,13 0,49 | 0,25 0,011 0,010 0,52 —
2 0,13 | 0,47 0,14 - - 0,55 0,40
3 0,90 | 0,36 0,25 0,011 0,014 0,55 0,97
4 0,17 0,42 0,72 0,010 0,017 0,54 1,2
5 0,11 0,45 0,42 0,012 0,015 0,50 2,08
8 0,0 | 0,45 0,18 0,011 0,013 0,55 5,09
7 0,11 0,43 0,92 0,010 0,04 0,59 7,33

TABLE 4

PasMep pepHa no

aaMepn mepHa mno MaK-Tpen- DIy

g Taepxocts . Tsepnocts Hp
Mak-Kpen-28y P Bl N naasex

© N nARKE

o 131
1 6—8 121 5 6—8
2 6—7 118 6 6—8 146
3 6-8 137 7 4—6 174
4 4—5 149
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We see that steel hardness is basically determlned by the si11i-
con content; however, the concentration of chromium also affects
hardness slightly increasing it. The difference in the silicon
content observed 1n the melt examined cannot substantially change
the heat resistance of the steel, although it sharply changes 1its
properties at room temperature. A variation in the sllicon content
from 0.1 to 1.0% in chromium-molybdenum steel slightly lowers the
heat resistance; however, the influence of silicon is conslderably
weaker.than the influence of chromium and molybdenum, particularly
at temperatures above'550° [16]. Annealing at 840° ensures an
almost balanced chromium and molybdenum concentratlon in the carbildes
and the solid solutilon.

The values for the limlt of long-time strength at temperatures
of 538 and 593° are given in Fig. 6, which‘shows a clearly defined
maximum in the magnitude of the 1limit of long-time strength glven a
chromium content of 0.97% (melt No. 3) and 1.24% (melt No. 4). The
maximum appears most accentuated at a test temperature of 538° and
1s weaker at 593°. It 1s impossible to explaln the presence of the
maximum by a variétion in the graln size of steel No. 4, since steel
No. 3, which has a graln that does not differ from that of the
other melts, also has abnormally high wvalues for the limit of long-
time strength, particularly at 538°.

As we know, chromium has little effect on the heat resistance
of steel; it 1s therefore difficult to assume that the sharp change
in heat resistance within the range of chromium concentrations of
1.5 to 3.5% 1s connected with the degree to which chromium is alloyed
in the a solid solution. Obviously, the change 1in heat reslstance

is connected with the variation of the molybdenum content in the a
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solid solution. If chromium, in quantities that do not result 1n
formation of a carblde other than cementite, 1s added to steel that
contailns 0.5% Mo, some of the molybdenum atoms must be displaced
by the chromium from the carbide phase intolthe solid solution,

and the heat reslstance increases as a result of the enrichment of
the o s0lld solution by molybdenum.

The addilitlon of chromlium in quantities sufficlient for the for-
matlon of the carbide (Fe, Cr)-Cs results in a change in the ratilo
of the balanced chromium and molybdenum concentrations in the car-
bides. ~A8 has been shown by research [17], in the iron-chromium-
tungsten-carbon system, even small additions of tungsten to chromium
steel with a composition édrresponding to the range of existence
of the carbide (Fe, Cr),Cs cause the appearance of a carbide of the
type MezaCe with a high tungsten content ( ~ 20%). Obviously, a
pattern of this kind must also be observed with molybdenum. There
must therefore be a chromium concentration range within which the
carbildes of types (Fe, Cr),Cs and (Mo, Cr, Fe)23Ce exist simultan-
eously. The more carbide (Fe, Cr)7Cs forming in the iron-chromlum-
carbon system, the more carbide (Mo, Cr, Fe)oaCe with a relatively
high molybdenum content there wlll be 1n the lron-molybdenum-chromlum-
carbon system, and the less molybdenum there will remain in the a
solid solution.

A maximum concentration of molybdenum in the carbide phase will
have obviously been attalned when there 1s 100% (Fe, Cr),Cs in the
iron-chromium-carbon system. A further ‘..crease of the chromium
content in the (Fe, Cr)+Cs zone may lead to an enrichment of the
a so0lid solution with chromium and the displacement of a certaln

quantity of molybdenum from the carbides into the a solld solution.
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The alloylng of steel with molybdenum or tungsten with a
chromium concentration corresponding to the zones a + (Fe, Cr)aC +
+ (Fe, Cr)-Ca and a + (Fe, Cr);Cs obviously prevents a high concen-
tration of these elements in the a solid solutlon since they go into
the MepzsCq typre carbide. This led to the opinion that a 3 to 7% Cr
base 1n chromlium-molybdenum steels was of no long-term value in
research into steel with high creep resistance. However, if ﬁiobium,
titanium, or vanadlum are added to steel 1n quantities sufficlent
for the carbon to combine into speclal carbldes wlth there elements,
1t is possible to Influence effectively the heat resistance of steel
with 3 to 7% Cr by varying the molybdenum or tungsten concentration
in the o solid solutilon.

Conclusions

1. At elevated temperatures, tungsten and molybdenum strengthen
the a solld solution most effectlvely. Comparison of their influence
in-atomic percentages on heat resistance at temperatures of 550 to
600° shows that tungsten increases heat resistance almost as
effectively as does molybdenum.

2. The alloying of steel with tungsten or molybdenum without
the addition of elements combining with the carbon 1nto speclal
carbldes, i1n which tungsten and molybdenum are only slightly soluble,
can only be effective within a range of concentratlion which does
not result in the formation of carbides other than cementite. An
increase i1n the tungsten or molybdenum content in the concentratlon
range corresponding in the equilibrium dlagram to a zone 1n which the
two carbides exist simultaneously—-one of the cementite type .and the

other a special one-~does not substantially change heat resistance.
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An 1ncrease in content of the alloying element above the concentra-
tion necessary for the carbon to combine completely into a specilal
carbide leads to an increase in heat resistance.

3. Chromium and vanadlum are elements that do not effectively
increase the heat resistance of steel through the a solld solution.
4, The variation in heat resistance of chromium-molybdenum
steel, 1n the given variation in the chromlum content, may be re-
lated to variation in the molybdenum concentration in the a solid

solution.
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CONCERNING THE ATOMIC MECHANISM
OF AGING IN COMPLEX ALLOYS

I. L. Mirkin

Research into steels and alloys able to operate under consider-
able stress at high temperatures without suffering any large deforma-
tion (through creep) and without breaking down over a long perilod
of time is an important task in modern sclence and technology.
Progress in this .lirectlion determines to a consideralbe degree the
possibility of progress in bullding. new power 1nstallations and
engines for transportation and improving thelr operation parameters,
efficiency factor, speed, and length of service.

' The research of the last few years has shown that one of the
principal problems in producing new heat-resistant alloys intended
for very long service is that of obtaining the greatest possible
structural stabllity of the alloy and preventing, or decreasing and
retarding as much as posslble, resoftening and embrittlement during
the period of operation. It has been established that the formation
and growth of new-phase crystallites, which are precipitated from
the solid solutioﬁ when the alloy is subjected to high temperature
and stress for a long time, are fundamental to these processes.

The appearance of new crystallites of the excess phase and the varia-

tions in their dispersion and conjugation with the matrix sharply
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influence the strength characteristics not only directly but also
through a substantial impoverishment of the basic solid solution of
the alloying elements. It 1s the latter fact which often plays a
decisiye part in the resoftening of alloys at later stages. Hence,
an analysis of the laws and mechanisms of these processes and the
exposure of the fundamental factors determining thelr kinetics is
extremely important.

It 1s particularly essential here to determine the relative
part played by each factor in this complex process and to determilne
at least approximately the extent to which each component factor
contributes to the resulting rate at which the process proceeds.

A deeper and clearer understanding of these problems and an
accurate evaluation of the role of each will help us 1In our scientific
search for new alloys that have greater resistance to resoftening and
embrittlement and that are therefore most suiltable for very long
service at high temperatures.

Most modern heat-resistant steels and alloys have multiple
components; during thelr service excess-phase crystallites origilnate
and grow In them from the basic supersaturated and supercooled solid
solution.

Even in those cases where the basic stage of this precipitation
has already been completed as a result of previous heat treatment,
structural changes do not cease during service: coagulation of the
phases present in excess takes place, i.e., the dissolution of some
crystallites and the growth of others, sometimes accompanied by a
change in their composition. There is frequently a phase transition
of the precipitated crystallites and the formation of crystallites

*
of a new and more stable phase as well. Thus, nucleation of the

* However, the contemporary theory of crystallization indicates
that the growth of a crystallite is a step-by-step, multistage sedimen-
tation of two-dimensilonal nuclei on the faces of a three-dlmensional
nucleus or crystallite. Consequently, here also the formation of a
nucleus is fundamental to the p{%%gss, z




new phase 18 one of the fundamental and most important of all the
structural changes in the alloy in service,

The rate at whlch the crystallites of the excess phase origlnate
and grow depends on many factors: the degree of supersaturation
and supercoolling of the basic solutlion; the work 1nyo1ved in the
formation of an effective nucleus, determined by its size and sur-
face tenslon; the change in elastlc energy; the diffuslion mobllity of
the atoms 1n the lattlce; etec.

During the formation of a new phase that differs substantially
from the mother liquid in chemlcal compositlion, the most important
part 1s played by fluctuatiéns in concentration, as has been shown
in the research [1, 2]. Nucleation must be preceded by the formation
of a fluctuatlon zone, which, belng enrliched wlth one component and
impoverished of others, must attain (or approach) the composition
of the new phase, and thls change must deflnitely take place 1n a
lattice volume equal to the volume of the equilibrium (effective)
nucleus. The formation of such fluctuatlions depends on the difference
in concentration between the initlal and the new phase and on the
size of the equilibrium nucleus.

With the lncrease 1in difference between the compositions of the
initial and the new phase and with the lncrease in size of the
equllibrium nucleus the number of atoms of a given element; also
Increase these must, in the given instance, either collect 1in the
given zone or leave 1t, and therefore both the probablility that
similar fluctuations wlll occur and the number of such fluctuations
per unit of volume of the alloy decrease sharply.

The rate of formation of fluctuations, l.e., the number of zones

of "a glven magnitude and composition forming in 1 e¢m® of alloy in
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1 sec, also depends on the thermal mobllity of the atoms, as has
been established by research [2], and varies in proportion to the
diffusion coefficient.

By generallizing all the previous calculations concerned with
the fluctuation of carbon concentration in austenilte, which take
into account both the degree to which the glven zone is enriched in
or impoverished of carbon and the dimensions (volume) of the zones
wlth the prescribed varlations in composition, we constructed the
free-space fluctuation dilagram given in Fig. 1, taking as a model the
fluctuations of carbon atoms in a simple carbon steel of eutectoid
composition.

On thls diagram are plotted: the carbon concentration in the
fiuctuation zone (expressed in atomlc percentages) on the x axis;
the size (voluem) of the fluctuation zone, which can be expressed
as a linear dimenslon elther by the number of elementary cells of
the lattice, by the number of iron atoms, or by the normal (non-
deviated) average number of carbon atoms contained 1n that zone bqfore
the formation of a fluctuation, on the y axls; the number of fluctua-
tion zones of a given size and glven degree of enrichment (impoverish-
ment) in unit volﬁme of the alloy (in 1 cm®), expressed a logarithmic-
alloy, on_.the z axis.

The dlagrams constructed in the research [1, 2] are like flat
gsectlons of this generalized space dlagram of fluctuations.

The necessary calculations were made according to the formula

Ll

N,=N0P,'("=No'—,~|—" (1)

in which

Nf 1s the number of fluctuation zones of a given size and given
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degree of deviation from the average composition in unit
volume (1 cm3®) of the alloy;

No 1s the total number of zones of glven size (with any composi-
tion of the alloy per 1 cm®;

P 1s the probability of fluctuation formation consisting in
the deviation of the number of atoms 1in the given zone from

thelr normal {i.e., arithmetical average) number € to a ran-

dom number Jj.

o .
Cocmad yvocmra (Gom %)

Fig. 1. Space dlagram of carbon
fluctuation in austenite (steel 0.8% C),
the number of fluctuation zones Ny depend-
1ng on thelr composition and silze.

A detalled account of the system of calculations developed by
us, its conditions for use, the assumptlions adopted and the factors
left out was published in [I] and is not given here. A detalled
analysis showed that although these calculations are approximate,
their experimental verification for the case in which austenité is
converted Into pearlitie conformed closely enough with the results

of a direct test [2].
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"If we divide the whole volume of austenite in the steel into
zones each containing 12 cells (48 metal atoms), then, calculation
shows, the probabllity of a fluctuafion accretion of carbon in the
cells to a "cewmentite" concentration (16 atoms of carbon instead
of the normal 2) is P;6° = 4.2 * 107%°, and the number of fluctua-
tions 1is Np = 7.5 = 10*t,

Let us consider the conditions of the fluctuation theory of the
behavior of alloyed steel as compared to carbon steel. Let us take a
steel containing 2% chromium. In an annealed or high-tempered state
it contains, as we know [4], an alloyed chromium carbide with a
lattice of the cementite type but contalning 16 to 23[ chromium.
Thus, in thils instance, for the formation of carbide,'a fluctuation
accretion of not only carbon but also chromium must take place, at
the same time, in the same zone of the solid solutlon. However,

according to probability theory, the probabllity of the coincildence

‘'of two events 1s equal to the product of the probabilities of

occurence of each of them (we do not take into account their inter-
relation). Near the point of equilibrium or at sufficiently high
temperatures, a nearly stable carbide 1s formed during the trans-
formation. Consequently, the number of chromium-carbide fluctuation

nuclel may be expressed by the formula

Ny (C + Cr) = NoP ) (Cr) Pi® (C). (2)

It is easy to calculate that the following two facts must coincilde
in time and space in the zone of the initial solld solution of the
same size (48 metal atoms) in order to make the formation of the
carblde (Fe, C)aC possible (see dlagram in Fig. 2):

the accretion of carbon atoms from 2 to 16;
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the accrétion of chromium atoms from 1 to 8.
The probabllity of the first fact was calculated above:
P = 4,2 - 10710,
(c)
The probabllity of the second fact 1s easy to calculate:
P, Cr = 9.1 - 107 °.
(8)

a 5
£ 47gmFe,
ﬂycmellllm 4dmee, I 1amCr,
cpein cocmala 2amC
¥y 18:10%en® 2am@
i cr ¥
Jopodsiut - Japodsrut
FesC 48amFe, 4bamfe, | (Fe,Cr)C
p‘:‘"’(‘)-g. 0" Bam or —— dam(r, By=4- 1 ad
¢ -~ 6amC p(:r):y,/o-l
Begy=36-1077
No(c) 510 Yor® Np(CCr)=T7-10%cm?

Fig. 2. Diagram of formation of cementite
nuclei FeaC in nonalloyed and alloyed steel
containing 0.8% C (a) and 0.8%4 C + 2% Cr (b).

As we see, fluctuations of chromium have small probabillty, and
thils must very sharply reduce the total probability of alloyed cemen-
tite formation and the number fluctuating nuclel of this carbide
compared to simple cementlte. Actually,

N, (G- Cr) = NP (C) P(Cr) = 1,77-16%' % 4,23-16—1°% 9,10-10-8 = 6,9.1C".

As we see, the probability of nucleation in alloyed cementite
and the number of flucéqation nuclel are only about 100,000 that
in nonalloyed cementite. In the case of larger nuclei, this difference
becomes stlll greater; for example, in zones 72 metal atoms in size
it amounts to 7 orders of magnitude. Thls dependence is shown in a
generalized manner in Flg. 2 and 3, which bring out the degreeAto

which the number of fluctuations is lower in alloyed chromlum cemen-
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tite compared ﬁo simple carbide iron. Moreover the theory of

fluctuation proves that the simple cementite nuclei of the greatest
silze which may only form once as a result of fluctuation, are much
larger than alloyed ohes (116 metal atoms as against 76). Without
therefore, considering the other factors, we may expect the nuclel

of chromium cementlite to preclpitate under more pronounced conditlons

of supercooling or supersaturation and in considerably smaller numbers.

Obviously, the rate of growth of the precipitating crystallites,
which consists éf a gradual deposlt of two-dimenslonal nuclel on the
faces of three-dimensional nuclel, must also, though for the same
fluctuation causes, sharply decrease in alloyed cementite; this is
well confirmed by tests.

We should point out that in alloying, the thermal mobility of
the atoms also influences the kinetics of precipitation of the new
phase. As was established earlier [2], the rate of fluctuation
formation (r. f. f.)—-i.e.; the number of fluctuatlons forming per
unit volume of the alloy in unit time --is directly proportional to
the coefficilent of diffusion D and for a fluctuation zone of h cm is

expressed by the following formula:

c.0.p = ny = 8<LU)LI\GD- (3)

nh?

Zener [5] established that the rate of crystal growth 1s also
proportional to the coefficilent of diffusion D, and B. Ya. Pines [6]
established this more precisely. However, as shown by experiment
(4], the diffusion coefflcient of carbon Dy decreases when 2% chromium
1s added to the steel; for example, in the case of diffusion in
ferrite at 700° 1t decreases from 6.6 * 10 © to 4.5 : 10 2 cm®/sec,

i.e., by a factor of 4 [7]. This cannot substantially affect our
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conclusions. Considerably more important 1s the fact that for the
formation of alloyed cementite and accumulation of chromium atoms
is necessary in.the glven zone of the sélid solutlion, 1l.e., a
further displacement of metal atoms whose mobllity, as we know, 1s
much lower than that of the carbon atoms. We were not able to find
published data on our type of steel suitable for direct comparison.
Such data can be approximated by taking data obtalined S. D. Gertsriken
[8] on the diffusion coefficient of chromium in an iron alloy contain-
ing 8% chromium--at 1010° Dop = 6.16 * 10 °-- and for the diffusion
of carbon at 1000° from data obtained by M. Ye. Blanter [7] (see
above)-—DC = 2.5 * 1077, i.e., greater by a factor of 20. According
to other data, this difference is stlll greater and may reach a factor
of 40. In the presence of carbon, however, the diffusion of metal
is consliderably accelerated. By analyzling all these data, we may
draw the following conclusion.

The alloylng of steel causes a decrease in the precipitation of
the alloyed carbide as a result of the decrease 1ln the probabllity
of fluctuatlon as well as 1n the mobllity of the atoms, partilicularly
the metal atoms; not only is the fluctuatlon factor not secondary,
it 1s decldedly more important and more strongly affects the re-
tardation of the precilpitation of carbide in alloying than does a
decrease 1n thermal mobilility.

Indeed, as shown above, the decrease in the probablillty of
formation of the necessary fluctuation in alloylng caused a decline
1n the number of nuclel by 5 to 7 orders of magnitude, and a de-
cline in diffusion mobility by only O to 2 orders of magnitude.

These are the results of an analysis of the mechanism of the
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influence of alloylng on the precipitation of the excess phase and,
consequently, on the structural resoftening and aging of alloys in
precipitation of carbides of‘the cementite type. As we seé, the

most important factor in this problem is the sharp decline in the
probability of a fluctuating accumulation until the composition
corresponds to the new phasej;thls 1s a result of the complex composi-
tion of the new phase; and.the necessity for the displacement of
atoms of several elements (C, Cr) at the same moment and in the
microzone of the nucleation lattice of the new phase with a new

composition.

dgemyagd
= e

]
T -

 Beparegemy
=

s

Pagmep yvacmea, wuesn yinad n

Flg. 3. Diagram of fluctuation
during the formation of carbilde
(Fe, Cr)sC (steel 0.8% C + 2% Cr).

This conclusion differs substantially from the prevalling
opinion that the change in the kinetics of structure transformation
in alloying is mainly based on variations in the diffuslon mobility
of the atoms 1n the lattice. A quantitative analysls shows that this
opinion 1s not well founded and that the reduced probability of
fluctuations in concentration is at least as important as the decline
in diffusion mobility of the atoms in the alloylng of steel. We run

the risk that this conclusion as to the importance of the fluctuation
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probabllity is limited and 1s valid only for chromium-cementite for-
mation.

In order to resolve thils problem, let us examlne the process of
precipitation of phases other than cementite. Let us analyze the
case of preclpitatlon from chromlum steel of a trigonal carbide‘of
the type (Cr, Fe)Cs, which 1s known to precipitate at a sufficiently
high temperature or near the point of equilibrium even at relatlve
low chromium comcentrations. -

As we know, this carbide contains over 40% chromlum and about
9% carbon by weight. To make the analysis clearer, let us make the
calculation for steel containing 0.4% carbon and 2% chromium (by
welght) . Let us calculate the probabllity of formation, in a given
zohe, of various degrees of enrichment in carbon and chromium due
to fluctuatlons leading to the composition of a.trigonal carbide
(Fig. 4; Table 1).

The calculation shows that in thils case the concentratlon of
carbon and chromium in the fluctuation zone must increase in nearly
equal and (at the same time) very large amounts--by a factor greater
than 20. It 1s clear that phenomena of thls kind have very low
probability of occurrence, and 1t 1s completely impossible to produce
them in a large volume of 50 or 100 lattilice points. Even the forma-
tion due to fluctuations of a zone of 20 lattice polnts with the
necessary chromium enrichment has a probability of the order of 10_19
and the simultaneous enrichment of the same zone with carbon and
chromium has a probability of 10729, C(Consequently, the number of
such fluctuations per cm® of chromlum steel, NJ(C + Cr) = No (Cr) P (C)=
= ~ 10!, amoﬁnts to only several order of ten, and 1t 1s only the

smaller zones which are found in a great number.
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TABLE 1

Fluctuations for the Formation of Trigonal Carbide
in Chromium Steel (0.4% C + 2% Cr)

PagMep yuacTHa Cocras yucria

(ancNo MeTanan-
9ECHUX ATOMOD-
7 yanon) C Cr Fe

Hexoanuit TBepALIA pacTnOp HOPMASILHO=
ro CPCRHEro COCTABA « . . . .+ . + « o » 100 . 2 2 96

OAYKTYaunonutii y4acTox (cocTas paBeH
cocTasy Tpuromaneuoro xapémaa 99 C,

399 Cr) o o e e e e e e e 100 43 43 57
‘I'Bep;LIA pacTROP HOPMa/1bHOrO COCTaBa 50 1 1 49
O6oramesHuil GayKTyanmoniuiii y4acTox 50 22 22 38

. Tpepanil pacTBOp HOPMAJIBIOrO COCTABA 10 0,2 0,2 9,1
OGoraoieRBLIt AYKTYATHONNIII YHCTOR 10 4,3 4,3 6
Key:

A) Initial solid solution of normal average composition

B) Fluctuation zone (composition equal to the composition of trigonal
carbide 9% C, 39% Cr)

C) Solild solutlon of normal composition

D) Enriched fluctuatlon zone

E) Solid solution of normal composition

F) Enriched fluctuation zone

Thus 1t 1s only under the most favorable conditions and, more-
over, extremely slowly, that the trigonal carbide can precipitate
directly from a solid solution in chromium steel with a low chromium
content. In the majority of cases, a carbide of the cementite type
with a chromium content close to the average composition of the
steel will be precipitated at first, and this wlll be converted intou
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a carbide of the trigonal type gradually and only after a long period
of time, during which the chromlum content is increased; this 1s
confirmed by direct testing.

The extent of the role of enrichment probablility is apparent
in this case, from the fact that a carblde of the cementite type
without chromium enrichment (see Fig. 4) produces without accretions
107 per cm3 wilth 20 polints and a maximum fluctuation of about
120 adjacent points--not 20, as occurs with a trigonal carbilde.*

Thus, fluctuatlion of concentrations plays an extremely impor-
tant part in the problem of formation of stable and intermediate
phases during the transition. This part becomes much greater stlll
when a sharp change of concentration is necessary for the formation
of the new phase, not only in one but 1ln two components--in carbon
and chromlium at the same tlme, as 1n precipitation of a trigonal
or cublc (Cr»sCs) carbilde 1n chromium steel.

To sum up the results, Table 2 and Flg. 5 show a comparison of
the curves of the number of fluctuatilons Nf per cm3 of steel as a

function of the slze of the fluctuation nucleus n (number of points)

¥ In a less distinct form, but based on the same principle it
is possible, 1n many cases, to explain the primary formatlion of
enriched cementite carbide, since it may contain up to 20 to 25% Cr,
while trigonal carbide showed contaln as much as 40% and often even
70% Cr 1n its compositlion. This also explains why trigonal carbide
forms more easily'in steel that contains a hlgher percentage of

chromium.
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for varlous cases of precipitation of carbide from austenite. Curve
1 shows.the precipitation of cementite FeaC in carbon or chromium
steel (but without change in the carbide composition with respect
to chromium) as compared tc the initlal solld solution; 1in £his
case, the maximum size of the sectlon nmax’ in which the concentra-
tion may increase up to the composition of cementiﬁe attains 116
adjacent lattice points, and for a size of n = 16, we obtain N, =
= 1018/cm3. Curve 2 shows the precipitation of chromium cementilte
(Fe, Cr)sC, containing about 16% chromium in a steel (0.4%C) with
2% Cr and gives np,, = 76 péints; at n = 16 polnts, the number of
nuclel is Nf = 10'® ¢m®. Larger nuclei are found in considerably
smaller numbers than nuclel of simple cementite FeaC; for example,
at n = 60,

NyFe,C) = 10% cm; a N, (Fe,Cr);C = 104 cm®;

Curve 4 for the precipitation of trigonal chromium carbide (Cr, Fe)

7Ca-- contalning about 40% Cr--in the same steel--containing 2% Cr--

indicates a sharp decrease in the size of the maximum nucleus up to
Npax = 22 points and lndlcates a still sharper_decrease in the

5
number of nuclel with n = 16, up to Ne = 10 /cms.

L i i M 1 ]
0 w w & N w2
Yucro yanod n, paswep yvacmra

Fig. 4. Diagram of fluctuations in

the formation of carbide (Cr, Fe)zCa
(steel 0.4% C + 2% Cr): 1) Ny (FeaC);

2§ Ne¢ [(Cr, Fe)7Cal]; 3) PCr [Cr, Fe)a3Cal;
4) P{c + Cr) [Cr, Fe),Ca].
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TABLE 2

Number and Size of Fluctuation Nuclel of Varlous Phases

Yueno saporumek| Pasmep sapo- s yanonﬁ M':::,:
# Bunensmomanca ManbHHA pa
(n-.qrpnunu?::::uerﬂn. %) dana Nyowt “"“l'):n:‘er’“‘;“" ally;'c;ngn;acn 1
Kapbmau
- t
0AC . FeyC 1.101 16 116 yanos
040 4 2Cr (Fe, Cr)aC 1.10 16 76
040G+ 6,7Cr (Cr, Fe),Cy 3-1010 16 34
0,4C+ 2Cr (Cr, Fe)iCs 1.10* 16 22
HETepMETANARIAR
15C+8Ni (cKOpOCTS 38PO- ¢ 2.40m 400 1000
wenns) o 1014 cm?/cer 500 yanos
INCr 4 8Ni 4- 3,6Mo ° 1.10¢ 400 500-
(¢KOPOCTL  3APOKIEHBA) o 10° cm®/cex 500 !
0Ni 4 20Cr 42,5 Ti 4 a’ 3.101 500
+0,6Al 16.100 100 120.

Curve 3 shows the precipitaéion of the same trigonal chrgmium
carbide, but from a salt* of high chromium content (6.7% Cr) and

not 2% as in the previous case, In this steel we may obtaln

larger nuclei (nmax = 34 points) and we méy obtain them in greater
quantitie (for example, with n = 16, Ng = 3 - 10'°/cm3) than in

steel with a low chromium content. The results obtalned demonstrate
clearly that the fluctuation theory explains the appearance of
intermediate phases and carblde transformation when the alloyed steel
is kept at a high temperature for extended periods. However, we
should mention that even the isoclated three-dimenslonal nucleus of

8 elementary cells contalns 63 metal atoms when the lattice 1s face-

* Translators note: As in original. This should probably read
steel.
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centered if we also take into account all the atoms forming its
surface. We can hardly assume that the nucleus of the new phase has
a cube edge length of less than two lattice constants. Nevertheless,
as shown by the curves of Figure 5 and by the above-mentioned examples,
in a series of cases--for example in the case of the formation of a
trigonal carbide--even a nucleus of the size (63 metal atoms) will
hardly ever form, and the direct and nonincubated (i.e., without a
very long formation perlod) precipitation of the trigonal carbide
from the solid solution (particularly favorable conditions excepted)
will therefore fall to take place in the majority of cases. An 1in-
direct confirmation of this conclusion is furnished by results from
the research [12], according to which a trigonal carbide was found
in steel containing 2% Cr only after several hours, and in steel
with 6.7% Cr after several seconds of soaklng at 650°. .

The process 1s conslderably facilitated when the new phase is
grown on the face of an already existing crystal without loss of
coherence. A two-dimensional, one-layer nuclel of the same linear
size (2 constants X 2 constants) contains only 13 atoms in the
lattice of a face-centered cube, while 1t contalns 25 atoms when the
size 1s 3 constants X 3 constants. Thils does not exceed the number
of atoms in maximum fluctuation (see Table 2). Consequently,
elementary carbide-crystal growths or their formation on a ready-

Amade base may occur in great numbers not only 1n the case of chromium
cementite but also with trigonal carbide. Moreover, thils possibllity
i1s realized even 1n steel with a low chromlum content.

Let us consider the problem of the precipitation of crystallites
of intermetallic compopnds in alloys. The question of the probability

of the formation of concentration fluctuatlions 1s of paramount
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importance not only in the case of the precipltation of carbides,
but also in intermetallic compounds. We know, for example, that
in austenltic chrome-nickel types of steel o phases may form
causing hardening and embrittlement of the steel in varying degrees,
depending on the conditions of heat treatment aglng, and service
at high temperatures. Research [10] has shown that with a steel
containing 0.06% C, 8 to 14% Ni, 18% Cr, and 3.5% Mo, a o phase
precipitates. This has a composition of 28% Cr, 4% Ni, and 12% Mo.
Calculation accordling to the theory of concentration fluctua-
tions shows the relatlve role of the probability of accumulation
of atoms of certaln elements 1n the production of a concentration
corresponding to the new o phase. In thls case, we should take in-
to account not only the need for accumulation of an lncreased num-
ber of chromium atoms in the zone of the future o phase but also
the departure of some of the nickel atoms from that zone (Fig. 6).
The role played by the components which do not enter into the new
phase but which sometimes exert a strong effect on the probabllity
and rate of its formation and growth must be particularly emphaslzed,
since no importance has previously been attributed to this factor;
nevertheless, in some alloys--for example, those with a high nickel
content--this role 1s very great 1n the formation of an a' phase and
it also explains, to a considerable extent, the increased heat
‘resistance and durabillty of those alloys (containing tungsten,
molybdenum, and niobium) which seldom enter into the composition of
the a' phase. Calculétion according to the theory of fluctuations
shows clearly that 1in a chrome-nickel steel the factor of chromlum
accumulation and the factor of nickel 1mpoverishment have a commen-

surate magnitude during the formatlion of the o phase. For example,
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in a zone 500 atoms 1n size the necessary enrichment with chromium
has a probability Pg, = 6.4 ¢« 10”7, and the nickel impéverishment
Py;y = 5 ¢ 10 °. As a result, the number of fluctuation nuclel of
2 ¢ phase 500 atoms in slze in chrome-nickel steel amounts to:

N3 (Cr + Ni) = NoPC,PN, =1,7-10%.6,4-10-7.5.10~% = 5,4-10%/ca3.

A series of similar calculatlons, generalized 1n the dilagram
(Fig. 7), shows that the maximum size of the ¢ phase nﬁcleus of
normal composition able to orlginate directly from the ‘homogeneous
solid solution_(austenife) in a simple chrome-nickel steel as a
result of concentration fluctuations without forming intermediate
transitory phases 1is about 1,000 atoms. Numerous smaller zones
originate, reaching an order of 10° =zones per.cms of steel, and

attalning 700 atoms in size. Howéver, i1f we further alloy the steel

with molybdenum, the situation changes qulte substantially.*

* We do not examlne here ‘the variations in the diagram of state,
temperature, and concentration corresponding to the equilibrium the
degree of supersaturation, or other thermodynamic factdrs affecting
the steelts tendency toward preclpitation of the ¢ phase when
molybdenum 1s added to it. Because of these factors, the real
quantity of the o phase formed may substantially change with the
additlion of molybdenum to the steel, but this wlll happen for reasons

completely different from the kinetic problem under consilderation.

e




Wny

*20, l F

10—
.§ 0 N 71T
2 NN T
x-0 7
> N
. \i\\\\
§ A \\
¥ T~

40\

w20 W W 30 60 W 80 N W
Yueno yanod n, paswep yvacmra

Fig. 5. Comparison of the
number and slze of fluctuation
nuclel of varlous types of
carbides.

Actually, in thils case the formula for the number of fluctua-

tions is:
Njo (Cr 4- Ni + Mo) = NP PriPuos

i.e., an additional multiplier P appears in the equation, indicat-

Mo
1ng the probablility of an increase in the concentration of molybdenum
from 3.5% in the solid solut;on to 12: 1in the o phase. By trans-
formling these numbers into atomic percentages, we calculated that
for a zone of 500 atoms the probablllity for such an accumulation of
molybdenum amounts to Py, = 4.6 ° 10 *°; 1.e., 1t is almost as
difficult to effect this accumulatlion of molybdenum atoms as
simultaneously to accumulate chromlum 1n the given zone and displace
nickel from i1t. On the strength of this, the number of fluctuations
of the o phase declines disastrously when molybdenum 1s lntroduced;
1t decreases by a factor of 10°:

Nyo (Cr + Ni +Mo) = 2,5/cm®.
and the maximum slze of a possible fluctuation nucleus decreases
sharply: 1n steel without molybdenum it amounts to about 1,000 atoms,

and in the presence of molybdenum 1t amounts to not more than 500

(see Fig. 7).
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The analysis we made shows that an additional alloying with
a new element sharply retards the resoftening process, owing to the
fact that the growth of crystals and strengthening phases 1s made
difficult as a result of the extremely sharp decrease in the probabl-
1ity that the prescribed fluctuation variation 1n concentration of
the gliven zone wiil take place 1n respect to many components at the
same time. Thus, the fluctuatlon theory may explain the phenomenon
frequently observed in tests: less resoftening of the ailoy over
a long period f service and an improvement--partially dependent
on this in its heat-resistant propertiles when its composition be-
comes more complex, and 1t 1s, in addition, efficlently alloyed with
new components. The latter fact is so intrinsically apparent that
some researchers even connect the degree of the alloys heat resistance
with the number of components forming it; 1n fact, they consider thils
to be the main criterion. So simplifiled an interpretation is, of
course, incorrect. But analysis on the basis of the fluctuation
theory clears the Way for a sclentific treatment of this question.

Proceeding from the fluctuatlon theory, we should point out
that the precipitation of the o phase from the @ or A solution must
take place much more readily than from the vy solution. Indeed, we
can reckon from the data -obtained from research [10] that the nickel
concentration hardly changes during the a--g¢ transition (1t decreases
by half during the y--0 reaction) , whereas the chromium and particu-
larly the molybdenum concentrations increase to a conslderably lesser
degree than during the y--o transition in the same alloy (see Fig. 5).
We should add that diffusion in the a solution also takes place faster
than in austenite. Therefore, both the probability and rate of for-

mation of the necessary fluctuations increase considerably during
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the a-o reaction.

The result 1s a considerably faster precipitation of the o phase
from the a or A solution than from austenlite. This fact has been
frequently observed in experiments.

The question of variations in the degree of structural conformlty
between the lattices of the s0lid solution and the precipitating
rhase 1in alloylng and transition from the y--o reaction to the a--o
reactlon calls for special 1investigation.

Lett us conslder the questlion of the thermal mobility of the
atoms in the lattice. -As has been established by research [2], the
rate of fluctuation formation, i.e., the number of fluctuatlon zones
nuclel of a prescribed composition and size originating per unit
volume of the alloy in unit time, 1s directly proportional to the
diffusion coefflcient. The rate of crysta; growth has the same
dependence on diffusion., It 1s well known that the diffusion co-

‘efficient varles substantlally in the case of addltlonal alloylng.

Let us try to determlne the role of thermal mobllity of the atoms

in thls problem. At the present stage of our knowledge, an accurate
solution of th}s problem 1s hardly possible since it 1s very difficult
strictly quantita%ively to allow for the variations of mobllity of
the atoms of each element participating in the concentration
varlations of mobilllty of the atoms of each element partilicipating

in the concentration varlations during the formation of the new phase,
and there are no experimental data on record for the diffusion co-
efflclent of each element for alloys having the composition 1n which
we are interested. We therefore restrict ourselves to an approximate
evaluation of the role of the diffusion factor, on the basis of
available data published over the last few years [8, 11, 12]. An
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analysis of these data shows that although the coefficients of
diffusion of the atoms of various alloying elements 1n steel and the
coefficient of self-diffusion of 1ron are considerably different,
they are quantitles of the same order. Thus, the diffusion coef-
ficients of chromium and tungsten in iron at 750° are 0.5 * 10 ‘%
and 2 * 10 2, respectively, and the coefficient of self-diffusion

of iron is 2.8 * 10 ‘2 cm®/sec; at 850°, the respective quantities

“12 om?/sec..Consequently, the rates of

are 19, 34, and 47 < 10
diffusion of the separate metallic components of the steel differ

by the factors of 2 to 5. It can also be shown that when the
effective diffusion coefficient 1s determined, each of the components
enters 1lnto the equation with 1ts own statistical weight, which re-
duces the difference between them still more. Thus, 1in calculatilons
with an accuracy of up to half an order, we may safely use the value
of the effective diffuslon coefflcient, or the quantity D, for one

of the metallic components (for example, for iron atoms), thus
characterlizing the thermal mobillty of all the atoms of the given
alloy.

The second assumption which should be adopted for an approxi-
mate calculation, in view of the absence of data for an alloy
corresponding exactly to our compositlon, is that the additional
alloying of two alloys of the same type wlth a glven element pro-
duces in each the same change 1In diffusion. We find this to be
roughly the case for the self-diffusion of lron when it is alloyed
with chromium, if we compare the data for iron + chromium alﬂoys
with iron + nickel + chromium alloys. The diffusilon coeffic%ent

of iron in austenitic nickel steel at 1000° decreases from 0.8 °* 10 !?

if 3.5% Mo is added to the steel (l1.e., by a factor of about 5 [12]).
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This difference increases with the fall in temperatare. Let us use

the dependence of diffusion on temperature that was established

for these alloys [12], and let us calculate the value Dpe at 2B
since we have no data from direct tests at this temperature. We
then find that by the addition of 1.8% Mo the diffusion coefficient
at 723° decreases by a factor of 1 * 102, and with the addition of

4 ,5% Mo, by a factor of 2.5 * 10%®. Thus, in our steel the addition
of 3.5% Mo must reduce the rate of formation of phase nuclei through
retarding diffﬁsion by a factor of less than 10° and through decreas-
ing the fluctuatlon probabllity by a factor of 104 to 109, depending
on the size of the nucleus, as has been shown above.

We tried to determine the rate of precipitation of the o phase,
taking the diffusion rate into account and approximately calculating
ne (the number of fluctuation zones forming in 1 cms of steel 1In 1
second) using the formula (3) quoted above. As we know, the rates
of nucleation and growth of the crystallites of the precilipltating
phase depend on that quantity. It was found that the rate of for-
mation of "o fluctuations" sharply decreases: a) with an increase
in the size of the o phase nucleus; b) with an increase in com-
plexity of its composition; and c) wilth the temperature decrease of
the process.

Thus, for example, in steel containing 18% Cr and 8% Ni (without
molybdenum) and at a temperature of about 700° C, taking the effec-
tive diffusion coefficient D = 10 *° cm?®/sec, the " o fluctuations"
that‘are less than 1,000 adjoining polints in size form at a tremendous
rate; millions of nuclel form in 1 em® per second when the size is
1000 points; thils number becomes small only when the size increased

to 1400. In steel of the same composition but additionally alloyed
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with molybdenum, the rate of precipltation 1s much lower and the
possible zones are considerably smaller. Thus, with 3.5% Mo (assum-

17 em2/sec) about 10 cm®/sec " o fluctuations" 500

ing Dyep = 10
atoms in size, are formed, while thls number amounts to 104 cm®/sec
in steel without molybdehum. Hardly any o phase zones of more than
600 atoms originate in steel containing molybdenum (the rate falls
below 1 nucleus per em® per sec). Thus, the analysls we made shows
that the addltional alloying of a complex alloy wlth a new component
may sharply reduce the.rate of formation of nuclei new-phase as well
as the rate of their growth, both as a result of the decrease 1in the
probability of concentration fluctuatlions and of the decline in the
thermal mobllity of the atoms. The filrst factor, 1s however, con-
siderably more influential and, in some instances (for example, wlth
large nuclei) 1s even dominant. A simllar calculation confirmed
the valldity of this concluslon also for the formation of carbildes
of varlous types.

This concept substantially differs from the wldespread opinion
that additional alloying retards phase transitlon mainly by in-
creasing the bond strengths within the lattice and by reducing the

thermal mobility of the atoms in it. Without denying this hypothesis,

we must point out that the factor of probability of fluctuatlion of
state has a stlll greater influence in thils direction.» At the same
time we should remember that other lmportant factors 1in alloylng--
changes in the difference between the free energles and the work
of nucleus format;on (i.e., between the surface tension and the
size of the equilibrium nucleus) have not been calculable so far

in the case of alloys of a complex composition.

Let us now analyze, on the basis of the fluctuation theory, the
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process of precipitation of the strengthening phases in nonferroys
heat-resistant alloys. Let us take as an example an alloy of the
"nimonik" type, which has a nickel base, 1s strengthened with ti-
tanium and a small quantity of alumlinum, and which, during aging,
precipitates an a' phase of the type Nig(Ti, Al) with a face-cen-
tered cubic lattlce. Data on the chemical composition of this

alloy and its preclpitation phase are given in the work of G. V.
Kurdyumov and N. T. Travina [13]. These data, converted into afomic
percentages, aré glven in Table 3. Disregarding a small quantity of
titanium carbide (less than 0.02% C in the alloy), we shall assume
that after hardening we have a homogeneous solld solution. We see
that for the formation of an a!' phase nucleus, the number of titanium
atoms in the given zone of the solid solution, which contains 100
adJjoinling points, has to lncrease from 3 in the 1nitial solutlon to

16 in the fluctuation nucleus as a result of fluctuations in con-

.centration (i.e., by a factor of more than 5. Furthermore, enrich-

ment in aluminum 18 necessary at the same time (4 atoms instead of 1)
although to a lesser degree. Finally, a simultaneous and, moreover
greater lmpoverishment of chromium is essentilal in the glven zone
there were 23 chromium atoms, in the initial solution but only 2
showed remaln in the nucleus.

Let us determine the probabllity for each of these conditlons.
We will make an approximate calculation uslng the Polsson equation,
which 1n essence, does not take 1Into account the interactions of the
different atoms and the statistical correlation of displacements.
However, as has been shown in the investigations made by B. N.
Finkelt'shteyn and B. Ya. Lyubov, taking this correlation into

account only introduces a small correction in the result; this
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correction usually does not exceed 10 to 20%, as compared to the

method proposed by us [2] and makes the calculation much more ‘)
complicated.
TABLE 3
lements
Cr T1 Al Ni
Composition of alloy, wt. % 20.15 2.48 0.6 base
Composition of alloy, atom % 23.2 2.85 1.23 base

Composition of precipitating
phase during aging (700° - 16
hours), wt. % 2.0 14.0 2.0 base

Atom % 2.14 16.25 4.2 base

As we see, two fluctuation processes have the lowest probability:
the enrichment in titanium and the impoverilishment of chromium. The
latter was not normally taken into account, although it proved to be
extremely essential and no less important in its role than the enrich-
ment in titanium. In thils connectlon, we must mentlion another im-
portant conclusion, which is signiflcant in principle. In the
study of these alloys we are primarily concerned with the role of
the component which 1s fundamental 1in the formatlon of the new
phase (titanium, for example). Calculation shows, that however,those
components not directly contalned in the new phase may play and im-
portant part and strongly influence the klnetics of precipitatilions
and growth of crystals of the new phase, since the probability of
thelr leaving the given zone 1s scmetimes of the same order of
magnitude as that of the fundamental new-phase components entering

this zone. It 1is clearly this fact, not taken 1nto account in the ‘}’
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theory, that partially explains the great influence of tungsten,
molybdenum and other alloying additions that do not accumulate in
the new phase (at) but greatly affect the kinetics of its precipi-
tation and growth. The increase 1in heat-resistant properties of
such complex alloys can also be partially explained by this calcula-
tions. The probabllity of nucleation of the new phase-decreases
particularly sharply since, as has been shown above, it 1s necessary
for this purpose to have a simultaneocus change in concentration of
many components 1n the same zone of the solid solutlon.

Thus, the formation of a nucleus of the a' phase in a zone w;th
100 adjoining points has an effective probability P ( o!) equal to:

P(x') =P(Cr)P(Ti)P(Al) = 2,27-10-2.1,65-10~8.1,53.10-2? = 6,84-10-1, -

Application. According to the data obtained by R. B. Golubtsova
and L. A. Mashkovich (DAN USSR, 106, 1956)* if this alloy ages for a
long period at 800°, the at phase contains more chromium (2.5 to 8%
by welght), considerably more aluminum (3.6 to 14.6%) and as much
titanium (11 to 14%). Therefore, P (Cr) will be greater, and P (Al)
conslderably less tban the values calculated by us. However, the
overall total quantities P (at) and Ng¢ (a') do not change as sharply
since they are a product of P (Cr) P (A1) P (T1).

We may then calculate how large a number of fluctuation nucleil
of the a' phase of varlous sizes Np (a') can exist in a unit volume
of the alloy . 7

Ny (') = NoP (&) (Cr + Ti + Al).

No 1s the total number of zones of a glven size of any composi-

* [Proceedings of the Academy of Sciences of the USSR].
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tion and it can be determined since we know the lattlce constant of

the alloy in a hardened state from research [13], do = 3.562 A.

Consequently, the number of elementary lattice cells 1n 1 cm® of

alloy Nie17 is N 1

= @ge 1o
= 2,214-10% cum?,
Taking into account that there are 4 atoms per cell in a face-

centered cublc lattice, we find that the total number of zones

100 atoms 1in size 1in 1 em® of alloy amounts to

N_. 4 N 2,214.10%
No(100) = 8- — —m = =T

Let us now calculate N, (at)~--the number of fluctuation nuclei

= 8,86-10%/cm>.

of the a! phase, 100 atoms in size:
V(@) = Ny (100) P («) = 8,86+10%.6,84.10-18 — 606-10%/cm.

Thus, the analysils shews that the fluctuation zones which in
composition approximate the a! phase in a "nimonik" type of alloy
are small in size. If we make similar calculations for zones of a
different size, the results obtained can be expressed'in'the form
of the diagram (Fig. 8). As this dlagram shows, the maximum size
of a phase nucleus able to originate spontaneously as a resuit of
concentration fluctuation in an alloy of the "nimonik" type 1s very
small, viz.: 120 atoms. But such zones do occur, even 1f they
are very rare. Only smaller fluctuations are present in larger
quantities. Thus, for example, there are 10® zones of 75 adjoining
lattice points per cm® of alloys. Thls predetermines the necesslty
for higher supersaturation and supercooling of the solld solution for
the precipitation of a crystal of the new phase, or the possibililty
of 1t forming only on a ready-made base or under some other favorable
conditions.

The independent existence of a three-dimensional nucleus of a
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very small size is hardly possible. In practise, one would therefére
expect zones to form that do not attaln the composition Nia (Al, T1)
but are nearer to that of the initial solid solution and grow under
conditions of a coherent bond with the fundamental lattice. 1In this
case, the input of work for the formation of a separation boundary
(surface energy) decreases considerably and even approaches zero, while
the nucleus assumes a two-dimensilonal character.

Experimental data from an x-ray structural analysis confirmé
the theoretical conclusions given above. In partlcular, the forma-
tlon of a cublc at' phase of the NisAl type, as an intérmediate phasé
even when there is a small quantity of aluminum in the a119y and the
absence of direct precipiltation of a hexagonal phase of the N1sT1
type during the early stages of aglng are sufficlently covered by
theory.
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CONCERNING THE RELATIONSHIP BETWEEN THERMODYNAMIC MAGNITUDES i
AND THE STRENGTH OF ALLOYS AT HIGH TEMPERATURES

M. P. Matveyeva, L. I. Ivanov, and L. N. Bystrov

Study of the behavior of alloys under stress at elevated tempera-
tures had led to the necessity for studylng the relatlonship between
the strength of alloys and the strength of theilr interatomic bond.

.As we know, the energy of the interatomlc bond is characterized by
such physical factors as heat of sublimation, melting polnt, activa-
tion energy in diffusion and self-diffusion, etc. Furthermore, the

values 1ndicating the nature of the interaction between homogeneous

and heterogeneous atoms in an alloy play a great part in the study
of alloys.
In our bpinion, the strength of the interatomlc bond 1s character-
" 1zed, first of all, by the heat of evaporation, although 1t should
also be borne 1n mind that the heat of sublimation 1s a value which
1s structurally almost 1mperceptible and is averaged out for a cer-
tain volume éf the materilial; as for the nature of thg 1ntepacﬁion of
like'and unlike atoms, the thermodynamic activity of the combonent
l1s a very perceptible factor. '
It should be mentlioned that until now no sufficlently reliable
methods have exlisted for measuring the‘partial values of thermodynamic

factors for alloy components at elevated temperatures, particularly
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in the s0lid state. The use of radloactive 1sotopes as indicators
has not only made it possible to lmprove the old methods, but also
to develop a series of methods which are new in princlple and based
on the study of isotopic exchange. As a consequence, thermodynamic
data for a number of solld solutions of blnary alloys have recently
been published.

The aim of the present work was to obtaln data characterizing
the variation in the heat of sublimation of one of the components
of a ternary alloy and to relate these data to the strength of alloys
at high temperatures,

In our investigations we used the method of so-called unllateral
i1sotoplc exchange developed at the Instltute of Metallurgy of the
Academy of Sclences of the USSR, using the devlice shown in Fig. 1.

In the working area of the device (a high-temperature vacuum furnace
are simultaneously placed 10 pairs of samples (of like or unlike
composltions) enclosed in small corundum (‘torundiz") cups (7). Two
test samples of the same chemlcal composition are placed in each cup:
one is small and radioactive (9), and the other large and nonradio-
active, serving as the target (8). The corundum cups, ground for
close filtting, are set up 1n a column, placed in a special contalner
made of sheet molybdenum, and put 1lnto a molybdenum heater. The
heater and the electrodes supplying current are covered with a copper
hood which has a small réceptacle on one slde for activated carbon.

A sufficlently high vacuum (1 * 10 ° mm hg) is created in the system
by pumps (types RVN-20 and TsVL-100) a trap cooled by liquild nitrogen

and the activated carbon.
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Fig. 1. Diagram of the device for isotopilc
exchange: 1) copper hood; 2) receptacle

for activated carbon; 3) molybdenum heater;

4) shields; 5) electrodes; 6) rubber seal;

7) ceramlc cup; 8) target; 9) sample contain-
i1ng radiocactive 1sotope.

Next, the samples are heated to the prescribed temperature at
which the soaking appropriate for_the conditlons of the test is to
be carried out. .The temperature is controlled by means of three
platinum énd platinumrhodium thermocouples with the ald of a PPTN-1
potentiometer. The accuracy of the temperature measurement is 1.1-50'
By successive annealing at the same temperature and by measuring each
time the radloactivity of the sample that was not radioactive at the
beginning of the test, we obtain data for calculating the rate of
evaporation and vapor tension.

The samples are in the shape of disks 1 mm thick and 16 and 4 mm
in diameter. The surface of the larger sample 1s made highly cor-

rugated so that 1ts area willl be increased. The samples are made by
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fusing alloys of the same chemical composition, the radioactive 1is-
otc_>pe being. added to the smaller sample elther directly during the ()
melting or by irradilation with thermal neutrons.

For the investigation we selected alloys of the ternary system
chromium—molybdenquiron, which were in the plane of two cross-sec-
tions and had constant chromium contents of 55 and 65% (Fig. 2).

At a temperature of 1150°, the selected alloys are in the zone
of the homogeneous solid solution a and in the two-phase zone a + O.
We should point out that at higher test temperatures the alloy
containing 10% Mo and 55% Cr is on the very boundary of the zone
a + g.

Electrolytic chromium, electrolytic iron approximately'99.9%
pure, and 99% pure molybdenum were used as starting materials. The
alloys were made 1in high-frequency induction furnace in a hellum
atmosphere.

The radloactive 1isotope Cr51 was obtalned from the stable 1so-
tope Crso by direct irradiation of the samples with thermal neutrons
in an atbmic reactor. At the same time 1t 1s possible to obtain

simultaneously the radioactive 1sotopes Fe55 and Fe59

and geveral
short-11ived molybdenum isotopes, among which 1s Mo®®, which has a
short half-l1ife of 67 hours, along with the radioactive i1sotope crot,
The radloactive isotope Fe55 has only K-capture, which results in the
emlssion of x-rays that do not register 1f glass or metal counter
tubes (STS-6) are used.

Thirty or forty days after irradiation there i1s practlically no
radloactive molybdenum left in the alloys.

When the alloy iron content is high, the formatilion of the radio-
active isotope Fe®® will be very small, in view of the fact that
O
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the effective cross section for neutron capture by the stable iso-
tope CrS° 1s 30.5 times as large as the effective cross section

s8
for Fe capture, while the percentage of cr°°

in natural chromium
is 13 times that of Fe”%. .

The test were carried out at a temperature of 1150-1250°. Fig.
5 shows the variatlion in the heat of sublimation as a function of
the molybdenum content in alloys contailning 65% (1) and 55% (2)
chromium. As is clear from Fig. 3, in alloys contalning 65% chromium
the heat of sublimation rises wilth the increase in molybdenum content.
Alloys containing 55% chromium have a maximum heat sublimation when
the molybdenum content is about 20%.

If 1t 1s assumed that the lonization energy of the chromlum
atoms depends only slightly on the iron and molybdenum concentration,

then the lncrease in the heat of sublimation indicates that these

alloys may have a tendency toward the formation of a stronger bond

‘between the heterogeneous atoms of which they are composed.

Consequently, proceeding from the thermodynamlc data, we may

assume that alloys contalning 65% Cr will be stronger if the molyb-

‘denum content is over 15%. Apparently there 1s a higher value in

these alloys for the bond energy between the atoms of chromium, = _
molybdenum and iron. Among the alloys contalning 55%'Cr, those

lying in the formation zone of the o phase will be the strongest.

Since these are two-phase alloys, however, the views expressed earliler

regarding blnary solid solutions may not apply to them.
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Fig. 2. Isothermal cross section
of the system chromium-molybdenum-
iron at 1100°.
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Fig. 3. Variation in heat of sub-

limation A H, depending on the iron
and molybdenum content.

In order to verify this assumption, we determined the mechanical
strength of the alloys at a temperature of 1150° by following two
methods: With 65% Cr by the centrifugal-bending method.

With 55% Cr by a method of torsion in a vacuum at high tempera-
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ture with the use of a specilal device.

The tests by the first method were carried out under a load of
0.5 kg/mm® for 20 hours. The results of these tests confirm the
above assumption.

The higher heat-of-sublimation values correspond to the alloys
with a lower bending deflection, and, as shown by analysis of the
values of thermodynamic activity, thls increase tends to be exponen-
tial.

As we have already stated, a speclal device (Flg. 4) was used
for the mechanical testing of the alloy containing 55% Cr; the
operating principle of this device involves twisting the sample
under a torque that increases linearly wlith time.

The sample, which 1s cylindrical 1n shape and has a dlameter of

4 mm and a length of 15mm with square tips, 1s inserted in molybdenum .

clamps and placed in a microfurnace made of sheet tantalum. One of
the clamps (9) is fixed to the tip (4) which 1s free to move forward
along guiding.rails; the second clamp 1s connected to the tip (8),
which has a free torsional movement. The sample 1s charged on the
"hourglass" principle by means of fine lead powder pouring out
througg an orifice in the load bin (1) into the charge container (3),
which 1s jolned to a large pulley (14%) by a flexible cable passing
over a small pulley (13).

The torque-arm in the given case 1s 4 cm long, which ensures a
maximum torque of M = 7 kg/cm, the welght of the powder being 1.7.
The rate of charging Po = 100g/min. The device permits a maximum
torque angle of a = 225°. The maximum tangential stress is
Tmax = 1094 kg/cmz, and the maximum relative torque angle ap,, =
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= 150 deg/cm.

The microfurnace is connected by means of the current feeders
(12) to the water-cooled copper electrodes, which are insulated
and fixed to a steel plate. Power 1s suppllied from the secondary
winding of a 3kw, 220 v. step-down transformer. The heating 1s
reguléted by an auto-transformer, TNN-45 and the temperature is
controlled by a platinum and platinum-rhodium alloy thermocouple
fixed to the surface of the microfurnace heater. To reduce heat
lossed due to radiation and to reduce heating of the glass hood,
the microfurnace 1s protected by special shilelds.

Fig. 5 .shows the relationship between the time required to
attain a 10° angle of twist and the molybdenum and lron content
in alloys contalning 55% Cr. The results obtained confirm the
assumption that alloys in which a ¢ phase forms have greater strength.

Thus the heat of sublimatlion and the thermodynamic activity of
chromium have been experimentally determined in a number of alloys
of an iron-chromium molybdenum system. The hypothesis has been put
forward that the alloys most resistant at high temperature are those
in which the heat of sublimation of chromium has a higher value
whlle the value of thermodynamic actlvity 1s at a minimum, indlcat-
Ing a tendency toward the formation of preferential bonds between

heterogeneous atoms.
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Flg. 4. Dilagram of device for torsion
testing of samples at high temperature in
vacuum. 1) charge bin; 2) charge vent;
3) load contailner; 4) tip which is free
to move forward; 5) shields; 6) sample;
T7) dial; 8) tip with torsional freedom;
9) clamps; 10) heater; 11) electrodes;
12; current feeders; 13) small pulley;

14) large pulley.
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Fig. 5. Plotting of the time required to
attaln a torque angle of 10°.
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DETERMINATION OF THE THERMODYNAMIC PARAMETERS
OF CHROMIUM AND COBALT BY MEASUREMENT
OF THE SATURATED VAPOR PRESSURE OF CHROMIUM

Ya. I. Gerasimov, A. M. Yevseyev, and G. V. Pozharskaya

Measurement of saturated vapor pressures 1s wldely used to
determine the thermodynamic functioné of melts of liquid metals.
For the study of the thermodynamics of alloys in the solld state
thls method, as well as the electromotive force method, 1s less
frequently employed.

Nevertheless, the method of measuring saturated vapor pressure

ls convenlent and may give rellable results with most metals if the

evaporation 1s of single and not of associated atoms. When measuring

the saturated vapor pressure over solid alloys, we must take into
account the loss of volatile components from the surface layer of
the alloy during the evaporatlion process. In order to reduce the
influence of the phenomenon, which 1s apt to distort the results,
we must use alloys with a well-developed surface; this excludes
use of the Langmulr method, which is applicable in the case of
liquid alloys [1].

The most accurate and convenient methods in dealing with low
pressure vapors, whilch are a characteristic of most metals in solid

form, are those of Langmuir and Knudsen. We chose Knudsen's method.
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In the Knudsen method, the rate of evaporation depends on the
saturated vapor pressure and the area of the effusion orifice.
In order to create the saturated vapor in thé Knudsen chanlber, the
surface of the evgporating substance has to be many times greater
than the area of the effuslon orifice. For this purpose the alloy
we used in the Knudsen chamber was in the form of fine shavings.

Measurement of the saturated vapor pressure of chromium ;n
chromlum~cobalt alloys was effected with the device shown in Fig.
1. The effusion chamber (1) is a metallic cylinder into which a cup
and an effusion dlaphragm with an orifilce are placed. It 1s fixed
to a quartz tube in the center of the device. A platinum and platlinum-
rhodium alloy thermocouple (2), the junction of which i1s fixed to
the bottom of the cup in the chamber, passes along thg inside of the
tube. A quartz cap (3) 1s placed over the chamber, and the chromium,
after evaporation effected b& the inductor code (4), precipiltates .
onto the cap. When the evaporation l1s complete, the cap 1s welghed
and the chromium removed with hot, concentrated acid. The quantity
of chromium 1s determined from the difference in welght  of the cap
with and without the deposit, as well as by colorimetric analysis
of the chromium solution. In the case of a cobalt-chromium system,
the effusion chamber 1s made of tantalum.

The effusion chamber i1s heated by a high-frequency electro-
magnetic fleld. As a source of hilgh-frequency energy for out
tests, we used an MVP-1 apparatus made by the "Platinopribor"
factory. The heating of the chamber was controlled by means of a
photorelay; as a measuring device we used a platinum and platinum-
rhodium thermocouple, the electromotlve force of which was measured

simultaneously by a PPTN-1 low-resistance potentiometer. During the
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entire text, the temperature was kept constant to within 2°.
Occasional deviations caused by voltage fluctuation in the cilrcuit
did not exceed 4°.

After determinatlion of the quantity of chromium evaporating
over a certain.period of time, we calculated the saturated vapor
pressure of chromlum according to the equation

P-sxV 5 $&
Where P 1s the saturated vapor pressure;
AG 1s the quantity of evaporated substance in grams;
T 1s the time of exposure in hours;
S is the area of the effusion orifice, in mm;
K 13 the Clausing*coefficient; and
M 1s the molecular welght.

The area of the effusion aperture variled within the 1limits of
y - 10—3 to1 - 10 ° cm2, and the time of exposure T from 2 to 6
hours; the thickness of the effusion dlaphragm was 0.08mm. The
measurements of the chromlum vapor pressure in the cobalt-chromlum
system were made within the temperature range 1,227 to 1,297°.

Six alloys were tested altogether., With alloys of the same composi-
tion, from 3 to 5 values for the chromium vapor were measured at
various temperatures.

Electrolytic chromium with a purlty of 99.7% by weight and

* Translator'!s note: The transliterated form of thls name

is "Klyauzing".
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cobalt with a purity of 99.0% by weight were used in making the
alloys.

The experimental results were processed according to the equa-
tion |

lgP=—4+B. (2)

0000

Fig. 1. Dlagram of device for
the measurement of the saturated
vapor pressure of chromium in
cobalt-chromlium alloys.

The experimental data colnclde closely with the lines log P~ -é
within the temperature range 1,227 to 1,297°. Discrepancles be-
tweeﬁ the calculated and the experimental values of P dild not exceed
5%. The cobalt vapor pressure within the given temperature range in

alloys enriched with chromium is lnsignificant, 1.e., of an order of

s AORES
1 10 mm Hg and the pressure of pure cobalt 1s of the order of
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1+ 10 * mm Hg.

The cobalt-chromlium system (2) contains a compound CoxCra,
based on which 1s a so0lid solution with a small range of homogeneity.
At a temperature near 1297° thils compound decomposes. We therefore
restricted ourselves 1in calculating the thermodynamlic functions to
data for the range 1227 to 1277° in order to maintain uniformity
in the results.

From Eq. (2) we calculated the saturated vapor pressure of
chromium for alloys of various chromium concentrations at 1500,
1525 and 1550° K. The activity of chromlum 1s determlned by the

ratio : -

where Pp 1s the chromium vapor pressure 1n a pure state at a given
temperature;

P 1s the chromium vapor pressure over the alloy at the same
temperature.

Table 1 glves the experimental results of determining the
activity of chromium and the rounded-off values of this activity.
We have also calculated the values for the partilal free energy of
combilnation for chromium in cobalt-chromium alloys at T = 1525° K
(Fig. 3), according to the formula

AHCr=RT1na=RTln;—. (3)
[]

Flg. 2 gives experimental data which basically corresponds to
the structural diagram of a cobalt-chromlum system. The result of
calculatlon of the partial molar heat of comblnation of chromium
obtalned from the equation

O
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are glven in Fig. 3. Here, the partial molar entropies of comblna-

tion are calculated from the equation

A(Ay) A Tylgay—Thlga,
———A—T—ASCr = —4.5756—-‘—7.’71\1—-

(5)

To calculate the integral quantitles we used the Duhem-Margules

equation:
Ncr — NCI‘
AHo=No, | AHcd Ng.
Ne

r
AZy = Nco S Apced

%

NCr
Neo ©

TABLE 1

P
Crnamenniio onwTabe MANHLIC RIA AKTHBNOCTE Xpoma @ = 5~
L)

- T pasra (*K) ) T pabna (*°K)

N N,
Ch 1500* 1525¢ 1550 c 1500° 1625

1550°

-0,1000 0,1125 | 0,1060 | 0,0990 0,6000 0,3725 | 0,3800
-0,2000 0,2263 | 0,2135 | 0,2019 0,6052 0,3784 | 0,3885
0,274 0,3030 | 0,2907 | 0,279 0,7000 0,4050 | 0,4150
0,3000 0,3160 | 0,3075 | 0,2980 0,8000 0,4175 | 0,4325
0,3541 0,3360 | 0,3216 | 0,3188 0,8835 0,4590 | 0,4810
0,4000 0,3300 | 0,3250 | 0,3200 0,9000 0,7188 | 0,7379
-0,5000 0,3300 | 0,3250 | 0,3200 1,0000 1,0000 | 1,0000
-0,5610 0,3201 | 0,3260 | 0,3232

0,3875
0,3987
0,4350
0,4500
0,5037

0,7563 °

1,0000

By graphic lntegration we found the 1lntegral heat values and

integral free energles of formation of cobalt-chromium alloys at a

temperature of 1525°K. The results of these calculations are glven

in Fig. 4.
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Fig. 3. Partial thermodynamic functions
of chromium in a cobalt-chromium system.
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The cobalt-chromium system in a solid state in the chromium-
rich zone produces large negative deviations of activity from the
Raoult Law, and small positive deviations in the cobalt-rich zone.
In the zone of the solid solution based on CoxCra (0.56 - 0.62 mole
fractions of chromlum) a sharp decline in activity takes place, and
the partial heat of diffusion of chromium changes 1ts sign from
negative to positive. It 1s clear from the data on the integral
heats of formation of cobalt-chromium alloys that the formation of
CozCrs 1s accompanied by heat absorption. The heat effect of the
formation of the compound C§ZCr3 1s equal to + 3,100 large cal.

The maximum loss of energy during the formation of cobalt-
chromium alloys 1s sustained by alloys containing 0.85 to 0.95 mole
fractions of chromium,l.e., by the zone of the solid solution of
cobalt in chromium. This phase is marked by greater interatomic
bond strength for Co-Cr, as can be concluded from the curves for

the heat of formation of the alloys (see Fig. 4).
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Fig. 4. Free energy and heat of alloy
formation 1n a cobalt-chromium system.
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CONCERNING THE VALUES OF ACTIVATION ENERGY
OF CERTAIN PROCESSES IN METALS

K. A.. Osipov

Research [1] shows that the values for the activation energy
of self-diffusion in solid metals obtained from experimental
measurement of the coefficients of self-diffusion conform to the

relation

AIl =ngq, (1)

where n is the number of atoms in the activated group;
q is the activation energy for one atom in a group of n atoms
in gram-atoms.

The magnitude g was obtalned from the Gibbs free-energy values
which the metal possesses at various temperatures, on the assumption
that in an activated state a certain group of atoms may be compared
to thelr state at the moment before melting or at the temperature
of fusion, when the crystal lattice loses 1ts thermodynamlc stability
and can pass into a liquild étate. Calculated 1in gram-atoms, the

magnitude g has the value

Hrg — H
qr:—Ts[ﬁ‘g‘g—s(ﬁy'?—InTS)—S”s]' (2)
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Where TS is the éemperature of fusion, °K;
Hpg 1s the heat content (ber gram-atom) of the solid metal at
the melting point;

H 1s the heat content (per gram-atom) at the standard
tZ;:erature of 298.16°K; and

S298 is the entropy (per gram-atom) at standard temperature.
The analysls of some experimental data, glven below, prompts

the author to make the assumption that activatlon-energy values for

the most dilverse phenomena lnvolving the displacement of atoms and

vacancies in solid metals (diffusion, recovery and recrystallizatilon,

‘'plastic deformation and failure, shear planes, and displacement of

dislocations), may be expressed by Eq. (1) . The activated state of

each of these phenomena 1s essentially the same; 1t corresponds to
the state where the crystal lattice loses its thermodynamic stability
and 1s able to pass into a liquid state in local structures; the
magnlitude changes little in the same metal and represents a kind of
connecting link as it were between the most diverse phenomena, show-
ing that the activation in them 1s essentially the same. The wide
range of activation energy values obtained from experimental measure-

ments of the rates of various phenomena 1s caused mainly by a

difference in the values of the quantity n, i.e., a difference in

the slze of the activated groups of atoms, and the quantity n may

vary from 1 to considerably higher values, depending on the

prhenomenon under investigation and the conditions under which 1t
occurs. In Eq. (1), the quantity nh 1s the most sensitive to changes
1n external conditilons.

Given thils approach to the varied phenomena occurring in metals,
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there 18 no need to conslder whether the question there has any-
thing in common in the mechanism of these phenomena, for example ‘

in self-diffusion and high-temperature creep, or self-diffusion and

. displacement of dislocations, etc. Instead, our efforts should be
directed toward clarification of the condltions leading to a change
in the relation (1), more specifically to a change in the number n
since the specific features of a particular phenomenon depend on 1t.

To substantiate our assumption, let us examine some theoretical
aspects and the experimental data.

According to calculation, the quantity g 1s a constituent part
of the difference AG?S in the Glbbs free-energy factor, for pressure
at a constant temperature, l.e., the quantity (gé;)T , calculated
per gram-atom, is equal to the volume of the latter and consequently
is a rather small quantity in typlcal metals, we may disregard the
variation of the Gibbs free energy factor and hence that of the
quantity g with the variation within rather large limits of the
pressure.

It is dAifficult to solve the problem of the dependence of g
on the magnitude of unlaxlal tensile or compressive stresses applied
to the specimen or on the degree of its plastic deformatlon, since
we do not know of any theoretical investigations into the varlability
of the Gibbs free-energy factor with thé above-mentioned factors.

It may be considered, however, that the quanﬁity q wlll not be sub-
ject to substantial changes in these cases elther since the structures
of the local break-up of the crystal lattice caused by the applled
stresses and varilous degrees of plastic deformation will be surrounded
by an elastic medium, interaction with which will subject them to

hydrostatic pressure.
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For fhe time being, therefore, until a more thorough analysis
is made, we will consider the quantity g as approximate to the
boundary values of the activatlon energy of diverse processes
connected with the displacement Qf atoms and vacant sites; we assume
that 1t should not vary substantially in the case of wlde varilation
in the state of the crystal lattice 1n 1ts local structures.

The proximity of the quantity g to the boundary value of the
activation energy and its low sensitlvity to changes in the state
of the lattice are confirmed by a seriles of experimental data. In
particular, it can be stated that even in a liquid state near the
melting point the activation energy of self-diffuslon has a value
which is very close to the quantity g. For example, in the case of
sodium the quantity g calculated according to Eq. (2) amounts to
2,545 cal/g-atom, while the activation energy of self-diffusion in
ligquid sodium near the melting point 1s equal to 2,580 cal/g-atom
(2). On the basis of experimental measurement of the viscosity in the
liquid state (3) the value of the activation heat of the self-
diffusion of liquid aluminum can be estimated at approximately
6,100 cal/g-atom; this value 1s near the value of q = 7186 cal/g-
atom, calculated for aluminum according to Eq. (2).

Let us also mention the very interesting fact that the values
of g calculated from Eq. (2) agree closely wilth those of the activa-
tion energy of fhe process of low-temperature recovery of electrical
conductivity, which was stuydlied in a number of pure metals when
subjected to various actions, such as irradiation wlth deuterons,
mechanical cold-hardening at low temperatures, and rapid cooling
from high to low temperatures. Thus in copper (~ 99.99%) , after

irradiation at a temperature of 180° with deuterons having an energy
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of 12 mev (4), after mechanical cold hardening at the temperﬁyure

of 1iqﬁid helium (5), and also after hardening from high to low
temperatures (6) and (7), the process of return of electrical con-

. ductivity at temperatures of 30° and higher takes place with an
activation.energy of approximately 15,688 cal/g-atom. A similar
value for the actlvation energy of return was obtained for silver
irradiated with deuterons (8). This value colncldes for all
practlcal purposes with the value q = 15.415 cal/g-atom for copper
and g = 15.9%3 cal/g-atom for silver, obtained by us from Eq. (2).
In aluminum (99.995%), rapidly cooled from a temperature of 504°, the
process of return of electrical conductivity (9) takes place with an
activation energy equal to 6921 cal/g-atom, which 1s near the value
q = 7186 cal/g-atom.

The theory of dislocation claims that a displacement of sub-
stance 18 necessary for the movement of the dislocation in a plane
perpendicular to the slip plane. It 1s assumed that this 1s effected
by a diffusion of vacancies or dislocated atoms near the nucleus
of the dilslocation. Tﬁe publication [10] contains a calculation
of the actlvatlon energy necessary for this displacement of dis-
locations, and in the case of aluminum, values of 7,844 to 9228
cal/g-atom were obtalned for varilous directions in the lattice,
which are close to the value q = 7186 cal/g-atom obtained by us.

Shepard and Dorn [11] studied experimentally the process of
generation and expansion of the slip bands in aluminum containing
1.89% 1n its solution magnesium. Creep testing under stress below
the yleld point was carriled out at temperatures of 78 and 114°K.

The authors came to the conclusion that the generation and expansion

of slip bands are related to the de-blocking of the dlslocations
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retained by the salute atoms. They considered that the basis of
this process of deblocking of the dilslocations as well as the process
of origination and expansion of the slip bands, is, some kind of

heat process with an experimentally determined actlvation energy
equal to 6000 to 6800 cal/g-atom. This value also differs little
from that of g calculated for aluminum. It is possible that the
agreement also would be close even if magnesium were absent in the
aluminum solution.

The above-mentioned data re 1n accord with our aésumption that
the quantity g may be considered to be approximate to the boundary
value of the activation energy of varlous phenomena.

By taking the quantity g for the minimum initial value of
actlvation energy corresponding to one activated atom, and using the
relation (1), 1t becomes possible'to obtaiﬂ wide variety of values
for actlvatlion energy in the experimental study of the most diverse
phenomena. .

In the case of self-diffusion in metals wlth a face-centered

cublc lattice, we have the relation AH = 3q. From thls relation,

we derive for aluminum AH = 3- 7186 = 21,558 cal/g—atom. This

theoretical value of the activatlon energy of self-diffusion in
aluminum agrees closely with the value (21,000 + 2000 cal/g-atom)
which was obtained from measurements at temperatures of 15 to 440°
by means of the magnetic resonance method (12). We do not beleilve
that this agreement 1s accidental; it rather convinces us rather
that the activation energy of self-diffusion in solid aluminum is
in effect near the value of 21,588 cal/g-atom calculated by us, as
apposed to the value 33 to 36 kcal/g-atom, generally accepted for

aluminum.
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In the case of creep, the activation energy depends on the
magnitude of the stresses applled to the sample, as becomes apparent
when the stresses are varied within wide limits. In thils connectlon,
the form of the dependence and the 1lnitial and final values of the
activation energy are of interest to the theory. The available
experimental data and the theoretical investigatlons so far carrled
out‘d; nogienable us to formulate definlte answers to all these
questions.

As regards to the initlal values of the activatlon energy of
creep, which are generally accepted as zero values of the applled
stresses and are obtained by extrapolation, most of the researchers
claim that for pure metals these values are near the values of the
activation energy of self-diffusion or even colnclde with them.

This gave rise to the belief in the similarity or even ildentity of
the mechanisms of creep and self-diffusion. 8. N. Zhurkov and
others [13%], however have obtained for a series of metals (Zn, Al,
Ni, Pt) initial values for the activation energy of creep which are
considerably higher and closer to the values of the heat of sub-
limation. ‘

In spite of the contradictary nature of these experimental data,
they can be reconciled by our own idea of the applicabllity of the
relation (1) to the most dilverse phenomena. With pure aluminum,
for example, various authors have obtalned the following initial
values for the activation energy of creep: 14.1 [14]; 27.6 [15];
32.2 [16]; 36.0 kecal/g-atom [17]. S. N. Zhurkov obtained a value
of 53.0 kcal/g—atom. The discrepancy in these results may be caused
by the fact that the degrze of purlty of the aluminum and the experil-
mental conditions differred with various researchers. In spite of
this, they can all be expressed by the relation (1) with differing
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values for n, but with close values to that of q.

As regards to the form of the functionalvdependence of the
activation energy of high-temperature creep on the tenslle stresses
applied to the test plece, 1t has been impossible so far to come
to any definite conclusion on the basls of available experlimental data.
Many experiments carried out with a number of pure metals have shown
that the activation energy of creep decreases with an Iincrease 1in
the applied stresses. But for molybdenum the dependence was found
to be completely the inverse [18]. Thus, for molybdenum (99.95% pure)
melted in the electric arc, the values of the activation energy of
creep studied at temperatures of 870 to 1095° and at constant effective
stresses varying between 10.5 and 21 kg/mm®, increase in direct
proportion to the applied stress. The 1nitial value of the actlvation
energy of creep, obtained by extrapolation with respect to the zero
stress applied, amounts to 73 kcal/g-atom and 1s conslderably lower
than the actlivation energy of self-diffusion of molybdenum (104-

120 kcal/g-atom; under a stress of 10.5 and 21 kg/mm®, the activation
energy of creep obtailned 1s equal to 78 and 89 kcal/g-atom, respect-
ively..

It is difficult at present to explain this peculiarity in the
functional dependence on stress of the activatlion energy of creep
in the case of molybdenum. Possibly this 1s a case of aging as a
result of precipitation under stress of small quantities of ad-
mixtures dissolved in the molybdenum. It 1s not out of the question,
however, that a simlilar law wlll also be established for other high-
melting metals as.well, or that it has baslc significance; the cause
may be the influence of strain-hardening in metals with high elastic

constants. We may then conclude that as an effect of the stresses
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applied the quantity n in Eq. (1) can both increase and decrease,
depending entirely on the state of the materi&l and the conditions
under which it deforms. An lncrease in the number n will indicate
that with an increase 1n stress and consequently in the deformation
rate ever larger units are drawn into the process of simultaneous
activation and that the primary activation extends to ever larger
elementary structures.

S. N. Zhukov et al. obtalned for a number of metals (Zn, A1,
Ni, Pt) and alloys the followlng empirical dependence of the activa-
tion energy of creep (and of fallure) AH on the applled stresses o:

O AH = AHy—vya
Where AHg is the initlal value of the activation energy; and
v 1s a constant coefficient [13].

It results from.this function that the activation energy of
creep (and of failure) decreases 1n direct proportion to the applied
stress and at higher stress values may equal zero.

Let us point out, however, that the dependence of the activation
energy of creep on the applied stresses, as indicated by S. N.
Zhurkov et al. was not observed in the experiments carried out by
Carreker [19], although he made a very careful investigation of
creep ln platinum under a wide variety of conditions. Carreker
made tests with annealed platinum wire (diameter 0.38 mm; purity
99.98%) in the temperature range 78 to 1550°K. Elongation was
effected under a constant tension of 0.63 to 28 kg/mm2 and a de-
formation rate of 10 ! to 107® min~!; the degree of deformation
amounted to from 0.001-0.1. At temperatures of 300 to 1200 °K
the elongation was done in an atmosphere of purified dry nitrogen
and above 1200°K, in ailr.
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Fig. 1 shows Carrekert!s data for the dependence of the activa-
tion energy of creep in platinum on the degree of deformation
(0.005 to 0.03) and on the magnltude of the stresses applied
(0.7 to 7.0 kg/mm?) at temperatures of 450 to 1550°K. It is seen
from this graph that the initial value of the activation energy
of creep may be taken as equal to 68 - 78 kcal/g-atom, which 1is
consliderably lower than that of the sublimation energy of platinum
(~ 127 kcal/g—atom); there 1s no linear dependence on stresses.
With an increase in the stress the dependence of the activation
energy on the deformation and stress decreases and tends to become
a boundary value. With a deformation of 0.1 to 0.03, at which we
were able to determine the activatlion energy with the greatest
accuracy, and under a stress of 7 kg/mmz, the value of the activa-
tion energy amounts to 25.9 to 28.6 kcal/g-atom and 1s apparently

already very close to the boundary value. Let us point out that

with platinum the quantity q which we calculated from Eq. (2) amoun-

ted to 34 kcal/g-atom, which 1s but little different from the value
- of, the activation energy of creep (25.9 to 28.6 kcal/g-atom. This
small discrepancy may indlcate that the quantity g is a slightly
decreasling function of the elongatlon stresses.

The investigation of creep in pure aluminum (99.996%) in
experiments made by Sherby, Lytton, and Dorn [20] with cyclic
variations in temperature during the process, 1s of great interest.
Studying creep in aluminum in the temperature range 77 to 880°K and
at constant tensile stress values (0.3 to 15.33 kg/mma), the re-
searchers established the followlng very important facts:

The dependence on time of creep deformation remains the same

at very low temperatures (77°K) as well as at high temperatures;
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The activation energy of creep is a complex functlon of tempera-

ture.
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Fig. 1. Activation energy for plastic
flow of platinum (99.98%) as a function
of stress at varlous degress of de-
formation: 1) 0.005; 2) 0.010; 3) 0.020
k) 0.030.

Fig. 2 shows diegramatically the dependence of the actilvation
energy of creep in aluminum on the test temperature according to

data obtalned by the authors in [20].
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Flg. 2. Activation energy of creep in pure
aluminum (99.996%) as a function of the
absolute temperature.

The graph given in Fig. 1 shows two regions corresponding to
temperature ranges of 880 - 500°K and 357 - 250°K with constant
activation energy values wqual to 35,500 and 27,500 cal/g-atom

respectively; at other temperatures, the activation energy has
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varying values.

In accordance with the established temperature-dependence of
the activation energy of creep in aluminum, the authors of [20]
came to the conclusion that in the varlous temperature ranges creep
may be due to different mechanisms, each having its own activation
energy value.

According to the idea we are elaborating, the experimental
data shown in Fig. 2 may be interpreted in a different way than
that in [20].

The fact that dependence on time of creep deformation does not

.vary qualitatively with the temperature suggests that the process

of activation of the elementary act of creep 1s in essence qualilta-
tively the same at all temperatures. Its essence, as pointed outA
above, 1is loss of thermodynamic stability by the lattice in local
structures. Accordingly, the entire graph 1n Fig. 2 may be
described by the same relation [1], in which the gquantity n is a
decreasing function of the temperature, and the quantity g a
slightly varying quantity near the limlt value of activation energy.
Let us note that when applied to the data shown in Fig. 2 the
relation (1) gives us the following values for the quantity AH: for

the plateau of the graph in the temperature range 880 - 500°K, n =
= 22500 ~ 5; and for that in the temperature range 375 - 250°K,

n =q 27 500 ~ 4. These values which proximate whole numbers for
the valug n may indicate that the same mechanism of creep operates
in the given temperature ranges, but with different number of the
actlivated units. In other temperature ranges, the values of n are

not whole numbers but fractions, which may be due to the microscopic

inhomogenelty, of the process of creep.
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We believe that 1f it were possible to establish the activa-
tion energy of creep in small local structures with a homogeneous ‘)
energy state n in the relation (1) would always be a whole number.

In our opinion, the low-temperature sectlons of the graph in
Fig. 2 can be brought up to the plateu with a constant value for

the activation energy of creep, close to the quantity g for aluminum,
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A STUDY OF DIFFUSION IN AN IRON-ALUMINUM SYSTEM
WITHIN A WIDE RANGE OF CONCENTRATIONS

S. D. Gertsriken, I. Ya. Dekhtyar, N. P. Plotnikov,

L. F. Slastnikova, and T. K. Yatsenko

A study of the processes of diffusion in alloys based on
elements of the iron group is of scientific and practical interest.
As a result of the complex interactlon of the d and S electron in
the formation of alloys based on these elements the nature of the
atomic interaction changes substantially. The sum total of the
characteristics of alloys obtalned by various methods enables us to
visualize more specifically the nature of atomlic Interaction and
its variation over a wide range of concentrations.

The alm of this work is to define the connection between the
diffusion parameters and the magnitudes characterizing the inter-

atomic bonds.

Preparation of Alloys and Specimens

Alloys of concentrations varying from 3.47 to 52.2 atom % Al
were prepared for the study of diffusion in an lron-aluminum system.
All the alloys were melted in a high-frequency vacuum furnace with an
Armco iron base contalning 0.07% C (by welght) and pure Al. The

composition of the alloys according to the data furnished by chemical
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analysis 1s given in Table 1.

TABLE 1
M cnnama
1 2 3 4 5 6 1 8 9
ATRaTAYT . R 3,47 17,95 13,51 20,6 | 23,6 | 35,5 | 42,0 | 47,3 82,2
Al gocde . - =0T 1,75 | 4,1 7,2]11,213,2 | 21,0 | 26,0 | 30,0 34.5.

Within the range between room temperature and 1200° are a one-
phase solid solution with an a lattice. The alloys were homogenized
in quartz ampules for 50 hours at 1150-1200°. Alloys with a lower
aluminum content {(up to 20.atom percent) were forged into rods and
cut into specimens. The alloys with high aluminum content did not
forge well because they were found to be brittle. Therefore the

specimens were cut directly from the 1lngots.

Method Used in the Experiment

€0 59

The radloactlve isotopes Co and Fe were used to determine
the diffusion coefflclents of cobalt and iron. The values of the
diffusion coefficlents were found by the method of removing layers
and measuring the integral activity [1], and were calculated from

the equation

T hdatga (1)

As 1s known, an essentall requirement for the applicability of this
method 1s the plating of the specimen, with a thin, radloactive
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layer of the metal whose diffusion is belng studied. The thickness
of the plating must be considerably less than the depth of penetra-
tion of the diffusing element. In the given instance, all these
requlrements were met; the thickness of the plating was 0.5 - 1
micron, and the depth of diffusion 200 - 700 microns.

A radioactive layer of cobalt was applied electrolytically to

one of the flat surfaces of the specimen (approximately 1 cmz); the

plating was effected in a tank containing a solution of cobalt chloride

in water, with a current density of ~ 0.6 amp/cmZ.

Diffusion annealing of the specimens was done in an atomsphere
of argon. The test pleces were powdered with alumlnum oxide to
prevent sintering and were placed in a porcelain boat to avoid any
possible effect of differences 1n temperature wlthin the furnace.
During the annealing of the boat the test pleces used for the study
of the diffusion coefficlient of cobalt, were made into a compact
pile and wrapped in nickel foll. The temperature was measured by
a platinum and platinumrhodium thermocouple and controlled and reg-
istered by an EPD-17 recording instrument to within + 2%

After diffusion annealing for a certain time at a glven tempera-
ture, the distribution of activity in depth was measured with a B-2
unit, using a y counter. The layers were removed with abrasive
paper and the thickness of each layer was found by welghing 1t on
micro-analytical scales (Ah = 22— AP). The coefficients were usually

o]
found by averaging two values, Errors in calculating the diffusion

coefficlent sometimes reached 50%.
The x-ray method was also used for the study of mutual diffusion
in the under reference. A layer of nonradloactive 1ron with about

5 microns thick was applied electrolytically to the surface of the
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plane-parallel test plece. The iron plating, subsequent diffusion
annealing, and removal of the layers were effected in the same manner
as in the study of diffusion, using radioactive isotopes. The
distribution of concentration in the diffusion layer was determined
from varlation in the lattice parameter of the alloy. According

to data published in sclentific literature [2], and on the basis

of our own measurements, a linear dependenée of the lattlce para-
meters on the concentration of aluminum is 6n1y observed 1s solu-
tioﬁs rangling upwards of 20 gtom pércent of the latter.

The exposure was made with chromium radiation in RKD-17 chambers,
using a variation of the assumetrical method for preclsion measure-
ment of the lattlce parameter. Here, the flat test plece 1s fastened
by the Preston method, and the exposure is made asymmetrically,
which makes 1t possible to determine the effective radius of the

chamber from the picture. Calculation was made from the line (211).

Results of the EXperiments

Study of the Diffusion of Iron in Iron-Aluminum Allocys. The

diffusion of iron was investigated in alloys containing 1.7, 4, 7,
13, and 34.5% Al by welght. The results of the measurements of the
diffusion coefficlients are glven 1n Table 2. It follows from these
results that the diffusion coefficients of 1ron in an 1ron-alumlnum
system, lncrease gradually with the concentration of aluminum.

Fig. 1 shows the temperature dependence of the diffusion co-
efficients.

In many instances, the low-temperature point (900°) does not
come on the stralght line connecting the high-temperature polnts.
Possibly the influence of the grain boundaries begins to show at
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this temperature.
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Fig. 1. Temperature-dependence of
the diffusion coefficient of iron 1n
an iron-aluminum alloy.

From the data on temperature dependence given above we obtain
the followlng results for the activation energy and the pre-exponen-
tial multipliers Do in the diffusion of iron in an iron-aluminum
alloy (see Table 3).

Investigation of the Diffuslon of Cobalt in

Iron-Aluminum

Alloys. The diffusion coefficients of cobalt in
were calculated for Al content by weight of 1.7;
26; %0; 34.5%. The resulting figures are quoted

apparent dependence of the diffusion coefficient

iron-aluminum alloys
e LNl
in Table 4. No

on concentration was

found.

Fig. 2 shows the temperature dependence of the diffusion co-
efficients of cobalt. The data obtained on the activation energy
and the pre-exponential terms are given 1n Table 5.

The figures quoted in Table 5 indicate that the activation energy
of diffusion of cobalt rises with an increase in the aluminum

concentration, particularly in the zone of high concentrations.
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Value of Q and Dg for Iron Diffusion

Al, a1.% Al, Bec.% Q. KKan|r-aroM D, cM’/cen
3,47 - 1,75 59,0 3,2
7,95 4,1 60,0 4,5
13,2 7,2 52,0 0,4
20,6 ’ 11,2 63,0 32,0
23,6 13,2 62,5 27,0
52,2 34,5 66,0 60,0

TABLE 3

.

TABLE %

Value of Diffusion Coefficients of Cobalt

at Various Temperatures (in cm®/sec)

£ 3 Temnepartypa, *C

£l &

e e 1150 1100 1050 1000 975 900

| <

173,47 6,7-10-10 | 3,7.10-% | 1,7.10-10 == 5,5-10-1 -
4,2|7,95| 6,4-10-° | 2,8.10-* = = 2,7.10-1 | 1,3.10-10
7.2013,5| 6,7-10-v | 4,0.10~ = 4,0-10-10 | 4,6.10-10 x
11,2/20,6 = 8.6.10- | 4,6.10~ | 1,7.10-* | 8,5.10-0 { 1,7.10-%0
13.2|23.6| 1,8-10© | 9,5.10-* | 4,10-10-* | 1,6.10-° 2 3.7.10-10
21.0/35.5| 1,1-10-* | 5,6-10~ | 1,8.10-* | 6,8.10-1° = 1,9.10-10
26,0/ 42,0| 7,7-10- o 1,1.49- | 3,5.10710 | 2,5.10-% | 1,4.10-10
30,1/47,3| 7,4-10 |-2,4.10~* e o 1,5-10-0 | {,8.10-n
34.552.2( 1,1-10-% | 3,2.10 | 1,2.10-% | 6,0.10-10 = 4,8-10-11

Do increases continuously with an increase 1n the percentage

content of aluminum and is considerably greater than one.

Investigation of Mutual Diffusion in Iron-aluminum Alloys.

To determine the distribution 1n depth of the alumlnum concentratlon
in the specimen, a callbrating curve of the dependence of the lattice

parameter on the aluminum concentration was first obtained (Table 6

Fig. 3).
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Flg. 2. Temperature dependence of the
diffusion coefficient of cobalt.

TABLE 5

The Value of Q and Do for the Diffusion of Cobalt

in an Iron-Aluminum Alloy

Al nee.™y Al at.% Q, 1Kamr-aToM D, cmlcent

1,7 3,47 53,0 0,1

4,2 7,95 56,0 1,9 3

T2 13,5 58,5 6,8 4
11,2 20,6 60,0 22 ',
13,2 23,6 60,0 27 1
21,0 33,5 67,0° 210 3
26,0 42,0 71,0 580 l
30,1 47,3 I 79,0 6300 i
345 2.2 67,0 148

The parameter was calculated from the line (211); the correspond-
ing ¢ angle 78° for iron and 74°54t for the alloy containing 20% Al.
The 1attice'parameter 1s determined to the fourth decimal.
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TABLE 6

Variation in the lLattice Parameter

According to Aluminum Concentration

Nv ciassa ar. %, Al IapameTp pemersat, A
0 e1030 APMKO 2,8612
1 3,47 2,8689
2 7,95 2,8779
3 13,49 2,8890
4 20,6 2,9008

TABLE 7

Value of the Coefficient of Mutual Diffusion

in Iron-Aluminum Alloys

(in cm®/sec)

Temuepatypa, *C

M ciaaBa N
1200 1150 1080 980 200

2 1,9-10-¢ e 4,17-10-¢ 1,9.10-° 3,8.10-°
3 . 2,38-10-¢ - 5,7:1078 3,28.107° 4,37-10-°
4 — 1,47.107 6,07.10-8" 3,38.10-° —

A variation in the aluminum content by 1% corresponds to a
variation in the lattice parameter by 0.0018 R, from which it was
posslble to determine the variation 1n the alumlinum concentration as
0.3 atom percent. Mutual diffusion was 1nvestigated in alloys Nos.
2, 3 and 4, in which there was a linear dependence of the lattice
parameter on composition (Fig. 2). The diffusion annealing was

carried out at temperatures of 900, 980, 1080, 1150, and 1200°.
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‘( ~ 5 mlcrons) the dependence of 1n c on'X2 at distances of 20

The diffusion coefficdients D at various temperatures were calculated
by plotting the dependence of the logarithm of 1ron concentration in
the layer on the square of its depth from the equation

.l 1
e

Where £ is the time of annealing; and
a l1s the angle of slope of the curve.
The depth of the layer was reckoned from the surface coated

with iron. Due to the consliderable thickness of the lron coating

microns differed greatly from the linear dependence and was only
approximately llnear at greater depths. The diffusion coefficients
D established by us are therefore of the nature of an estimate., All
diffusion coefficients calculated are given in Table 7.

The relatively elevated values of the diffusion coefficlents
at 900° shogld perhaps be attributed to the.presence of boundary
diffusion at that temperature. It is noteworthy that there is a
tendency towards an lncrease in the diffusion coefficient with an
increase in the percentage content of aluminum. This prevented us
from estimating the activation energy from the temperature rate of
the diffusion coefficient with a sufflcient degree of accuracy. The
activation energy was evaluated by the following means. Fig. 4
shows the concentration distribution in depth of the components in
the alloy at two different temperatures: T; and Tp. For a known

concentration C; we may write:

2
Z1

b~ R T=T:
=

InC,=4— 3 npn T=T'-

InC,=A—
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from which

z Dat
:c; = D:‘i ' . (2)
2
substituting
E ~-E
D1=Doe RT, . D2=D°€ RTa ’
results in
E (1 1
D, (=2 ..
Dr=e" " ) (3)

From the Egs. (2) and (3) we obtaln

Q
e

e (%)

-~ | e
)

»Hw

Equality (4) 1s used to compute the activation energy of
diffusion Q at a glven concentration C;. Hence, 1t also possible
in this way to find the concentration-dependence of the actlvation
energy.of diffusion. We evaluated Q in this way for an alloy
containing 7.95% Al (Table 8). The corresponding conéentration
curves are given in Fig. 4. We could not make a simllar evaluation

in other instances. ok
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Fig. 3. Calibrated graph
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Fig. 4. Distribution of the concentration
of components in depth at two different
temperatures in an lron-aluminum alloy.

1) Ty = 1000°, t, — 484° ¢; 2) Tz = 1100°,
ta 48uoc.

TABLE 8

Value of Q 1n Iron-Aluminum Alloys

Al, ar. % Q. KRraxjr-ar

~3 O
-~
o

A comparison of the results obtained in the study of mutual
diffusion in lron-aluminum alloys with the phenomenon of self-
diffusion of irbn in the said alloys enables us to conclude that 1n
the first 1nstance both the diffusion coefficients and the activa-
tion energy have somewhat higher values.

The dependence of the actlvation energy of diffusion on the
alumlinum concentration can be understood if we proceed from the

ldea that thls energy 1s connected with the interaction of the atoms
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and that this interaction may be characterized by the "f111" factor
of the electronic d-states [4]:
725 (5)
Where dq is the number of d-vacancies pef atom of alloy in the gas-
eous state;

m = dsol the number of d-vacancles per atom of alloy in the solid
state.

The latter number may be obtalned by measuring the magnetic
moment per atom of alloy [5], and do is known from spectroscopilc

data and is equal to 4 for iron. Table 9 gives the "f111l" factors

calculated 1n this way.

TABLE 9
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It is clear from Table 9 that in a zone ranging up to about
25 atom'%, the magnitude g varies little but rises sharply with a
further increase in 1ts content. Fig. 5 exhibits a similar pattern
for the dependence of the activation energy of cobalt diffusion in

the alloys under consideration on the aluminum concentration. Up

to 25 atom % Al we observe a slight increase in the activation energy
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but it increases appreciably in higher concentrations. As regards
to the diffusion of iron, the activation energy was found to vary
little in the zone of aluminum concentrations up to 25 atom % Just
as in the case of cobalt diffusion.

It 1s important to note that for an aluminum concentration
near the limit of solubllity in the a phase the activation energy

of cobalt diffusion decreases sharply. If we conslder an alloy

containing 52.2 atom % (with up to 0.07% carbon 1n the charge iron)
as the saturation limlt, then the decline in the activation energy
of the diffusion of cobalt with respect to the quantity Q, obtailned
by extrapolatlon of the curve of the dependence Q@ = £ up to AQ ~ 90~
- 67 = 23 kcal/mole. This considerable decrease in the activation
energy could be explained by the presence of a higher concentration
of vacanciles, appaﬁéntly structural in origin, in the alloy contain-
ing 52 atom %. If this assumption is right, then the diffusion |
coefficient in the saild alloy, Jjust as in the case of the correspond-
ing cobalt-aluminum alloys [7], 1s determined in effect merely by
the diffusion rate of the vacancies. This assumption 1s to a certaln
extent 1s borne out by the fact that the coefficlient for the alloy
contalning 52 atom % 1s almost double that of the alloy containing
48 atom % Al.

However, further study, possibly by other methods wlll be
required to verify this assumption.

A comparlson of the data on the diffusion of cobalt and iron in
the alloys under investigation (see Tables 2 and 4) leads us to
conclude that the diffusion parameters of iron and cobalt are proxi-

mates.
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DETERMINATION OF THE PARAMETERS OF DIFFUSION

AND DEFORMATION IN NICKEL-CHROMIUM ALLOYS

I. Ya. Dekhtyar and V. S. Mikhalenkov

The mobiiity of atoms in a crysfal lattice is a determining
factor in the heat resistance of metals. Thils 1s explained by the
fact that atomic mobility 1s Involved in the mechanism of creep
and causes the metal to change or retain its structure.

The mobllity of atoms 1n a crystal lattice depends directly
on the character and magnitude of the forces of the interatomlc
bond, which are described by the sum total of the followlng physical
quantities:

Sublimation energy;

Melting polnt;

Activation energy of self-diffusion and diffusilon;

Characterlstic temperature;

Modulus of elasticlty, its temperature coefficient, etc.

Although 1t is impossible, in view of the structural sensitivity
of the strength characterlstics, to establlish a clearly defined
relationship between reslistance to plastic deformation, failure,
and the magnitudes describing the forces of the interatomié bonds,
we may nevertheless speak of a certain tendency toward lncreased

strength as the blnding forces in the crystal increase.

.




There are indications that the mobility of the atoms in the
lattice and over the boundaries 1s related to the problem of plastic
deformation at elevated temperatures. It 1s therefore worthwhile
to investigate the diffusion parameters of atomlc mobllity in a
crystal lattice and to find the link (if any) between the diffusion
parameters and plastic deformation, in order to clarify the connec-
tion between the mechanilsm of plastic deformation at high tempera-
tures and displacements of the atoms by diffusion and the part

played in this by defects of various kinds in the crystal structure.

Material and Methods

The alloys under investigatlon were made in a vacuum lnductlon
furnace from nickel and chromium of high purity produced electrolyti-
cally. The composition of the alloys 1s given in Table 1.

For the purpose of homogenization, were subjected to forglng
and annealing at a temperature of 1200° for 75 hours in order to

obtain a uniform structure.

TABLE 1
N conasa Cr, Bec. % l Cr, at. % || N canasa Cr, pec. % | " Cr, aT. %
1 3,83 4,51 4 14,23 15,79
2 7,88 8,79 5 20,25 22,03
3 3 6 24,99 25,11

12,02 13,3

The diffusion parameters of the alloys were investigated by
means of radiocactive isotopes. Isotope Co®° was used as a radio-

active indicator. Selection of this 1sotope was conditioned by the
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aim of the 1nvestigation, which was to determine the diffusion
parameters of the basic component of the alloy; so far, our country
has not produced any radloactive nickel isotope suiltable for the

investigation; an article [1] however, appeared recently in the

forelgn press, dealing with the study of the self-diffusion of nickel
by meéns of the radioactive isotope Ni%2,
| The data on the diffuslion of cobalt in a nickel-chromium alloy

are probably different from the true diffusion rates of the basic
components; they however, are quite sultable for describing the |
atomic interactions, particularly the concentration-dependence,
especilally since cobalt and nickel are closely related 1n thelr
physical and chemlcal properties as elements of the same perilodic
group and are absolutely soluble 1n each other.

Radlocactlve cobalt has been used many times for the investiga-~
tion of atomic mobility in nickel alloys. The diffusion coefficients
of cobalt in nickel-aluminum alloys were determined in research [2],
and the results showed that for the study of the laws of dlffusion
in these alloys 1t is advisable to use the radioactive isotope Co®°,
which 1s most suitable for thls purpose instead of the nilckel isotope.

In investlgating the diffusion parameters we used the absorptlion
method, by which the correlation of B activities of the side of the
test piece covered with the radloactive isotope 1s determined by
the equation

neDt

Tos = —
e [1— eruV'Di, (1)

0,

~

=3

Where Io & and Io.t are the B activities of the surface of the test

plece before and after annealing for time t;
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D is the diffusion coefficient of the glven component in the
alloy; (’)
i is the absorption coefficlent of the given radiation in the
alloy.
lThe use of this formula presupposes an infinitely thln layer
of radiocactive isotope on the surface of the test plece. In our
case the radioactive indicator was applied to the test plece
electrolytically and the thickness of the layer amounted to about
1 micron. A part from B rays with an energy of 0.31 Mev, the isotope
Co®° radiates v rays components with an energy of 1.17 and 1.33 mev.
The vy radiation was elimlnated by means of an aluminum shield and
was deducted from the total activity. From the v activity we were able

to ascertaln the state of preservation of the coating. If part of

e

the radiocactive coating evaporated, the y activity of the test plece

changed after annealing and we then had to make the necessary
is Iyo
IBO IV

in the left hand term of Eq. (1). However, such cases seldom

correction. In such a case, we shall have the ratio

occurred in our experiments, since the test pleces were annealed in

an atmosphere of argon.

Io.
Using the availlable tables, we derived from the ratio gt
Io.
- 0.0
the quantlty xZ = uth, from which D = = -
uot |

The use of the absorption method requlres knowing the absorption
coefficient of radioactive radiation in the given material. This 1s
the chief disadvantage of the method and i1t shows up particularly
in a case when the P radiation of the radioactive 1ndicétor 1s not

monochromatic. This 1s not the case with co®°. |
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The absorption coefficlents of B radilation of Co®° in the
components were calculated on the basls of the known absorbtion co-

efficlent of B rays of cobalt in cobalt (uCo = 518 em™!) by equation

Where pNi, pCo and pCr are the densities of nickel, cobalt, and
chromium respectively. The absorption coefficients in an alloy

being subject to the rule of addition were found from the correlation

(2)

tean = pr1 Cny + pee Cor,

Where Cpyy and CCr are the atomic concentrations of nickel and chromium
respectively. The absorption coefficients for the alloys under in-

vestigation are given 1in Table 2.

TABLE 2
M cnnasa
i 2 3 | - 4 b [
Henny M3 519,3 510,1 508,5 503,3 497,7 4931,

Experimental Data

The diffusion coefflcients .of nickel-chromium alloys were de-~
termined in the temperature range 1050, 1100, 1150, 1200, and 1250°,
at which all the alloys were a homogeneous solld solution with a

cubilc face-centered lattice [3]. The results obtained are shown in
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Table 3.

Each coefficlient 1s an average of two test pleces. The average (:)

error in calculating the diffusion coefficient was 15 to 20%.

The points plotted on the graph log D — 1/T are for.each alloy on

the straight line (Fig. 1) and from the latter we can determine by

~E5/RT
the formula D = Dge a/ the pre-exponential term Dy and the acti- h
vation energy E; of cobalt diffusion in the alloys in question.
The calculated parameters E, and Do are given in Table 4. |
TABLE 3 1
a é% D, cMYcyTrn
E‘ :5;5'53 e ‘
= |:Zgk 50 - 11507 1200¢ *
s | SEE 1000° 1050 1100°
10 4,51]1,22.10-7 — 5,80.10~7 1,22.10~0 .'i,Oi-iO" 5,82.10-¢
2| 8,79/8,07.10-2 | 2,22.10-7 | 4,92.10~7 | 1,02.10~* | 2,52.10-¢ - i
4 15,79 = 2,37.10-7 | 8,9 .10-7 | 2,2 .10-¢ | 5,42.10~¢ | 1,66.10-
5 122,03 — 1,59.10-% | 3,69-10-7 | 9,6 -10-7 | 1,92.10-% | 8,3 .10-* ,
6 [25,11 = 2,15.10-7 | 4,45-10-7 | 8,72.10-7 | 1,89.10~% | 5,27.10-* ]
TABIE 4 {
o |
N cnaana Cr, % ar. D,, cmceis, Eg . KKaJI/MOML ’
1 4,51 0,8 0,045 61,6
2 8,79 0,88 0,206 67,0 i
4 15,79 0,97 94,1 82,0
5 22,03 — 0,567 79,0
6 25,11 - 0,054 63,4

s i S — L
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The concentration-dependence of the diffusion coefficients is
difficult to detect since they vary only slightly from one alloy to
another, although the alloy containing 15.79 atom# Cr has greater
atomlic mobility at all the temperatures investigated (see Table 3).
The concentration-dependence of the pre-exponential term and of the

activation energy of diffuslon are very clearly marked, however,

Analysis of Results

The basls of all existing heat-resistant alloys are metals of
the transition group. This 1s because a metal with an incomplete
electron d shell 1s able to accept electrons from a preclpltate,
which 1ncréases the forces of interatomlc reaction owing to the add-
itional electronic bonds created. This situation continues to exlist
until all the vacancies in the incomplete electron d shell are fllled.
The extent to which d vacancies are filled 1s convenlently charaeter-

ized [4] by the f£il11 factor

e (3)

do i

when do 1s the number of unpaired 4 electrons per atom in the gaseous
state, and dH is the number of unpaired d electrons per atom 1ln the
solid state.

The actlvation energy of diffusion, which expresses the magnl-
tude of the forces of interatomlc reactlion 1s llable to increase to-
gether with the fill factor, reaching the maximum at q = 1, 1.e.,
when all the d vacancies are filled. After that, any increase in
the electron cencentration will increase the kinetic energy of the

electrons in the system, which leads to a declline in the energy of
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the interatomic reaction and, consequently, of the activation energy
also. The qualitative connecf:ion between the activation energy

of diffusion and the f111 factor was established for many alloys

in which either one or several components are elements of the trans-
sition group. For example, during the study of diffusion of cobalt

in nickel-magnese [4] cobalt-aluminum, cobalt-iron and cobalt- chromlum
[5] alloys, a parallel change in the activation energy of diffusion

and the fill factor up to q = 1 was observed. ‘

With nickel-chromium alloyé, the additional electronlc bonds
which occur during the f£111ing of the electron d shells are par-
ticularly strong since both alloyed metals are elements of the
transition group and have incomplete d status.

The fill factor g was calculated according to the formula (3)
for each of the alloys investigated. The number of unpalred d-
electrons in the gaseous state dg, which 1s subject to the rule of.

addition, was calculated for each alloy from the junction
dy = doyy Cri + dog, Cer,

where CNi and Ccr are the atomlc concentrations in the alloy of
nickel and chromium, respectively. Sprectroscoplc data show that
in the gaseous state nickel and chromlum have 2 and 5 unpaired d-
electrons per atom respectively, i.e., doNi = 2, dogp = 5.

The number of unpalred electrons per atom in the solld state
for each alloy was taken from published data [6]. The values of
the f1l11 factor g are given for each alloy in Table 4; it is clear
from the table that the activation energy of diffusion lncreases-to-
gether with the increase of g in the alloy contalning 15.79 atom%

in which the electron d orblts are completely filled. The subsequent
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sharp decrease in actlivation energy 1s due to the fact that the
potential bond energy does not vary whereas the kinetic energy of
the electrons increases wlth the electron concentration.

It follows that the concentratlon-~-dependence of the activation
energy of diffusion of cobalt in nickel-chromium alloys (Fig. 2)
obtalned agrees well with the theoretlical premlses regarding the
character of the interatomic reaction in alloys.

As the theory shows, we can estimate the temperature coefficient

" of the modulus of elasticilty in alloys from the concentration-depend-

ence of the activation energy of diffusion.

Accordingly [7], the pre-exponentail term Do 1s theoretically

expressed by the formula
Dy = Ya’veAsm: (%)

Where a 1s the lattice parameter
v 1s the activation energy;
AS 1s the actlvation entropy; and
v 1s a coefficlent equal to one in the case of "hole" diffus-
lon in body-centered and face-centered cublic lattices.

The activation entropy, accordling to Zener, 1ls expressed by the

formula
Ell
bl A (5)
Where Ea 1s the activation energy of diffusion,
Ty is the temperature of fusilon;
4 (i)
PEEDUNIE V.. A
B dci.. (6)
'7b)
~139-
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K is the modulus of elasticity at a given temperature;

Ho 1s the modulus of elasticity at 0°.
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Fig. 1. Dependence of log D
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Fig. 2. Dependence of E; on the
chromlum content.
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Substitution of the expressions (5) and (6) in the Eq. (4)

015 5a
B Do == YazveTs K .
Taklng —— = By we obtaln
T
S
o, Za (7)
Dy = yatve ®,
1 dp .
Where By = o ar 1s the temperature coefflclent of the modulus of
elasticity.

Hence by plotting log Do agalnst gs, for varlous concentration,
we obtaln the temperature coefficlent B, of the modulus of elasticity
as a tangent of the angle of slope of the stpaight line,.

This dependence 1s given 1n Flg. 3, and 1t 1s clear from the
graph that the po;nts fall satisfactorily along a stralght line.

The temperature coefficient of the modulus of elastlecity calculated
from the graph 1s 8.55 - 10 * degree %,

Thls indirect method of determining the temperature coefficient

of the modulus of elasticlty cannot compete with direct methods for

~141-
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the following reasons:

The accuracy in calculating the diffusion parameters is lower
than that attained 1n determining the modulus of elasticity;

The temperature coefficient of the modulus of elasticity that
can be obtalned is an average both for the alloy concentrations and
the temperature range, under conslderation since we have to base our
calculations on a graph in which each point is obtalned within the
temperature range under investigation, while the calculated line
is plotted for alloys wlth different concentrations. However, 1f it
1s taken into account that the variation in the tempera%ure coeffi-
clent of the modulus of elasticity with a concentration Wwitirin a one-
phase composition 1s small, as in the variation in fhe temperatu;e
range 200 to 250° in which the diffusion parameters are usually
calculated, the suggested method of determining this temperature
coefficlient is quate sultable for a rough estimate.

Influence of the Deformation Rate on the Diffusion Rate

Method of investlgation. In order to study the influence of the

deformation rate on the diffuslon rate we deslgned and built a
vacuum unit for the diffusion annealing of test pleces under load.
The operating principle of the unit was as follows: during anneallng
a mechanical axlal load of constant magnitude was applied to the
diffusion surface of the test pleces. The diffusion coefficlents
were determined by the absorption method, using the radiocactilve
isotope Co®°,

.,  The test pleces consisted of small cylinders 1.5 mm deep and

from 7.5 to 12 mm in diameter to ensure various pressures at the
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same load. It i1s essentlal for the test pleces to be strictly plane-
parallel, or else the load would be distributed unevenly over the
surfaces.

The deformation rate was determined from the equation*

e »
€ =2 -
[

Where t 1is the time of anneallngs
€ 1s the average deformation of the test plece during the
time of annealing, equal to

e=2'ln7:—o,

and where do and d are the diameters of the test plece before and
after anneallng, respectively.

The dilameters were measured with a micrometer at several points
and the mean used for calculation. The relative error did not
exceed 0.2% since the area of the test pleces varied during anneal-
ing as a result of deformation under the axial load, the method of
calculating the ratio of B activitles in the test pilece before and
after annealing was somewhat modified.

Since the so0lid angles at which the aperture of the epd-type
counter 1s vislible, are not equal the ratio of B actlivities of test
pleces of different slze obtalned from sectors of those pleces at
a different distance from the axls of the counter will differ from
the true value.

The fecllowing equation may be used [8] for the ratio of activi-
tles of two test pleces of different dlameter, with allowance for

the fart that they are not pointed in shape.
R,

(]
4, = If&l{(r)rdr
Ao I Rﬁj‘l *
°S K (r)rdr
0

formation times the quantity e hardly depends on t.
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Here: él— 18 the true ratio of P activities of test pleces
Ao
with radil R; and Rog;

Ei_ is the measured ratilo of'their activities.

%ﬁe quantity ?IK(r)r dr is the area of the graph K(r)r — r,
limited by the curse, ghe axis of the abscissae and the ordinary

r = Ry. The quantity foK(r)rdr is found by analogy. The function
K(r) = ELE) 1s the ratgo of activity of a polnted source, placed on
a stagengg)a distance r from the Axis of the counter to the activilty
of the same source placed on its axié.

In order to plot the graph K(r)r —r, the following experlment
was made, The.ﬁ activity of a pointed source 1in about 1 mm?® area
was measured according to the distance from the axls of the counter.
The distance r from the axis was varied from O to 15 mm. The
quantity e(r) = E%%; was then calculated and plotted on the graph
K(r)r—r. !

The results of the experiment for the two distances from the

aperture of the counter h; and hp, at.which the measurements of the

activities of the test pleces were taken, are shown 1n Fig. 4,

by
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Fig. 4. Dependence of ¢r) on r.

iy




o Tee—

Wm T T L P

"However, Eq. (8) gives the correction for.the ratio of activi-
tles, for the non-pointed nature of the test pleces. We ourselves
had to make a correction for the same sample which changed in size
through deformation. For this to be done 1t 1s necessary to
measure the activity per unit of surface.

Taking these corrections into account, we calculated the true
activity from the equation

A= TR — 1 R
nR? § K (r) rdr = § K (r)rdr
0 °

Then, the true ratlio of B activities 1s

R
§K@)rar
0

A

A Ty Tmrg .t
> ? § K (7) rdr (9)
)

The unit used for lnvestigating diffusion rates under load
1s shown 1in Fig. 5. The unit 1s mounted on a metal base and
covered with a glass vacuum bell jar (1). The furnace (2) stands
on a thermal insulating support (3). A force plug, which is con-
structed as part of the cover (4) attached to the metal base, fits
into the working space from above. The load (5) 1s increased 15
fold by means of the lever (6) and is applied to the test pleces
through the rod (7). A bellows (8) serves as packing between the
rod and the support. For purposes of 1nsulation the test pleces
are separated from the force plug and the movable rod by small
quartz cylinderé 20 mm in length. Two pleces of different dlameters
are placed in the furnace at the same time 1n order to obtain

different pressureé. To ensure that the applied load acts over the
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whole area of both test pleces, the latter are separated by a
molybdenum washer 2 mm thick. Washers are also inserted between
the test pleces and the quartz cylinders.

Since the faces of the test pleces coated with a radioactive
isotope were in close contact with the molybdenum washers, the
atoms of the radiocactlive 1sotope might have diffused into the waéhers
as well as Into the test pleces, which would have affected the
results of the absorption method of measuring. In order to eliminate
this possibili%y completely, even though 1t might only have been
slight because of the low diffusion rate of molybdenum, thin tempered
mica foll was Inserted between the test pileces and the molybdenum
washers; the foll also Had another purpose which is described below.

The test pleces, which had been subjected to diffusion annealing,
underwent axlal compression. Nevertheless, owing to friction be-
tween the faces of each test plece and the washer, hydrostatic 1n
addition to unidirectional pressure must have occurred. This
hydrostatic préssure will obviously be greatest at the faces and
will decline towards the center of the test plece. This distribu-
tion of load could have resulted in the formatlion of convex slde
surfaces on the test piece. The presence of hydrostatic pressure
in addition to unidirectional pressure should have reduced the effect
of the latter, since there ls reason to assume that wlth respect to
the rate of diffusion they act 1n opposite directions. In geheral
axlal compression wlll in fact produce a state of complex stress.

The mlca foll located between the washers and the test pleces
reduced i1f not completely eliminated, the effect of hydrostatic
pressure by acting as a lubricant. The use of the foll as well as

the thinness of the test pleces reduced if not completely eliminated
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any conveslty of the test pleces in our experiments.

R=e2 =

3 Flg. 5. Schematic representation of
device for studying diffusion rates
under load.

. SRS \\\\\‘QI CJ‘@

The temperature in the combustlion space of the furnace was
measured by means o; a thermocouple, the hot Junction of which was
placed close to the test pleces. The annealing temperature was
controlled with in + 2°. The base was cooled by running water.
The bell jar was shielded from the heat of the furnace by the
cyiinder (9) and was, in addition, cooled from the outside.

Results of the Measurements

A study was made of the diffusion rates under load of the
same alloys for which the diffusion coefficlents under normal
conditions were being determined. The lnvestigations were carried

out at a temperature of 1000 and .1100°. The load applied to the
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specimens amounted to 200 kg. The pressure on the test pleces was
varied from 1.8 to 4.5 kg/mm°, depending on their dimensions. The
resﬁlts of the measurements are shown in Fig. 6 and 7.

In all cases the diffusion coefflcient increased with the in-

crease in deformation rate é, revealing a llnear dependence on ==

D 10%n%eym

dr o e 0

o 5 o LT L
Fig. 6. Dependence of D on 1-.
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Table 5 shows the results of the measurements of the diffusion

coefficients in relation to the deformation rate in alloys contain-

ing 13.3 atom % Cr.
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TABLE 5

¢, uac-t
D, -10-¢ cu?/eyr

0,033
4,75

0,04
4,8

0,048
6,97

0,057
6,7

0,0575
6,8

0,062
10,4 -

0,089
18,15

0,108
28,6

Analysis of Results

The infiuence of deformation on the diffusion rate can be
considered from the viewpolnt of acquiring a clearer idea of the
diffusion mechanism, or from that of elucidating the mechanism of
plastic deformation at high temperatures. Although the influence
of stress on the diffusion rate has been known for a long time, 1t
1s only the development of new methods for investigating diffusion
by the use of radlioactive isotopes that enables us at the present
time to ralse the question of quantative laws.

The influence of hydrostatic pressure on the self-diffusion
rate of sodium was studied[9]. It resulted that hydrostatic pres- :
sure (~ 80 kg/mm®) appreclably reduces the self-diffusion coefficlent
about 10 times at 60° and lncreases the activation energy (by about
15%) . This has made 1t possible to hypothesize a model of diffuéion
called "relaxed vacancies". Instead of thé mechanlism of diffusion
through the movement of individual vacancles, the author suggests
conslderation of the formation and movement of a disordered zone
of atoms (12-16 atoms) relaxing around a vacancy. Here the activa-
tion energy of self-diffusion is equal to about 16.5 L, L being the
latent heat of fusion. An increase 1in activation energy is apparently
caused by a higher melting point undef hydrostatlc pressure. As to
the influence of unldlrectional pressure on the diffusion rate, 1t
has been shown [10] on the basls of the self-diffusion of iron at
890° that the self-diffusion coefficient 1s approximately a linear
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function of the deformation rate. However, the authors were unable
to interpret the progression which they had obtained of the de-
pendence of the diffusion coefficient on the deformation rate. One
of us [11] has made an attempt to explain this result, basing him-
self on the assumptlon that deformatlon at high temperature causes
an increase in the concentration of foci of disordered zones of
atoms or vacancles according to a law governing the eventual fallure
of the metal [12]. But this assumption [11] of an increase in the
concentration of vacancies has not been related to the deformation
mechanism itself'. The aim of the present work, however, was to
draw certaln conclusions concerning the mechanism of deformation at
hilgh temperatures from the effect of deformation on the diffusion
rate.

For a qualitative interpretation of thils influence we should
rely on our concepts regarding the development of vacancies in
dislocations. In so doing, we are adopting the following dislocatilion
model of high-temperature deformation. It 1s assumed that deforma-
tion is determined by the movement and interaction of dislocations.
The dislocations brought Into movement by stress flock together when
they collide wlith an natural obstacle. The stresses occurring in
the close-packed group incite the Frank-Read sources in the other
slip systems to form dislocations. When non-parallel dislocation
lines intersect, dislocation protrusions and related vacanciles occur.
In addltion to this, the dislocations may also serve as outlets for
the vacanciles.

At high temperatures the vacancles must diffuse into the out-
lets of a different type in such a manner that an approximately

equallized number of vacancles becomes establlshed. However, porosity
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in the diffusion zone as a result of the Kirkendall effect shows
that there may be considerable deviation from the concentration
equilibrium of the vacanciles. This indicates that the dislocations
cannot establlish thils concentration wifh any great ease. In this
connection we may assume the presence (during high-temperature de-
formation) of excess vacancy concentration, apparently a product of
the dlformation rate (é), which causes an increase in the dlffusion
rate.

Let Do denote the diffusion coefficlent under a certaln effec-
tive stress g, and AC the excess concentratlon of vacanciles.

Then,

Do= D+ AD = D + ACD,, (10)

where Dv 1s the diffusion coeffilclent of the vacancles.

In accérdance wlth the above and 1n order to explaln the re-
sults obtained, let us assume that ACc’éz. Furthermore, AC must
also depend on the average number of protrusion per unit length of the
dislocations 1nducing the vacancies (nj).

We may then assume that*
AC = Knye, (11)

where Kil1ls the coefficlent of proportionality.

The number of dislocatlon protrusions n'j 1s connected with the

dislocation density Ny [13] in the following way:

* In other cases, the vacancy-generatlion rate 1s proportional

to the deformation rate.
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n; = fLNg, (12)

where £ 1s the number of dislocation protrusions capable of generat-
ing vacancies:

L is the average half-distance covered by the dislocation from
the source to the barrier.

The diffusion coefficient of vacancies D, can be found, accord-

ing to [13], from the relation

D,T* = mb?, (13)

where m is the average number of vacancy jumps from the source to
the outlet;

b 1s Burger's vector; and

T* 1s the average life span of a vacant site on the standard

course, determined from the expresslon

T* = mry e*ST, (14)

where To is the oscillation period of the atoms;
€S 1s the height of the activation barrier;
ToeeleT is the normal length of the sedentary life of the
vacancy untll its exchange with an adjolnling atom.
From Egqs. (10), (11), (12), (13) and (14) we obtain: .
isIKT.

KfLN b2
S < e G (15)

De=D +

An analysis of Eq. (15) shows that the rate of increase in the
mobllity of atoms following deformation at high temperatures may

be described by the coefficient
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dD,  2K[LN e *S%T |

It follows from Eq. (16) that at a given temperature and at a
constan? deformation rate the metalts abllity to soften 1ls determined
by the dislocation density, the quantity L of the mean free path
of the dislocatlion, and the height of the actlvation barrier, which
in turn depends on the interatomic bond strength.

We should point out that, given our assumption, our analysis
has only a qualltative character.

The softening coefflcients 1n high temperature deformation can
be compared from experimental data. With alloys Nos. 1 - 3 and 6
at 1100°, and at a deformation rate of 0.17 hours ' (Fig. 6), they
equal 1.26 * 10-5cm-2, DDl = 10-5cm2, and 1.13 - 10_scm2, respectively;
under the stated conditions, softenling 1s greatest in alloy No. 3.

Further investigation 1s necessary to verify all the conclusions
which can be drawn on the basls of the approximate method proposed.

In particular, we should investigate the temperature-dependence

determined by Egs. (15) and (16). Nevertheless, it apparently seems

safe to assume that the diffusion coeffliclients by themselves cannot

fully describe the resistance of a metal td deformation at elevated _
temperatures. Thils can best be judged from the sum total of the ﬂ
diffusion coefficients énd the manner in which they vary with changes J

in the deformation rate.'

Conclusions

1. The parameters obtained for the diffusion of cobalt i1in
nickel-chromium alloys with a chromium concentration of 4 to 25
atom % enabled us to establish the fact that the dependence of the
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activation energy of diffusion on the chromium concentration agrees
with theoretical speculation as to the character of the atomlic in-
teraction in alloys based on elements of the transition group.

The activation energy of diffusion increases with the increase in
chromium concentration and attains maximum values at <o 15 atom %
Cr, at which the vacant sites of the electron d shells are filled
to the maximum extent; after which, it declines.

2. From the data on diffusion we estimated the average tempera-
ture coefficient of the modulus of elasticlty for the lnvestigated
alloys 8.55 * 10 * degree *.

3. We designed a device and developed a method for the study
of diffuslon parameters durlng plastic deformation at high tempera-
tures.

4. It was discovered that the diffusion coefficlents rlse with
an ilncrease in the deformation rate e proportionally to éa. We
suggested a tentative explanation of this effect, according to which
the increase in the diffusion coefficient under plastic deformation
1s ascribed to the development of an excess number of vacanciles
during the movement of the dislocations.

5. An expression was found for the coefficient of softening of
a material at high temperature under load.

6. The hypothesis was advanced that the resistance of metals to
deformation at high temperatures cannot be fully explalned by the
diffusion coefficlent when obtalned under normal conditions. For
this to be alone, one has to take into account the variation in the
diffusion coefficient arising from variation of the deformation

rate.
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SOME RESULTS OF A STUDY OF THE SELF-DIFFUSION
OF IRON AND PROBLEMS OF HEAT RESISTANCE

B. M. Noskov

The activation energy of self-diffusion 1s a function of the
bond energy of the crystal lattice. Hence data on self-diffusion
made it possible to evaluate the interatomic bonds in metals and the
properties of metals which depend on these bonds. Specifilcally
the activatlon energy of self-diffusion can be consldered as one of
the physical characteristics of heat reslistance in alloys.

A definite relationship between the bond energy and the activa-
tion energy of diffuslon has been established so far only 1n the

E
case of self-diffusion where —2— = 0.67 for a face-centered lattice
E : ee
and == = 0.85 for a body-centered lattice.
Ebee

There is no such quantitative relationshlip for inhomogeneous
diffusion. However, slnce inhomogeneous diffusion is related to the
self-diffusion of the atoms of the solvent, the data on it do, at
least indirectly express the magnitude of the interatomic bonds in
the region of the diffusing solute atom.

It will be shown below that the alloyling elements equally in-
fluence the self-diffusion of 1ron and the diffusion of cobalt.
Consequently, data on lnhomogeneous diffusion may also be used to

discover the qualitative influence of the alloy components on the
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strength of atomlc interaction.

It has been established that the diffuslon process is very

easlily affected by the composition of the diffusion medlium. The
presence of very small quantitles of foreign atoms may greatly change
the diffusion characteristics. We may expect the iInfluence of an
alloy component to be determined not only by its quantitative content
but also by the elements themselves whlch compose the alloy. Since
today's heat-resistant alloys are usually multicomponént systems,

the study of the influence of the alloying components on the self- k
diffusion constants 1s partlicularly lmportant.

Besldes the composition_of the alloy structure also greatly in-
fluences the diffusion constants since the inhomogenelty of the
diffusion process arising from the difference in diffusion with 1in
the body of the grain and in the boundary layer determines the
.high sensitivity of this process. The connectlion between the alloy's
composition, the diffuslon-actlivatlon energy and 1lts heat-resistance
may only be considered under structurally ldentical conditions.

A study of the influence of the composlitlion of alloys and thelr

structure on the diffusion process was made at the Gortkiy State
Unlversity.

The 1influence of manganese, chromium, nickel, vanadlum and
carbon on the self-diffusion and diffuslon of iron and cobalt in
~ certain alloys with an iron cobalt base was Investigated and the
resuits of the work are shown in Fig. 1-5.

We can see froh Fig. 1 that an increase ranging up to 4% in the
manganese content, the alloy leads to a constant increase of the

diffusion-activation energy but a further increase (up to 8%) results

in a decllne. Nevertheless with 8% Mn it 1s still higher than in

=1o% -
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pure iron. The variation in activation energy with a greater'
manganese content 1s exactly similar to self-diffusion of iron and
the diffusion of cobalt, both in body-centered and 1ntercry§ta11ine
structures.

A study of the influence of chromium on diffusion in cobalt-
chromium alloys has shown that increasing the chromium content up
to 7% leads to a rise in the activatlion energy and self-diffusion
of cobalt and the diffusion of lron. A comparison of these results
wilth the data provided by P. L. Gruzin [1] on the influence of
chromium on self-diffusion in iron shows the complete simllarity
of the influence of chromlium in both iron-chromium and cobalt-
chromium alloys. Chromium has a similar influence on the diffusion
of cobalt in an iron-nickel-chromlium alloy as well.

An Increase in the nickel content of a cobalt-nickel alloy up
to 4% leads to an increase in cobalt!'s activation energy of self-
diffusion but a further increase in the nickel concentration causes
it to diminish} when the nickel content is 30%, the activation
energy 1ls even less than the acti&ation energy of self-diffusion in
pure cobalt. Nickel has the same 1in the diffusilion effect of iron
in cobalt-nickel alloys.

We also studied the influence of carbon concentration on the
diffuslion of cobalt in iron-carbon and iron-nickel-carbon alloys.

A comparison of the results with the data obtained by P. L. Gruzin,
Yu. V. Kornev, and G. V. Kurdyumov [2] and with the work of P. L.
Gruzin and Yu. V. Kuznetsov [3] on the influence of carbon on the
self-diffusion of iron in these alloys shows that a higher carbon

content leads in every case to a decrease 1n activation energy and

a certain addition of carbon produces an approximately equal decrease
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Fig. 1. Dependence of Ea on manganese I
concentration in an lron-manganese alloy.
1) body; 2) intercrystallitic self-dif-

fusion of iron; 3) body; 4) intercrystal-
litic diffusion of cobalt.
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Flg. 2. Dependence of E_ on chromium

concentration. Diffusiofi: 1) Co in a
Fe-Ni alloy; 2) Fe in a Fe~Cr alloy;

3) Co, 4) Fe in a Co-Cr alloy.
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in the activation energy in each instance.

A study of the influence of small additions of vanadium on the

self-diffusion of iron showed that an addition of 2.13 atom % V
reduces the activation energy of self-diffusion to 63,000 cal/mole.
According to data obtained by V. A. Iltina and V. K. Kritskayo [4],
an addition of 2.3 atom % leads to a decrease in the bond strength
and an increase in dynamlc dlstortions of the crystal lattice,
corresponding to the decrease in the activation energy of self-

diffusion which we have observed.

Q,xxanfuany
100

ol E JONL%
Flg. 3. Dependence of Ea on nlckel

concentration. Diffusion in a Co-Ni
alloy: 1) Fe, 2) Co.

Q, xxanfmons

82 @Y 4F Qe deck

Fig. 4. Dependence of E, on carbon
concentration. Diffusion of Co 1in

the alloys: 1) Fe-Ni-c; 2) Fe-C;

self-diffusion of Fe 1n the alloys:
3)Fe-Ni-C [3]: &%) Fe-C [2].
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As we can see from Figs. 1-5, the influence of the alloying
elements both on self-diffusion and on diffusion is the same. The
curves of concentration-dependence of the activation energy are
parallel to each other. This enables us to use the data on the
Inhomogeneous diffusion of atoms related because of thelr chemlcal
nature for qualitative evaluation of the influence of the alloy

components.

We should, however, polint out that although 1n some systems
(Fe-Mn, Co-Cr) inhomogeneous diffusion proceeds in conjunction with
a lower activation energy as compared wlth self-diffusion, in other
systems (Co-Ni, Fe—b, Fe-Ni-C) the reverse occurs. This indicates
a difference in the nature of the Interaction of two or three dif-
ferent atoms and shows that not only is the overall quantity of
alloying elements important, in alloying, but also their number and
nature. 3

Investigation shows that additions of manganese. and chromium
increases the heat resistance of iron and 1ts alloys, whille addi-
tions of vanadium and carbon have an unfavorable effect. But thils
conclusion 1s valid only for alloys with the same structure.

A study of the influence of the structure of alloys on self-
diffusion has shown that the martensitic transformatlon, which
produces a great number bf internal separation planes, ilncreases the
self-diffusion coefficient by influencing diffusion over graln
boundaries. This leads to the formatlon of a break in the straight
line showing the dependence of log D on ;. P. L. Gruzin, Ye. V.
Kuznetsov, and G. V. Kurdyumov [5] have established that alloys
which retain their austenitic structure when cooled to room tempera-
ture do not produce such a break, and that the.latper is only

.
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observed in specimens cooled to a point below that of the martensitic
transition. Since the diffusion tests were carried out at consider-
ably higher temperatures than that reduired for the transformation
of martensite back into austenite, it followed that the lattice
distortions along the former boundaries of the martensite crystals
and blocks are retained to a considerable degree in the austenite
grains and only disappear after a perlod of time. The existence
of such 1ntragféin slip boundaries ensures accelerated diffusion
paths in addition to the normal grain boundaries, and glves rise
to increased coeffilcients in the low-temperature zone, slince a
certain average ("apparent") coefficlent (the result of simultaneous
body and intercrystallitic diffusion is measured) . Gradual destruc-
tion of the traces of these intragranular slip planes brings the
measured diffusion coefficlent nearer to the coefficlent of homo-
geneous body diffusion. It does not make a difference here whether
the number oflbands decreases gradually or whether the cryéééi
lattice is gradually restored along al; the bands, both cause a de-
crease 1n the diffusion coefficients.

In collaboration with Ye. V. Kuznetsov, G. V. Shcherbetinskiy,
G. K., Borisov, and Ye. I. Shevin we investigated the influence of
the intragranular separation boundaries on diffusion, testing the

following alloys: iron-nickel-carbon (24% Ni, 0.9% C); iron-nlckel-

carbon (19.85% Ni, 0.95% C); and iron-nickel-chromium (25% Ni, 5% Cr).

A1l these alloys retain theilr austenitic structure when cooled
to room temperature. To ensure a martensitic structure, the specl-~
mens were soaked 30 - 40 minutes at the temperature of liquld oxygen
(~-183°) . Some of the specimens which had undergone martensite

transformation were reheated, which restored the austenlte. The
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heating tock place at various temperatures (for a prescribed time)

and at a different time (at a stipulated temperature).

i, weaejmne
04 -
“_
! 2 Zlv,al.n%
i ]
Fig. 5. Dependence of E; on vanadium $
concentration in an iron-vanadium alloy.
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Fig. 6. Dependence of D on temperature
of preliminary heating for 1 hour.
Alloy containing 24% Ni, diffusion at
950°, duration of diffusion 170 hours.

The coefficients of self-diffusion were determined with the aid I
of radiloactive isotope Fe®® by the integral-residual method [6] and
by the absorption "ratios method" [7]. The results of the measure-

ments show that the "apparent" diffusion coefficient for martensite

specimens is 1n all cases higher than for the austenitles which had

not undergone the martensite transformation. The restoration of the
austenitic structure after a heating for one hour leads to a drop in
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the diffusion coefficient; the higher the temperature of the one-
hour heating that restores the austenilte (Fig. 6), the steeper the (:)
drop. :

The greater the decrease in the diffusion coefficient, the longer
is the heating time to restore the austenlte at a prescribed tempera-
ture (Fig. 7). Consequently, if the martensite specimens are not
heated long enough at a temperature above the transition of marten-
site to austenite, not all the traces of martensitic transformation
are entirely eliminated. An identical value for the coefficient of
self-diffusion and, consequently, the elimination to an equal degree
of the traces of martensitic transformation are obtained under the

following conditions:

T L T T
34 %acH narpena Harpena

800 100 —
900 20 36
250 8 16

1000 4 9

1050 — 4,5

1000 1 2

The elimination of the traces of preliminary martensitic trans-
formation 1s an activated process, descrilbed by the équation
< = oA,
in which v 1s the time necessafy for the elimination of the traces
of martensitic transformation.
The activation energy of this process (Fig. 8) 1s equal to

45,000 cal/mole for the iron-nickel-carbon alloy, and 44,000 cal/mole

o
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for the iron-nickel-chromium.

The elimination of the traces of martensite transformation appears
to us as a diffusion process taking place in the zones of the former
slip planes. Consequéntly, the actlvatlon energy of thils process
must be close to the activation energy of diffusion on the grain
ﬁoundaries. Certaln Indirect consideratlons enable us to assume this
closeness. Accordlng to other data,. the activatlion energy of inter-
erystaliine self-diffusion in iron 1s 75-80% of the activation energy
of body self-diffusion [8]. In iron-nickel-carbon alloys the activa-
tion energy of intragranular self-diffusion amounts to 58,000 kcal/mole
[3]. If we assume that the same correlation holds for the activation
energles of lntra-and iIntercrystalline self-diffusion in this alloy,
then the quantity Q = 45,000 kcal/mole 1s very close to the assumed
energy value for diffusion on the grain boundaries.

If the process of regularizing the crystal lattlce of austenite,
which involves ellmination of the traces of martensitic transformation,
1s a diffuslion process and takes place with an activation energy close
to that of intercrystalline diffusion, thenmye reg; that the fqllow-
ing conclusion may be drawn. l :

A long perlod of distortion in the crystal lattice 1n the zone
where traces of former martensite slip planes exist glves rise to
a state of high diffusioﬁ permeablility for the duration of these
traces in austenlite obtalned through thils transformation of martensilte.
Self-diffusion in such a medium must take place with a lower actlva-
tion energy, which means lower heat-resistant properties in the alloy.
If the alloy serves under condlitions of rapidly fluctuating tempera-
tures falling below the point of martensitic transformation, at high
temperatures (900—806), it will in practice retain the disordered
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crystal lattice caused by the traces of former martensitic transfor-
mations during the whole period of service, provided that the time
between the alternation of high and low temperatures is lgss than
20 - 100 hours, respectively. An alloy of this kind will have a
high diffusion permeablllty and a low activatlion energy of self-
diffusion while i1n service and, consequently, lower heat resistance.
Hence, alloy which do not undergo such structural transformétions
in the given temperature interval are preferable for use under

conditlons of alternating high and low temperatures.

J10 "cu'/uzu
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aJ \0
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e
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M 25 50 v 100

L,vac

Fig. 7. Dependence of D on the pre-
heating time at constant temperature.

=
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Fig. 8. Dependence of log T on - for an
T

iron-nickel-chromium alloy (1) and an iron-
nickel-carbon alloy (2).
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CONCERNING THE CONNECTION BETWEEN DIFFUSION
AND HEAT RESISTANCE IN ALLOYS

A, Ya. Shinyayev

Great attention is being given at present to the study of
diffusion in heat-resistant alloys. This research is being con-
ducted for the reason that diffusion processes exert a great in-~
fluence on the most important characteristics of alloys and par-
ticularly on their heat resistance [1, 2]. In this connection
the study of diffusion in nickel alloys 1s now assuming very great
significance. |

Nickel alloys have been carefully investigated from the view-
point of improving thelr mechanlical propertles by means of alloy-
ing. A study of the heat reslstance of these alloys made by
Prof. I. M. Kornllov and others has shown that heat resistance 1s
considerably increased by adding nickel, titanium, chromium, tung-
sten, aluminum, and other elements [3] to the solid solution. The
high heat-resistance of alloys based on nickel corresponds to the
transition zone from solid solutlons to heterophase alloys and can
mly be attained by the simultaneous addition of several (five, seven
or nine) elements to the nickel solid solution. The maximum heat-
reslstance lncreases stepwise durlng the transition from binary

to ternary, quaternary, and more complex alloys.
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We formulated the problem of making a systematic study of
diffusion in nickel alloys of those systems which are the most im-
portant from the viewpolnt of heat resistance. For our investiga-
tion we took the binary nickel-titanium, the ternary nlckel-~titanium-~
chromium and the quinary nilckel-titanium-chromium-tungsten-aluminum ..
systems. The above-mentioned systems had already been carefully
studled from the viewpoint of heat resistance [5-8] and data for
a wide temperature interval had been obtained. It was therefore of
great interest to lnvestlgate diffuslon in the said system 1In order
to establish the connection between diffusion and heat resistance.

We should polint out that the investigation of diffuslon in
multicomponent alloys, for example, alloys of the quinary system
nickel-titanium-chromium-tungsten-~-aluminum, is a new and very complex
problem. In general, the study has been concerned with the concen-
tration-dependence of the diffusion coefficilent of the atoms of the
alloy base, whlch however cannot show the actual change in atomic
Interaction 1n the given system. This 18 explalned by the fact
that 1n the study of diffusion in complex systems there is always
some uncertainty as to the data obtalned on atomlc interaction,
occurring as a result of the concentratlion-dependence of the diffus-
lon coefficlent. But in cases where the concentration-dependence 1is
more sharply defined than the change 1n atomlc interaction, we may
obtaln an entirely distorted plcture of this change 1n alloys when
Investigating diffusion. In order to compare the data on diffusion
and heat resistance, we should study diffusion 1n such a way that
the experimental data we obtaln represent the true change in atomic
interaction when pagsing from one alloy of any given system to

another.
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A consliderable variatlion in the percentage of nickel content
(the base) and of the other components of the alloy occurred in the
alloys of the systems mentioned. In order to avoid the influence of
differences in the concentration of the components on the diffusion
characteristics, we chose as a diffusing substance an element that
was not directly part of the reference alloy. The diffusion coef-
flclent of the element in questlion had to be equal to. or higher than
that of any of the components of the alloy. This 1s because of the
fact that the softening of the crystal lattice of the alloy may be
caused at high temperatures by the most moblle component--which
diffuses easily.

The above-mentioned requirements are fully met by iron. It is
not directly a component of the alloy under study and, furthermore,
1t can be traced by the radio-actlive isotope Fe®?,

Research [9] has shown that the additlion of such high-melting
admixtures as molybdenum, nicobilum, titanium, and vanadlum to the
matrix of the iron-nickel alloy reduces the value of the self-dif-
fusion coefficlient of iron and increases the activation energy of
the process. As has also been shown by P. L. Gruzin [10], chromium
sharply increases the self-diffusion energy and reduces the self-
diffusion coefficient of iron.

In view of the fact that metals similar to iron and nickel
have many physlcal propertles in common, we were able to assume that
the addition of titanium, chromium, and other elements into the
nickel-base s0lid solution must have the same effect as 1n the case
of iron. A convincing argument in support of this assumption is
provided by the study of atomic interaction 1n nickel alloys made
by G. V. Kurdyumov and N, T. Travina [11]. They showed that the
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value of the mean square deviatioﬁ of the atoms from the state

of equilibrium increases when chromium, titanium, and alﬁminum are
added to the nickel matrix. The greatest decrease in the mean square
deviation was observed when these elements were added simultaneously.
It follows from thls that by measuring the diffusion rate of 1ron in
nickel alloys we may obtaln the diffuslon coefficilent, which character-
l1zes by 1ts magnitude the upper level of the diffusion coefficlents

of the alloy components.

Since the orilginal elements (nickel and chromium) contained
small admixtures of iron (up to 0.13%), neilther the addition of
less than 0.5 mg per 2 cm® of radiocactive iron to the glven alloy
now the diffusion of these radioactive atoms could affect to any
extent the propertles of the alloys under investigation.

In accordance with our task, whilch was to compare the diffusion
characteristics of alloys with thelr heat resistance, we chose the
zones of the above-mentloned systems in whilch maximum heat resistance
1s found.

The experlments on diffusion and heat reslstance were carried
out with specimens identical 1n structure and compositon, for which
purpose we used the same starting materlals. The alloys were melted
in a high-frequency furnace under a slag of Alz0s, MgO, and Caoc in
the ratio of 48:7:45. As starting material, we used 99.8% pure
electrolytic nickel 98.5% pure metallilc titanium, 99.05% pure alu-
mothermic chromium, 99.95% pure tungsten and 99.8% pure electrolytic
aluminum.

The melted ingots were subjected to exactly the same annealing
conditions as were established in the tests for heat resistance.

This made it possible to avold the 1influence of structure on the
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alloy characteristics.

Investigatibn of the milcrostructure showed our data colncided
closely with the data obtailned by others [5-8].

The diffusion coefficients were measured by the methéd we
proposed in an earlier study [12] based on the use of electrolytic
polishing to remove thin layers from the specimen. Disks 15 mm in
diameter and 2-2 mm thick were made from the ingots for use in thils
method.

An electrolytic bath contalning a solution of radioactive iron
and ammonium oxalate was used to deposit a thin layer of radioactive
iron Fe59 on one of the polished surfaces of the disk. After dif-
fusion annealing at a constant temperature by electrolytic polishing,
thin layers (8-10 microns) were removed from the specimen. The
intensity of the radioactive radiation from the electrolyte in which
the electrolytic polishilng took place and the specific activity of
the radiocactive iron in each layer removed were determined by direct
measurement. The error of measurement of the diffusion coefflcient

by this method was 5-8%.

Diffusion in a Nickel-Titanium System

Titanium is one of the most important alloylng elements for
heat-resistant alloys. Its addition to nickel alloys improves many
of thelr mechanical properties and, as shown by experimental data,
results in considerably greater resistance to deformation at high
temperatures.

It follows from the phase dlagram of the nlckel-titanium system
[13] that the solubility of titanium in nickel within the temperature
interval 800-1200° 1s 8-11% by weight. When the titanium content
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rises above the 1imit of solublility at a given temperature, a phase
forms 1ln the al;oys, based on the compound NiaTi. The chemical
compound NiaTi ﬁas a hexagonal lattice, whlle the solid solution

of titanium.in nickel has a face-centered cublc lattice.

The investlgation of heat resistance in alloys of the nickel-
titanium system [5] has shown that at 800° the composition-heat
resistance curve reaches a clearly defined maximum which relates to
the zone in which the nickel solid solution 1s saturated wlth titanium
and corresponds to alloys contalning 8-10% T1 by weight.

We chose alloys of thé nickel-titanium system relative to the
zone of maximum heat resistance for our study of diffusion. The
titanium content in these alloys was 4, 6, 8, 10.6 and 14% by weight.

The investlgatlion has shown that in alloys with a titanium
content of up to 8% in weight inclusive, the solid solution had a
large-graln polyhedral structure and that alloys contalning 10.6 and
14% by weight had a clearly deflned two-phase structure. The largest
polyhedrons 1n the solid solution had a diameter of 3-4 mm.

The study of diffusion was made out at 950, 960, 1050, 1093,
and 1247°. The diffusion coefficients of i1ron in nickel-titanium
alloys at these temperatures are shown in Table 1.

Flg. 1 shows graphlcally the varlation of the diffusion co-

efflcients D when the titanium content in the alloy 1s 1lncreased.

_As we see, the value of D decreases with the lncrease 1n titanium

and attains a minimum at 950° in an alloy containing 8% Ti by weight.
If there 1s a.further increase in titanium 1n the alloys, D

increases. If the temperature increases the minimum value of D is

observed 1n alloys contalning a small quantity of titanium. At 1093°

the minimum of D corresponds to 6% T1 by weight, and at higher tem-
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peratures it is entirely dilsplaced into the zone of dllucte solid

solutions.

TABLE 1 °

Diffusion Coefficlents D, the Pre;exponéntial

Multiplier Do and the Activation energy E

of Iron Diffusion in Alioys of the Nickel-Titanium

System
Tusan, DD T I TR
pec. 9% R | _ i N syt E, | MEOIKHTEN
‘ oy | 960 | 1050° 1095* 1245% WO r-ATOM D,, cm¥jcen
i
1
4 0,31 | 3,2 49,9 62,8 1,35
6 0,21 | 0,31 1,75 2,9 52 63,6 3,9
8 0,12 .16 1,44 3,0 51,3 73,1 1,6-10t
10,6 0,2 4,5 M1 71,2 6,8
14 0,125 3,0 45,2 73,0 1,5.10

The values of the activation energy E and the pre-exponential
multiplier Do of the diffusion process, were calculated from the
values of the diffusion coefficlents given in Table 1, and are given
in the same Table.

The data obtained on diffusion in alloys of the nickel-titanium
system make it possible to draw the conclusion that the additilon of
titanium to the nickel solid solution increases the forces of atomic
interaction in the crystal lattice of the alloy. These forces attain
a maximum at temperatures of 950-1000° in the saturated solid-solu-
tion zone.

In inhomogeneous alloys where there are coagulated phase for-
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mations based on NisTi, the value of the bonds decreases, but 1if
there 1s a great deal of the NiasTl excess phase the forces of atomic

Interaction again increases.

Ti, fec. 7%

Fig. 1. Iron diffusion coefficients in
alloys of the nickel-titanium system,

. depending on the titanlum content at

¢ various temperatures.

Diffusion in a Nickel-Chromium-Titanium System

The ternary system nickel-titanium-chromium was investigated

[5, 6] and various parallel sections of this system were studied.
Microstructural x-ray and other investigations of alloys with
differing titanium contents showed that the solubllity of tiltanium

at temperatures up to 800° varies little and amounts to about 2.2%

by weight; at a temperature above 900° it increases considerably.

A careful study of the heat resistance of alloys of thls system

with a constant chromium content (20% by weight) was made [5]. It
follows from theresults that the zone of maximum heat resistance

varies in a complex way according to'temperature. At low temperatures
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the greatest heat-resistant alloys correspond to saturation zones with
precipitation of the second phase in the form of finely dispersed
inclusions. At élevated temperatures from 500 to 750° the zone of
maximum heat resistance is displaced towards alloys with a lower
titanium content, but at a temperature 750-800° it shifts to alloys
with a higher titanlium content. In the case of a further lncrease

in temperature (above 1000°), the zone of maximum heat resistance

is displaced monotonleally toward unsaturated solid solutions.

We undertook the study of diffﬁsion in a wide temperature range
in order to compare the data obtained with existing data on heat
reslstance in these alloys. This enabled us to discover the nature
of the temperature-~dependence of the curve of maximum heat resistance
from the viewpoirt of diffuslon processes.

We cﬂbse alloys with a constant 20% chromium content for our
investigation of diffusion. The titanium content amounted to 1,

2.5, 3.4, 5, and 7 % by weight. The alloys were subjected to thermal
treatment under the following conditlons at 1200° for 6 hours, at
1150° for 18 hours, and at 800° for 24 hours (with air cooling).

Examination of the microstructure of these alloys showed that
polyhedrons were obgserved in the solld solution with a titanium
content of up to 3.4% by weight. Alloys with a titanium content
of 5 and 7% by weight contained an excess phase in the form of elon-
gated thin laminae. The grain size in these alloys was somewhat
smaller than in the nickel-titanium system, although the structure
remained large-grain to a high degree, the largest grain diameter
was 2-3mm) .

The results of our measurement of the iron diffusion coefficlents

in alloys of the nickel-chromium-titanium system at 960, 995, 1010,
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1218, and 1265° are shown in Table 2. The duration of diffusion
annealing at these temperatures varied from 300 to 4 hours accordingly.
On the basis of the experimental data shown in Téble 2, we plot-
ted the curves of the variatlon in the diffusion coefficient accord-
Ing to the compositlion of the alloy at the experimental temperatures.
Fig. 2 as we see there, min;ma are observable on the curves. At
temperatures of 995 - 1050°, the minimum value relates to the alloys
containing 3.4% Ti by weight; at a higher temperature it shifts to-
wards alloys with a lower titaniuﬁ content, and at 1218 -1250° it
shifts to the zone of unsaturated solid solutions with a titanium

content of about 1%.

TABLE 2

Iron Diffusion Coefficlient Actlvation Energy

and the Pre-exponential Multiplier in Alloys

of the Nickel-Chromium-Titanium System

. " 3ianucinie hpei-
o D10" cmticen Dueprint ;mcuom'lr-
Turau, -";‘}""““";'. IWAABIOTO
suidgupyama I, T
vee. % 060° 005¢ 1 10160 | 10600 } 1218 12040 MR T ATOM MIIU:;L"“(:(!:I(I D,

1 0,33} 0,29 1,4 15,3 25,4 65,8 0,6

2,5 0,17 | 0,26 | 0,64 26,3 38,8 80,0 1,16-10t
3,4 0,06 | 0,14 0,2 0,42 20,9 35,2 [ 84,0 4,45-10°
3 0,251 0,29 | 1,18 37,0 51,8 82,6 4,4 107
7 0,20 0,29 | 0,69 - 34,7 78,2 6,4 -10%
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We should point out that the alloys of the nickel-titanium
chromium system are less oxidation-resistant than those of the
ﬁickel-titanium system. Reliable data on the diffusion goefficient
were only obtalned when diffusion annealing took place under the
following conditions. The speclimens of the alloys were sealed into

double quartz tubes under a vacuum of 10—3

- 10" * mm Hg; with
small strips of titanium between the tubes (Flg. 3). This was to
avoid oxidation of the surface of the specimens and to ensure that

the experimental conditions could easgily be reproduced.

fj T1250°
35 )—o/, %
&5\”/
2 o e
»s el N
5

£ . \\ 1050°

E g—n

[ a'J \} 1010°
o N
ar ¢ 5
e A ! Im
a2 \ T
ar A |

4 2 ¢ &
T, Gec %

Fig. 2. Dependence of diffusion coefficlent
in alloys of the nilickel-chromium-titanium

system on the titanium content at various
temperatures.

As shown by investigation of the thickness of the oxide layer
which forms after diffusion annealing, the greatest oxidaticm—"
occurred in the case of the alloy containing 3.4% Ti; alloys con-
taining 2.5 and 5% Ti by welght oxidized to a lesser degree, and
with a content of 1 and 7% Ti ih welght there was no oxidation at

all for all practical purposes.
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Fig. 3. Cross section of ampule with
specimens for diffusion annealing.

1) specimens; 2) quartz ampules;3)
titanium.

The value of the activation energy of the diffusion process and
of the pre-exponential multiplier calculated from the results of
measurements of the diffusion coefficlient, are shown in Table 2.

It follows from thls Table that the maximum value of the actlvation
energy and the pre-exponentlal multiplier corresponds to the alloy
containing 3.4% Ti. In the case of a lower titanium content E and
Dy decrease sharply, and in case of higher contents, they decrease,

though to a lesser degree than 1n solid-solution alloys.

Diffusion in the System Nickel-Chromium-

Tungsten-Aluminum-Titanium

The studies of heat resistance and other properties of the
system nickel-chromium-tungsten-aluminum-titanium, described in [8],
showed that the heat resistance of alloys of thls system is con-
siderably higher than of that of the nickel-titanium and nickel-
chromium-titanium systems, although the meltlng point 1s lower.
Consequently, it was of interest to measure the diffusion coefflclents
of iron in this system. It has been shown [8] that the solubility

of titanium in this qulnary system is lower than in alloys of the
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nickel-chromlium-titanium and the nickel-titanlum systems and 1is
about 1% at temperatures up to 1100°. At higher temperatures, the
solubility of titanium sharply increases. At temperatures of about

600°, the most highly heat-resistant alloys correspond to the zone

of supersaturated solid solutions with the precipltation of a finely
dispersed phase. When the temperature is increases up to 750°, the
zone of maximum heat resistance is shifted to alloys with a lower i
titanium content. However, at higher temperatures (850 -950°), the
temperature dependence curve of alloys with maximum heat resistance
changes direction and shifts towards alloys with a higher titanium ‘
content. After passing through the inflection, the zone of alloys 1
.with maximum heat resistance shifted regularily toward unsaturated
solid solutions with a further increase of temperature (1000-1250°). ]
Specimens corresponding in composition to the alloys used for
the study of heat resistance in [8] were made for the study of
diffusion in the given system. In all alloys there was a constant
content of the followlng elements: 20% chromium, 6% tungsten, and
4.5% aluminum. The titanium content varied with the matrix and
amounted to 0, 0.5, 1, 2, 3, 5, 7, 6, and 9% by welght. The alloys
underwent heat treatment at 1200° for 4 hours.
The investlgations showed that in alloys with a titanium content

up to 3% had a solid-solution structure with a considerably smaller

grain size (of the order of 300-400 microns) than in the case of
nickel-titanium and nickel-chromlum-titanium systems. In the case

of a titanlum content of 3% and more in the given quinary system we
observed precilpitation of an Intermetallic phase based on NiszAl on
the boundaries and in the body of the gralins; with a further increase

in titanium content, the excess phase precipitated in even larger
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quantities.

The investigation of diffusion was made at temperatures of 955,
1060, 1165, and 1250°. No oxidation of the specimens surface was
observed at these temperatures during diffusion annealing, the
duration of which varied from %00 to 4 hours respectively.

The results of the lnvestigation of the diffusion of iron in
alloys of the nickel-titanium-chromium-tungsten-aluminum system are
shown in Table 3.

Figure 4 shows a graph of the variation of the value D with the
percentage of titanium in the alloys of the quinary system at varilous
temperatures. As we see, the curves have clear-cut minlma, at which
D 1is 80-100% lower than in the neighboring (with respect to the
minium) alloys. If we take into account that this variation in the
quantlty D 1n alloys corresponds to a varlation in the temperature
of diffusion anneallng of 50°, we can conclude that the observed
variations of D by 80-100% may indicate considerable variations in
the forces of atomic interaction in alloys with a different tltanium
content.

It alsc follows from Flg. 4 that the position of the minimum
diffusion coefficient in the alloys of the system under investigation
has a clearly defined temperature-dependence. In the range of the
investigated temperatures (955-1250°), the minimum diffusion co-
efficients regularly shift from heterophase alloys to the unsaturated

solid-solution zone as the temperature increases.
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Fig. 4. Iron diffusion coefficients in
alloys of the nickel-chromium-tungsten-
aluminum-titanium system, according to
the titanium content at various tempera-
tures.

TABLE 3

Diffusion Coefficilents, Activation Energy of Diffusion

and the Pre-exponential Multipllier in Alloys

of the Nickel-Chromium-Tungsten-Aluminum-Titanium System

Tnran, D-10" cmt{eek i Buavenie npen-
o % o DA st by | SHChONENTaIL
I 1066° , 1165 , 1256° E, wraar-atoM Da, eMicen

0 0,098 2,3 6,2 29,1

0,5 0,082 | 1,03 — 19,7 Zé:g g’g

1 0,08 0,78 4,0 21,0 70,4 2.2

2 0,072 | 0,63 —_ 33 76.1 3,2.100

3 0,047 0,7 8,2 51,5 87,6 1,7.103

5 0,065 0,97 8,3 52,6 85,5 1-102

7 0,032 1,14 5,9 53,3 80 1,6.10?

9 0,13 1,6 8,1 Onaabunca 76,3 5,7-10%

On the basilis of measuring the diffusion coefficlents we calcu-

lated the values of the activation energy of the diffusion process
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E and of the pre-exponential multiplier Dy, which are also'shown

in Table 3. It follows from thls Table that the diffusion character-
1stiecs of ﬁ and Dg increase wlth an increase in titanium content

in the alloys, and attain a maximum when the T1 content is about 3%
by welght. In the case of a further increase 1n titanlum, the values
of E and Dg decrease.

Qur investigation of the dependence of iron diffusion on titanium
content 1n the nickel-titanium, nicgel-chromium-titanium and nickel-
chromium-tungsten~aluminum-titanium system shows that the curves of
the dependence of the diffusion coeffliclent on the composition of
the alloy have features that are characteristic for all systems.

At comparatively low temperatures {(900-1000°) we observe clearly
defined minima in the zone of transilition from solid solutions to
heterophase alloys on the curves of the variation of D according to
the titanium content. When the temperature increases, the minimum
point on this curve shifts towards the unsaturated solid solutilon.

For example, 1n the nickel-titanlum system at temperatures of
950 and 1093°, the minimum value of D corresponds to alloys with a
titanium content of 8 and 6%. In the nickel-chromium-titanium system
at 995, 1010, and 1050°, the minimum value of D corresponds to alloys
containing 3.4% Ti and at temperatures of 1218 and 1250° to alloys
with 1%.

In the system nickel-titanlum-chromium-tungsten-aluminum, at the
investigation temperatures of 955, 1060, 1165, and 1250°, the minimum
value of D corresponds to alloys with a titanium content of 3, 2, 1,

and 0.5% respectively.
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Fig. 5. Position of minima of the
diffuslon coefficlent with respect
to zone of maximum heat-resistance
in alloys of the nickel-chromium-
titanium system (curves 3) at the
experimental temperatures. 1), 2)
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Fig. 6. Position of the minima of the
diffusion coefficlent with respect to

zone of maximum heat-resistance in

alloys of the nickel-chromium-tungsten-
aluminum-titanium system (curves 2 and 4)
at various temperatures. 1) boundary

of solubility of titanium; 3) alloys

with maximum heat resistance at correspond-
1ng temperatures.

If we compare the minimum values of D for the same alloys

with the values at the corresponding temperatures of maximum heat
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resistance, we notlce that for all three systems these Qharacteristics
coincide, within the limits of accuracy of the experiment. Alloys
containing 8-10.8% T1 possess maximum heat resistance at 800°. The
minimum value of D at a temperature of 950° corresponds to the alloy
containing 8% Ti (5).

The crosses 1n Fig. 5, which is taken from the research descrilbed
in [6], indicate those alloys of the nickel-chromium-titanium system
for which a minimum value of D eas obtained at the corresponding
experimental temperatures. The zone of maximum heat resistance of
the alloys of the system under consideration dependlng on temperature
is also indicated by this Figure.

A comparison of the minimum values of the diffusion coefficilent
with the values of maximum heat resistance for a given temperature
in the system nickel-chromium-tungsten-aluminum-titanium 1s given in
Fig. 6.

As we see from Figs. 5 and 6, the crosses fall well with in the
zones of maximum heat resistance of the alloys. It follows that the
most heat-resistant alloys 1n the systems studied are those 1n which
a minimum diffuslon coefflcient 1s observed. It also follows from
the graphs that the minimum value of D and the zone of maxlmum heat
resistance have the same temperature-dependence. We may conclude

from this that in the systems studied the shifting of the zone of

‘maximum heat resistance at temperatures above 950° is chiefly deter-

mined by the diffusion processes.

The study we made enables us to present a theoretical explanation
of the temperature-dependence of the zone of the most highly heat-
resistant alloys. The experimental data cited above show that in the

alloys studled the diffusion process may be observed without the

-185-




application of stress, beginning at 850° in the nickel-titanium
system at 900° in the nickel-chromium-titanium system, and at 950°
in the nickel-tungsten-aluminum-titanium system.

- This means that 1t 1s only at these temperatures that diffusion
processes can begin to play a substantial part in the alloys of
these systems 1n an unstressed state.

In the case of a state of stress, when the values of the co-
efficients may lncrease considerably, the diffusion processes affect
the state of strength of the crystal lattice 1n the alloy at a
lower temperature.

If we consider heat resistance at temperatures at which the
diffusion coefficients have negligible values (in our systems 500-
700°) and cannot play any part 1n the weakening of the crystal
lattice, even under stress, then the magnitude of the interatomic
forces (chemical composition) and the alloy structure will be of
declisive Importance. Since the influence of such an essential factor
as diffusion 1s excluded at low temperatures, thls fact should also
affect the form of the composition and heat-reslstant curves. In-
deed, as it has been estdblished in [8], in the study of heat resis-
tance in the nickel-titanium-chromium-tungsten-aluminum system at
600°, the composltion and heat-resistance curve is found to have a
poorly defined maximum, whereas at temperatures of 800, 900, 1000°,
when the diffusion mechanlsm comes into operatlon, a clerarly out-
lined maximum 1s observed on the curves of the heat resistance which
is dependent on the composition of the alloy. It is characteristic
that at high temperatures the zone of maximum heat resistance is
considerably nérrower than at low temperatures.

An analysis of the curves of the temperature-dependence of the
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zone of maximum heat resistance given in Figs 5 and 6 shows that the
inflection divides them into two parts essentially different from the
viewpolnt of diffusion. One of these relates to the high-temperature
zone in which the variatlon of heat resistance 1s wholly determined
by diffusion, and the other part corresponds to the low-temperature
zone 1n which diffusion plays no role. In the zone of the inflection,
the role of diffusion 1s limited to a certain degree.

This makes 1t possible to coqclude that the inflectilion of the
curves for temperature-dependence of the zone of maximum heat resis-
tance 1s a result of the diffusion factor of softening of the crystal
lattice of the alloy. This conclusion enables us to give a single
explanation for the whole run of the temperature-dependence curve,
of the zone of maximum heat resistance, shown in Figs. 5 and 6.
Indeed, at low temperatures (1n nickel alloys up to 700°) heat
resistance is determined by the strength of the Interatomic bond and
by the alloy structure. As shown by numerous experiments, heterophase
alloys have maximum heat resistance at these temperatures.

It 1s well known that when the temperature increases the coagula-
tion of precipitatlions is accelerated, resulting in a decline in
heat resistance. Therefore the zone of the most highly heat-resistant
allous shifts toward alloys contalning a smaller quantity of titanium
(the structural factor has substantial influence here). At a certain
temperature, the diffuslon displacements of atoms becomes noticeable,
and heat resistance in the given chemical composition ls determined
by both structural and diffusion factors. The zone of the most
highly heat-resistant alloys corresponds to heterophase alloys 1in
which a minimum value for the diffusion coefflclent and a maximum
value for its activatioh energy a;e observed (temperature range 700 -

1100°) .
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As shown by investigation, at such temperatures the maximum value
of the diffusion coefficient corresponds to alloys with a higher
titanium content, and this explains the fact established by the experi-
ment of I. I. Kornllov and others that the zone of heat-resistant
alloys displaces towards a higher titanium content at temperatures
of 700 - 1100° (See Flgs. 5 and 6). At a higher temperature the
fundamental cause of the weakening of crystal lattice is the diffusion
processes. The diffusion coefficients are very high at these tempera-

tures. As follows from our data on the measurement of diffusion co-

efficlents and their comparison with data on heat resistance (see Figs.
5 and 6) the shift of the zone of highest heat-resistant alloys to-
wards dilute solid solution beginning at a temperature of 1100° is wholly
determlined by diffuslion. It follows from this that heat-resistant
nickel alloys belong to the temperature interval 700-800°, which
corresponds to the start of the inflectlon of the curves of maximum
heat resistance depending on the alloy's composltion and temperature.
A very low diffusion rate (~ 10”153 cmz/sec) is characteristic of
this temperature interval. Above this temperature, a zone of alloys
with limited heat resistance extends along the whole course of the
curve (800 - 1100° for nickel alloys). At these temperatures, the
alloys resist strain only for a limited time. Alloys corresponding
to the temperature interval above 1100°, where the diffusion rate 1s
high, become rapidly deformed under stress.

' The study of the factor limiting the use of heat-resistant alloys
at high temperatures is of great practical importance. On the basils
of what has been described above, we may conclude that one of the
most lmportant of these factors 1s the development of diffusion,
which leads to a decrease in the strength of the crystal lattice and

weakenling of the bonds between individual crystals. Hence, the study . {
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of diffusion processes 1n an alloy to which admixtures are added
in various concentrations can be of very great importance in the
search for heat-resistant alloys suitable for use at high temperatures.

Since the development of diffusion 1n heat-reslstant alloys
(resulting in a decline in the crystal-lattice strength and the
weakening of the bonds between the individual crystallites of the
alloy) is the factor limiting the use of heat-resistant alloys at
high temperatures, 1t might be thoroughly advisable to choose
chemical compounds as a base for these alloys. As has been shown
[14], there 1s a clear-~ cut minimum diffusion coefficilent and a
maximum actlvation energy in chemical compounds.

Chemical compounds, however, are characterized by greater
brittleness. If 1t were posslble therefore, to find a compound with
good plastic propertles, we could obtaln an alloy based on 1t which
would be greater in heat-reslistance than any other comblnation of
the given alloy componepts, Consequently, through modifyling the
alloy wlth this base by adding different quantities of admlxtures
and by measuring the level of the diffusion coefflclients, 1t would
be possible, taking the structure into account to find the right
composition for an alloy which will have a minimum diffusion coefficilent

and, therefore, maximum heat reslstance at the prescrilbed temperature.
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DIFFUSION IN NICKEL-BASE SOLID SOLUTIONS

Yu. F. Babikova and P. L. Gruzin

Nickel 1s used as a base for several brands of heat-resistant
alloys [1]. A characteristic feature of these alloys is that they
are used in a hardened form, which is achieved by precipitation
hardening. The preservatlion of the alloys in hardened form at high
temperatures is determlned to a considerable degree by the diffusion
rate of the elements making up the base of the alloy and embodied
in the hardening phase. At elevated temperatures, the more stable
alloys will be those 1n which the diffusion of the basic elements
proceeds slowly. In spite of this, however, diffusion in nickel-
base solid solutions has not been studied up until now. Scientific
literature contalns only a few publications on this subject [2, 3, 4,
6].

In the present work we give data on the study of the diffusion
of chromium in solid nickel-chromium solutions alloyed with titanium
(see Table 1).

The compositions were chosen which ensured-that at témperatures
above 1000° the alloys were in the homogeneous sollid-solution zone,
The alloys were melted in a vacuum high-frequency furnace. The

radioactive isotope Cr®! was used 1n the experiments for the study
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of diffusion. The diffusion coefficients were determined by measuring

the integral radioactivity of what remained of the specimen after ‘
layers were removed [5]. The results of the calculation of the

mean values of the diffusion coefficients for the alloys are given

in Table 2 and for one of the alloys, in Fig. 1. Table 3 glves

the diffusion parameters of chromium for the alloys studied and also

the self-diffusion parameters for nickel and the diffusion parameters

of chromium for nichrome [2, and 3].
TABLE 1

Chemical Analysis of the Alloys

N CoaepiKamie  9;1€MCHTOD, %
w\F .

custapba Ni l Cr ‘ Ti ‘ Al ’ Fe ‘ Co ° ‘ Cu I Si

10,15 2,69 0,18 0,3
9,60 3,70 0,12 0,3
10,00 4,80 0,10 0,3
0,3
0,3

..)
o
e
o
g
(=]

18,82 3,12 0,10
28,42 3,00 0,20

[
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Fig. 1. Temperature-dependence of the diffusion
coeffliclents of chromium for the alloy nickel-~
chromium (10%) -titanium (2.7%)
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Fig. 2. Comparative graph of the temperature-
dependence of diffusion coefficlents.

1) self-diffusion of Cr, diffusion of chromium
in the alloys: 2) Ni-Cr 287ﬂ - Ti 1
3) Ni-Cr (19%) - T 1 (3%); )Ni(107 —Cr(27%),
5) Ni-Cr (10%) - Ti (3.7%); 6) Ni-Cr (10%)

(4.8%); 7) self-diffusion of Ni; 8) Cr in Ni.

TABLE 2
Mean Values of the Diffuslon Coefflcients

of Chromium for Nickel-Chromiuwm-Titanium Alloys

]

N roniaBa T, *C D, emt.cent Nv cniapa T, *C D, cmt-ceri—?
1 1250 §.10-10 3 . 1100 4,0.10-11
To we 1200 3,1-10-10 To e 1040 1,3-101
» 1150 1,5-10-10 » 1000 8,6.10-1%

» 1100 H,3.10-11 4 1260 1,0.10-°
» 1050 2,5.-10-11 To we 1200 3,1-1010

» 1040 1,3.10-11 » 1150 1,4.10-10

» 1000 8,5.10-12 » 1100 4,7-10-1

2 1250 4,4-10-10 » 1050 1,6-10-1
To e 1200 2,2-10710 » 1000 9,1-10-1%
» 1150 1,3-10-10 5 1250 9,1.10-10

» 1100 3,410 11 To e 1200 2,4-10710
Ty 1040 1,8.10-11 » 1150 9,2.10~10
3 . 1250 3,0.10-10 » 1100 3,6.-10-11
To xe 1200 2,3.10-10 » 1040 1,1-10-11
» 1150 1,6-10-10 » 1000 7,6:.10-12
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Cur findings show that the addition of up to 30% chromium and
up to 5% titanium to nickel results in a noticeable slowdown of the
diffusion of chromium, compared with pure nickel; this is greatest in
the alloy contalning 28% chromium (Fig. 2).

TABLE 3

Diffusion Parameters for the Alloys

1lanvenosanie Dy, Q. R e Mo
MaTepHaia cyi-cen? Kiar ar

1,27 ‘ 66,8 Cayojnddyanse 1o k-
Huete v padorne [3]

4.10-3 48,0 Imddysnn Xposa 1o -
e ) [ 1ni padorne [20]
Hunesn — xpod (209%) 10-1 '—TS To e
Hukesn — Xpod (20%) — turan (2,5%) 2 66,0 | - » .

o; ' 6) — THT 3% 3102 81,0 udiyamn Xpoma 1o jan-
ol () Semecs () | num nact. pad.
Matssesis — xpoM (28%) — Tnran (3%) 103 8.:),0 | To we
Haedn — xpov (10%) — muvan (2,7) 20 75,0, »
Ve — xpom (109) — ruran (3,7) 1 (i./ﬁ,O »

Hugeans — xpom (10%) — Tnrau (4,8%) 0,1 | 62,0 »
X | 85,0 Canmo;gidhysine o -
o | neiM pacoret [4]

It follows that with an increase of the chromium content in
nickel there is an Ilncrease of the chromium's activation energy of
diffusion and a decrease in the diffusion coefficients. It is in-
teresting to note that the diffusion parameter Q for the alloy contain-
ing 28% chromium and 3% titanium has approximately the same value as
that for pure chromium. Alloys with nickel-chromium (10-28%)-titanium
(3%) composition and pure chromium have close diffusion characteristics
wlth respect to the chromium. This means that the alloys of the said
composlitions and chromium are proximates in their levels of interatomic

bond strength,
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The addition of titanium has a pecullar effect on the diffusion
characteristics of nickel-chromium alloys. When the titanlum content
in the alloy is increased up to 3%, a deceleration of diffusion and
an increase in activatlon energy are observed. An increase of ti-
tanium content in alloys of nickel-chromium (10%) up to 4.8% appreciably
reduces the activation energy of diffusion of chromium and accelerates
the diffusion of its atoms. Thilis enables us to conclude that in fairly
low concentrations (5%) tiltanium has a complex effect on the diffusion
of chromium. It i1s possible that this effect i1s due to pecullarities
in the structural change of the alloys under study when heated to
high temperatures.

A comparsion of the diffusion characteristics of chromium in
the alloys with the self-diffusion parameters of nickel 1s of note
worthy. It shows that at high temperatures the self-diffusion of
nickel and the diffuslon of chromium in alloys of nickel-chromium
(10-30%) -titanium (3%) occur with approximately the same intensity
(Flg. 2). The given alloys are examples of the fact that the
diffusion of the atoms of one of the alloying elements can proceed
at almost the same rate as self-diffusion in the base metal of the
alloy. From data contained in scientific literature it 1s known
that the reverse also occurs. In nickel-chromium alloys the atomilc
bonds are streng ::.:>d, whlch apparently 1s responsible for the fact
observed. Hence one of the basic functions of chromium in nickel-
base heat-resistant alloys is to form a nickel-base solid solution

while maintalning the levels of diffuslon coefficlents ilnherent in

it. However, the alloying of nickel with chromium also brings about

a change in the actual recrystallization process [4]. Thls establishes
the preconditlons for an increase ?n the recrystallization tempera-

~
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ture of the alloy (as compared with pure nickel) and, consequently,
an increase in the temperature of iIntensive softening. The addition
nf titanium and aluminum to the nickel-chromium solid solutions is
chiefly necessary to create the conditlons necessary for precipitation
hardening, which is used to obtain alloys of special structural form
characterized by great strength. The softening rate of unalloyed
and alloyed solild nickel-chromilum solutions at high temperatures
should, apparently be about the same. Of course, in studying such a
complex problem, one has to take into account many other aspects of the
behavior of the alloy that are not directly connected wilth diffusion.
It is known that heat-resistant nickel-chromium alloys markedly
soften at temperatures of 750-800°. According to our data, the self-
diffusion coefficients of nickel and the diffuslon coefficients of
chromium in nickel-chromlium alloys have values close to 10 *Zcm? -
sec™® [7]. We can therefore consider that in the case of nickel-
chromium heat-resistant alloys under deformation the threshold level
of the diffusion mcobility of intensive softening has thils value.
The postulate of the threshold level of the diffusion mobility of
recovery in nickel-chromium alloys accords with the results obtained
in studying the relation between diffusion and recrystallication
processes in pure metals and solid solutions {4]. It should be
considered that the effect of diffuslion on heat-resistance is as yet
far from clear. One of the basic problems in this field should be
the study of intragranular and boundary diffusions in solid solutions

and the latter's recovery.
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Conclusions

The diffusion of chromium in nickel-chromium alloys (10-28%)
was studied and it was found that the self-diffusion coefficients of
nickel and the diffusion coefficlents of chromium for these alloys
have approximately the same values in high temperature zones. It
was shown that intensive recovery in nickel-chromium alloys takes
place at a diffusion level of the order of 10 *3cm® ° sec !. The
diffusion level of solid solutions corresponding to the diffusion
coefficlents of the baslic elements of the given magnitude may be
tentatively called the threshold level of the diffusion mobllity of
intensive recovery in heat-resistant alloys, 1lntended for short-
time service at high temperatures. This enables us to make a rough
estimate of the potential level of heat resistance of so0lld solutlons

from data obtained from the calculation of diffuslion coefficients.
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A STUDY OF INTERGRANULAR DIFFUSION IN METALS AND ALLOYS

V. I. Arkharov, C. M. Klotsman, A. N. Timofeyev, I. I. Rusakov

During recent years a large number of papers have appeared on
the study of intergranular diffusion [1-5]. Some of them are devoted
to the quantitative study of intergranular diffusion, others to its
qualitative study.

Until recently, quantltative studies of intergranular diffusion
thfough Intercrystalllne transition zones 1s much greater than in the
graln, the lsoconcentration surface of the diffusion zone forms
"protrusions" along the graln boundaries. The shape of these pro-
trusions (the angle between the isoconcentration periphery and the
grain boundary at thelr inpersection) 1s definitely determined by the
relatlion of the coefficients of intra- and intercrystalline diffusion.
The variatlon in the concentration of the diffusing substance with
the depth of diffusion likewise depends on the coefficlents of intra-
and intercrystalline diffusion.

This being so, plotting of the concentration curve or the
quantiltative measurement of the protrusions on the diffusion front
makes 1t possible to determine the parameters of predominantly inter-
crystalline diffusion.

Qualitative studies of intercfystalline diffusion [1, 2, 3]
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were made by comparing the lengths of the protrusions on the
diffusion front, which can be determined in various ways.

In the research done by the Smoluchowski [3, 4] the dependence
of intercrystalline diffusion on the boundary structure was studied
by microstructural and radloautographic methods, and conclusions
regarding the varying diffusion penetrability of the separate bound-
arles were drawn on the basis of a comparison of the lengths of the
protrusions. This qualitative approach 1s possible if the length of
the protrusion ls determined soiely by intercrystalline diffusion.

In general, as Fisher's theoretcial analysis shows, the length
of a protrusion on the diffusion front depends on the ratlo of the
coefficients of intra- and intercrystalline diffusion. If there
were no penetration of the diffusing compound from the intercrystalline
transitlonal zones into the grain, the diffusion zone, restricted-to
regions of 100-1000 A [7], could not be determined at all.

Accordingly, qualitative studles of intercrystalline diffusion
based on comparisons of the length of the protrusions on the diffusion
front can lead to sound concluslions provided that In the cases com-
pared the resorptlon of the diffuslng material into the grain does
not change either through variation in the mean coefficient of intra-
granular diffusion or through the latter's anlsotropy.

In our research [1, 8, 11], the influence of small admixtures
on the dilffuslon of the thlrd element in the solvent was studied
microstructurally. In studylng the effect of the addition of small
quantities of antimony on the diffusion of silver 1n polycrystalline
copper, it was found that antimony accelerates the Intragranular
diffusion of sllver and that the lehgth of the protrusions on the

diffusion front in copper alloyed with 0.4% silver 1s of an order
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greater than 1n pure copper [8]. In none of these studies, however,
was 1t taken into account that the determinabllity of the protrusion
on the diffusion front depends on the relatlion of the coefficients of
intra-and intercrystallline diffusion. To determine the effect of
small additlons of antimony upon the parameters of intercrystallilne
diffusion of silver 1n copper, we made a radiometric §dey of the
diffusion of silver 1n polycrystalllne copper in an alloy of copper
and 0.4% antimony.

Specimens of pure copper and of copper alloyed with 0.4% antimony
were forged and then underwent recrystallization annealing at 900°
for 5 to 7 hours. Some of the speclmens were subjected to an addltlional
heat treatment for 100 hours at 650°. This treatment was intended to
enrlch the intercrystalline transtion zones of the alloy by the horophyle
additlion of antimony. Next the specimens were coated with radicactive
sllver Agllo by means of vacuum dispersion. They were then assembled
in palrs, with the radiocactive surfaces 1n contact, and placed in a

qQuartz tube evacuated down to 10 2

mm Hg. The tube containing the
specimens was placed 1ln a preheated oven. The diffusion-annealing
temperautre was 650° and was maintained to within + 3°. Thils tempera-
ture was selected so that the distribution of antimony resulting

from previous annealings would not be changed.

The distributlon of radloactlive silver in the specimens was
determined by layer analysls using the integral-residual method [9].
The .accuracy of measurement was 1-3% for the activity and 10% for
the thickness of the speclmen. On the basis of the experimental data
we derived the dependence of the logarithm of the speciflc activity

upon the depth of penetration [6].
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Figure 1. Graph showlng the
dependence of the logarithm
of activity on the depth of
penetratlion in the diffusion
of silver.
lg into polyecrystalllne copper,
2) into a polycrystalline alloy
of copper with 0.4% antimony.
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The tangent of the angle of slope of the stralght line so derived
was found from the experimental data by the method of least squares.

The relatlon between the coeffilcients of inter- and lntracrystalline

b

Ay Sl T, LT

G e it

.

i

(aybuna npowtknobenys, em® 10%

Flg. 2. Graph shows the dependence of

the logarlthm of activity on the square of
the depth of penetration 1n the diffusion
of silver, :

1) into single crystals of copper;
2) 1nto singlecrystals of copper alloyed
with 0.4% antimony.

diffusion was determined by the formula

where tgat

D

a

t

1s the tangent of the angle of slope of the linear de~
pendence of the logarithm of the speciflc activity x;

DL
t

(g o = 0,20 5

1s the coefflclent of intragranular diffusion;

1s the active half-width of the intercrystalline zone;

Dbounés the coeffilclent of diffusion in the intercrystalline

zone;

1s the length of diffusion time.
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The coefficient of intercrystallline diffusion was determined
from measurements of slngle crystals of copper and a copper alloy

with 0.4% antimony, using the formula

1

tgo” = — —_
g ape ?

where tana" 1s the tangent of the angle of slope of the linear de-
pendence of the logarithm of the specilfic activity on
the square of the depth of penetratilon;
D 1s the coefficlent of 1ntragranular diffusion;
1s the length of diffusion time.

The obtalned dependence of the Specific activity logarithm on
the depth of penetration 1s given in Figs. 1 and 2, and. the values
of the diffusion coefficlents 1n Table 1.

TABLE 1
Martepnasg 1z a-40-* D, cam?/cenr abD rpe cMl/cex Drp

IToankprReTanmIIecKaa  Meab 1,23 -— 8,42.10-14 8,42.10-8
MonukpicTamamMecKnil  cniaB 1,4 — 6,92.10-1¢ 6,02-10-%

Me/b 4- 0,4% cypoMut
MornokpncTanan Mean —4,72 6,4.10-12
Mouopucrann cnnasa Mefb -+ —4,52 8,8.10~12

0,4% cyprMnt :
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Radiometric measurements show that the coeffilcient of 1lntra-
granular diffusion of silver in single crystals of a copper alloy
with 0.4% antimony 1s slig)ély higher than in single crystals of pure
copper. The coefficlents of intercrystalllne diffusion of silver,
calculated according to Fisherts method provided that the width of
the zone does not change and 1s of the order of 10™® [7, 10], are
also different, the intercrystalline diffusion coefflclent belng
greater 1n copper than in the alloy..

The variafion In the intercrystalline diffusion coefficient is
evidence of the enrichment of the intercrystalline transitlion zones
with antimony. The adsorption of antimony in the intercrystallilne
zones, resulting in a reduction 1n the excess energy of the latter,
probably produces.changes i1n the bond strengths locally within the
zone and in 1ts geometric structure 1n such a way that the diffusion
penetrabllity of the zone, calculated by Fishert!s method is lessened.
This dependence cannot be taken to apply generally to all systems,
since no 1dea whatever can be formed of the mechanism of the influence
of horophyle additlves upon the structure of the zone and upon local
changes 1n the bond strengths with 1n 1t.

Our measurements make 1t possible to explaln from a single
viewpolint the microstructural and radiometric studles of the
diffusion of silver in polycrystalline copper and in a copper alloy
with 0.4% antimony. As can be seen from Fig. 1, at equal depths,
the total quantity of diffused material in pure copper is greater
than in the allﬁys. At filrst sight, this contradicts the pattern
obtained by metallography. However, on the basls of Fisherts method
of calculation, 1@ can be shown that the protrusions on the diffusion
front in the alloy will have a greater width and a lower concentration

of diffusing material than the protrusions in pure copper at equal
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distance from the external source of diffusion. In fact, a hignher
coefficlent of intragranular diffusion in the alloy will lead to
greater resorption of the diffusing element from the intercrystalline
zone, l.e., to the appearance of a wider protrusion of the diffusion
zone -1n the alloy than 1n pure copper. Since the angle between the
boundary and the lsoconcentratlon periphery at thelr intersection is
small (about one degree), even a Plight Increase in the width of

the protrusion of the diffusion zone wlll lead to thils protrusion
being found 1n metallographlc examination at a greater depth than
the corresponding protrusions in pure copper. The lower diffusion
penetrabllity in the intercrystalline zones wlll cause the concen-
tration of the diffusing sllver at equal distances from the source
of diffusion to be weaker 1n the alloy than 1in pure copper.

The conclusions stated above are derived from measurements made
according to Flshert!s method. However, the model on which Fisher's'
calculation 1s based 1s quite crude. In this model the complex
structure of the transitlion zone, which 1s characterized by continuous
change 1n the distortions from the central part toward the edges,
1s replaced by a narro% band with a diffusion penetrabllity that 1s
sharply altered, as compared with the thickness of the crystalllte.
Future systematic study of the real structure of the intercrystalllne
zone in the model used for calculating intercrystalline diffusion
may possibly lead to a more complex pattern of the changes in the
diffuslon penetrability of the lntercrystalline zone, namely, a sharp
Increase in penetrabllity in the central part and a decrease at the
sldes. From the point of view of the diffusion penetrablility of the
intercrystalline zone, such a pattern would signify a reductlion in

1ts effective half-width. It 1s conceivable that such changes actually
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* granular diffusion coefficient measured in a polycrystal willl differ

occur in our case. However, Fisher!s calculation does not enable us

to determine separately the effective half-width of the inter-
crystalline zone and the true diffusion coefficient with in 1t.
Hence our conclusion regardilng the decrease in penetrabillity 1in the
copper alloy wlth 0.4% antimony, as compared with pure copper, is
valld within the same approximation as the model for Fishert!s cal-
culation.

Finally, PFishert's calculation makes it possible to only determine
the relation between the lntercrystalline and the intragranular diffusion
coefficlients. Independent measurements of volume diffusion in sinéle
crystals may perhaps bring to light characteristics differing from those
of polyecrystals. Indeed, lnasmuch as the distributlon of the horophyle
element 1n the adsorption zone 1s characterized by a continuous
gradlent, diffuslion of the material from the intercrystalline zone
Into the body of the crystal adjacent to the zone willl proceed in the
material wilith an appreciably higher concentration of the horophyle

element. Thls 1s certaln to lead to a situatlion where the intra-

from the corresponding coefficlilent for a single crystal of the alloy.
This Implies that the data derlved from Fisherts calculation descrilbed
the effect of horophyle additives in an alloy on intercrystalline
diffusion in a rather crude and approximate way.

A calculatilon [10] based on Fisherts model has recently appeared,
however, which makes 1t posslible to calculate separately the intra-
granular diffusion coefficient and the product anound from measure-
ments made on a single specimen.

The calculation made by S. D. Gertskriken and D. Tsitsilllano

apparently enables us to determlne separately the effectlive half-
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width of the 1nter-cryst§111ne transitioh zone and the intercrystal-
line diffusion coefflcient.. However, this calculation 1s also based
on Fisherts model, and morecover the influence of 1ntragranular
diffusion on the distributlion of the concentration 1ln the protrusion
on the diffusion front 1is not taken 1nto account.

It follows from the above that the study of intercrystallilne
diffuslon 1in alloys, and especlally the problem of lnternal adsorption,
requires first of all a method of calculation which wlll allow
separate determination of the intra- and Intercrystalline diffusion
coefflicients and the effective width of the intercrystalline zone.

For a higher degree of accuracy 1t wlll be necessary to take into
account the possibility of the existence of a number of diffusion
coeffilcilents 1n a cross section of the zone. As a first approximation,
a model can be found for this (as in Fisherts method) by selecting
zones wilth different diffusilon coefficients. Thils system of cal-
culation will not only enable us to determine the effect of additives
on intercrystalline diffusion but also to draw some conclusions re-
garding the structure of intercrystallline zones and the effect of

internal adsorption on thls structure.
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A STUDY OF THE EFFECT OF THE MUTUAL ORIENTATION OF CRYSTALS

| ON INTERCRYSTALLINE DIFFUSION AND INTERNAI. ADSORPTION

V. I. Arkharov and A. A. Pentina

In polycrystalllne bodles the most sharply defined structural
inhomogenelty is found in intercrystalline boundaries. This inhomo-

; genelty depends upon the disorientation of the grains.

More and more attentlon is being pald of late to the problem
of the effect of granular disorientation on the properties of
solld becdles. This Includes determinatlon of the mechanism of the
effect of granular disorientatlon upon the energy of the transition
zones, mechanlcal properties, diffusion 1In polycrystalline bodies,
adsorption phenomena, corrosion and a number of other propertiles
of polycrystals, as well as the phencmena taking place in them which |
are of 1mportance in regard to the heat and corrosion resistance of
the materilal.

The present study seeks to determine the effect of the mutual
orlentation of crystals upon intercrystal line diffusion 1n pure
metal and also 1n the same metal when 1t contalns a hérophyle
additive. It was carried out in order to develop further existing
l1deas on the effect of internal adsorption wlth respect to differences

in the distribution of a horophyle additlve along crystallographically

208~

O




distinct intercrystalline boundaries.

In earlier research into the problem of intercrystalline internal
adsorption thils effect was, 1n essence, elther studied qualitatively
from the metallographilc pattern of frontal diffusion of the indicator
component into the alloy contalning the horophyle admixture, or else
study was made of the averaged effect by measurement of the parameter
of the crystal lattice of the alloy with variation of the grailn size.
In the present work, specific concrete boundarles linking a palr of
crystallites of a definite orlientation were investigated.

The character of distortions 1n the 1ntercrystalline abutments
depends on the mutual orientatlon of the érystalline gralns, and hence
also the excess energy, the binding forces, and the activation
energy. These features determine intercrystalline diffusion in pure
metals. Wlth the presence in metals and alloys of horophyle additilives,
often deliberately added, 1internal adsorptlion caused by excess energy
occurs on the intercrystalline abutments. The aim of this study
was to determine the quantitative effect of dlsorientation of adjacent
crystal gralns on the degree of irregulafity in the concentration

distribution of the horophyle admlxture.

Structural Inhomogenelties and Thelr Effect on Physical Properties

In pure metals and in one-phase or heterophase alloys, there
are always present 1n practlce, structural inhomogeneities varying
in form and origin:

Intercrystalline bonds 1n polycrystals, whlch may be bonds of
crystals of one phase 1f the system 1s one-phase or bonds of crystals

of different phases in the case of a heterophase system;
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Free outer surface of the crystal (layer of polyatomic thickness) ;

Interblock bondings in the macro- and mlcromosaic;

intertwin bondings;

Zones of sllp under plastlc deformation, as well as elastically

distorted zones in the bonding of sectors of the lattlice that

have undergone ordered phase transitor with zones of -the
initial phase;

Periphery of "pretransition™ formations at the dilssocilation

supersaturated solld solutilons;

Agglomeration of dlslocations, makling up zones of elastic

stresses, and 1nd1v1duai dislocatlions;

Agglomerations of foreilgn atoms, and individual foreign atoms

in the lattice of the so0lid solutilion;

Agglomeration of vacanciles, and individual vacancies in the

crystal lattlce. |

These structural imperfectlons are characterized from the crystallo-
geometrlcal standpolint by a disturbance of the regular periodic ar-
rangement of the various atoms and, from the physical viewpolint, by
a dilvergence from the minimal potentlal energy of interactilion of the
atoms (l.e, by excess energy, depending on the type of structural
inhomcgenelity.

Any deviation from the l1deal crystalline structure in the
metals and alloys studled affects thelr structurally-sensitive
physical properties (strength, plasticity, coefficlent of diffusion,
recrystallization, and others) and is the cause of divergence be-
tweeen theoretlcally calculated values for these properties and
values obtalned experimentally.

The existence of structural inhomogeneitles in true crystalline

metals and alloys in some combinations of components (solvent and
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additive) can also show up in the internal-adsorption capacity [1].
This capacilty 1s linked with the redistribution of forelgn atoms
in the body of the phase, whlich causes uneven concentration 1in 1it,
whlle at the same time the forelgn atoms localize themselves primarily
in the deformed portions of the lattice. The stimulus for this ad-
sorption 1s the abllity of forelgn atoms to reduce the excess energy
of structural inhomogeneitles.
In accordance wlth the wide range of varlance 1n the scale of
structural inhomogeneitles encountered 1n real crystalline bodles,
the phenomenon of iInternal adsorptlon can occur over a simllarly
varied area ranglng from the coarsest heterogenelties of the intergrain
bondings (1intergranular internal adsorption) type to mlcro-atomic
distortions of the lattice (adsorption at dislocations, for example).
The phenomemon of 1internal adsorption in the processes of
diffusion and plastic(deformation plays a large role [2]; hence,
the study of this effect and 1ts influence on many properties is
Important for a detalled elaboration of the theory of heat-resistant

materlials.

Effect of the Mutual Orientation of Crystals on the Amount

of Excess Energy in Intercrystalline Transitlon Zones and on

Intergranular Diffusion

Much attentlon has been paid ;n recent years to the study of the
dependence of boundary energy and intercrystalline diffusion on the
angle of disorlentation of the crystals formlng the boundary, with
a view to determining the effect of grain boundarles upon the
structurally-sensitive physical properties, especlally the plastic
qualitles, of polycrystalline materlals.
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Study of the profile of the valley formed along the grain
boundary on the surface of polished specimens during annealing in
vacuum or 1in an inert atmosphere has been of great importance in the
attempt to resolve these problems. This research leads to the con-
clusion that the dihedral angle formed by the lateral planes of the
valley*can serve as a measure of the excess surface cnergy connected
with the boundary. It varles in accordance with the relative orlen-
tation of the gralns forming the boundary.

Research on the dependence of the surface energy of graln
boundaries on the disorientation of adJacent grains has been stlmulated
by the work of Smith [3], in which he showed that in a -brass, brought
to a state of equilibrium by annealing, the boundaries of three grains
form unequal angles 1n relation to each other at thelr abutments.

From this Smith concluded that the excess energies at the varlous
boundaries were also unequal. Further studies have been carried out
by many workers using different methods, and all the data obtained are
in qualitative agreement.

The most extensiye research has dealt with the measurement of
the angle of the boundary valley formed by the effect of thermal
etching of the bilcrystal as a result of the equilibrium achieved
by the migratlion of atoms from the boundary along the surface. When
the blerystals of the reference material are annealed, there forms
an equlliibrium configuration, as shown in Flg. 1 where: < i1s the

angle of the boundary valley, EA and EB are free energles of the

* This dihedral angle, or the plane angle measurlng 1t, 1s
called the M"angle of the boundary valley".
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outer surfaces of crystals A and B, and EAB 1s the surface energy

of the boundary arising from the condition of equilibrium:

Eap E, Ep ,
—g%-?'_-sina—sinﬂ ¢ (1)
Assumling that EA = EB = Es s {the free surface energy does not
depend on the relative orlentation of the crystals, the condition

of equilibrium will become

Eag=2Escost/yy. ( 2)

Knowing the ang;e of the boundary valley and the free surface
energy, 1t 1s possible to measure the absolute energy of the graln
boundaries. If, however, the free surface energy 1s not known, then
the equllibrium relation (1) makes 1t possible to calculate the relative
energles of the boundarles 1n relation to the mutuél orlentation of
the grains.

The research experliments were performed on speclmens in which
the mutual orientatlon of adJacent grains differed by the angle
of relatlve rotation of planes of the same crystallographlc nature
around a common axls. In this case no asymmetry of the valley was
observed. These facts served as a basls for the assumptlon, made
in the experiments of the non-dependence .of free surface energy on
the disorientation of adjacent crystals.

Greenough and King [4] were the first not only to determine
qualitatively the effect of the dependence of the angle of the
boundary valley (and therefore the excess boundary energy) on the
angle of disorientation of adjacent crystals, as was done previously
[5 and 8], but also to evaluate this effect quantitatively on

blerystals of silver grown according to Chalmerts method of controlled
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hardening [9]. Annealing was performed .ither in vacuum or in
nitrogen (which does not dissolve in silver) [10] at 900° for 19
hours. A subsequent increase in annealing time did not change the
angle of the boundary valley. The discrientation of the crystals
varied from O to 50° and was determined by the Laue method with an
accuracy of + 2°. The results obtailned determine the dependence

of the relative surface energy (EAB/ES) on the disorientation of

the crystals (A6). Beglnning with zero the excess energy lncreases
to a deflnite reproduceable maximum for A® between 30 and 40°; while
a further increase 1n the angle of disorientation leads to a decrease

in excess energy. The typlcal relation of EAB/ES to A6 1s shown
in Fig. 2.
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Filg. 1. Condition for the Fig. 2. Dependence of the rela-
formation of a valley along tive boundary energy on the

the grain boundary under mutual orlentatlon of adjacent
thermal etching. crystals. (Reproduced from [4]).
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In the research carried out by the second group the variation
in boundary energy with fhe relative orientation of the grailns was
studied by a different method, for which "tricrystals" were grown
with a different relative orlentatlion in adjacent crystals. In the
annealing process three grains are linked together at one polint on
the outer surface at definite angles which are formed at equilibrium.
These angles depend on the relation of the energles of the three
boundaries. Thls Instance 1s shown schematlcally in Flg. 3.

The equilibrium ratio 1s analogous to formula (1):

E, Ey, __Es (3)

siny,; ' snyy  sings °

When the angles formed by the intercrystalllne boundaries on
the surface of the tricrystal in a state of equllibrium are known,
it 1s possible to determine the relative energles of the graln

boundariles and their relation AS8.
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Dann and others [11, 12] carried out experiments of this kind on
iron alloyed with 3% Si, and Aust and Chalmers [13] did so on lead
and tin. The results are qualltatilvely 1in agreement. The excess
energy of the boundary rises wlth the lncrease in the angle‘of dis-
orientation. The results of [11 and 12] are given in Fig. 4.

Read and Shockley [14] and Van der Merwe [15], representing the
boundary of gralns of shlghtly different orientation as a series of
linear dlslocations, deduced the theoretlcal relation of the depen-

dence of boundary energy on AS.
E = E, A8 (A—1n A9), (%)

where Eg and A are constants.

Experimental values satisfactorlly coincide wilth the curve
plotted from the gilven formula. Thls justifies the concluslon that
the boundary formed by crystals wlth slight disorlentation can def-
1nitely be represented as a series of dlslocations.

On the basls of experimental data and approximate theoretlcal

calculations the general conclusion can be drawn that the excess

energy of the intercrystalline transition zones depends on the relative

orientatlion of the crystals.

The Smoluchowskl group has devoted its work to study of the
dependence of preferred inter-crystalline diffusion on the relative
orientation of crystals. Achter and Smoluchowskl [16, 18] investi-
gated the dependence of the boundary diffusion of silver into poly-
crystalline copper on the disorientation of the copper grailns.

For convenlence in interpreting the results, textured columnar

copper was chosen in whilch almost all gralns had the same direction

[(100] to the outer surface; the dlsorientation 1s determined by one
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degree of freedom and the angle of rotation of the other cubilc axis
in the outer plane. The experiment was conducted in such a way that
it was possible to compare the depth of penetration of the diffusing
sllver along graln boundariles of columnar copper in the columar di-
rection [100]. Metallqgraphic methods were employed for this. Dif-
fusion annealing was carriled out at temperatures between 673 and 725b.
The results of the study show that for nagles of disorientation
between the gralns greater than 20° and smaller than 70° diffusion
along the grain boundaries is greafer than 1ntragranular diffusion and
reaches 1ts maximum at an angle of about 45°, If the angle of disor-
lentation between the.grains 1s smaller than 20° or greater than

70°, no preferred intergranular diffﬁsion 1s observed.
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Flg. 5 Dependence of the Fig. 6. Effect of disorilenta-
depth of penetration (X) tion of adjacent crystals on
of silver 1nto polycrystal- the depth of penetratlon in
line copper on the angle diffusion of FeS55 into fer-
of disorientation A8 of the rosilicon. 1) and 2) 769°;
crystals. 3) 810°.

The dependence of the depth of penetration of silver in poly-

crystalline copper on A® according to the results of these experi-

ments is shown 1n Flg. 5.
Flanagan and Smoluchowski [19] 1nvestigated the diffusion of

e
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zince into columnar copper in the same manner. The results of this
work confirm the effect of the angle of disorientatlion of adjacent
crystals on intercrystalline diffusion with a maximumat about 45°.

Couling and Smoluchowskl [20] later confirmed the results
obtalned by Achter and Smoluchowskl using radioactive silver as the
diffusing element, by radioautographic methods.

Haynes and Smoluchowskl [21] performed experiments on self-
diffusion along grain boundaries in ferrosllicon by means of radio-
autographic and radlometric procedures. This metal was chosen for 1ts
body-centered cublc lattice and was expected to have different diffusion
characteristics compared to boundary diffuslion into a metal with a
face-centered (close-packed) lattice., Specimens were so textured that
the plane (110) of all grains was parallel to the outer surface coated
wilth Fe®%, (Grain disorientation varied in the regilon 5° < A8 > 86°.
The results of the experiments showed the absence of observable
boundary diffuslion for angles of disorientation less than 10° and an
increase in the depth of penetration (b) along the grain boundaries
up to 86°. The graph of the dependence of b on A8, given in Fig. 6,
has a wilide minimum in the area of 50° and two 1lndeterminate maxima,
one in the region 25-39°, the other around 76°.

The results of the research [16-21] enable us to conclude that
wlth a change in the angle of disorientation of adjacent crystals,
the character of the dislocatlons of the grain boundaries (or, more
correctly, of the Intercrystalline transition zones) also changes;
this 1s shown in the changes 1in intercrystalline diffuslon with the
change of AS.

Formulation of the Task and Choice of Material for the Investigation
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Heretofore, the phenomenon on internal adsorption in the case of
intercrystalline boundary contacts has only been studied qualitatively.
It 1s of great importance for further work to connect availaﬁle
experimental data on the effect of internal adsorption wlth the
various factors sultable for quantitative evaluatlon, such as
diffusion characteristics and particularly diffusion coefficilents, whose
value, 1t seems wlll depend not only on the character of structural
inhomogeneltles in the polycrystalline material but also on the
changes which occur in them due to internal adsorption. A no less
important factor 1s the crystallographic orientation of adjacent
crystals, which changes the character of the most sharply defined
structural inhomogeneltles, called intercrystalline abutment, on
which the effect of internal adsorption is most evident.

The purpose of the present investigation was to study the effect
of this factor on intercrystalline diffusion and irregularity of
distribution of the horophyle additive in the intercrystalline bonding
zones of differently orlented crystals. For this, we determlned the
quantitative dependence of the rate of ilntercrystallline diffuslon
of the 1ndlicator component from the outside into the reference
(material which can be determined metallégraphically) on the disorienta-
tion of the crystals abutment along the oundary along which diffusion
was belng observed.

The base materilal chosen was 99.99% pure copper, and the horophyle
additive was 99.97% pure antimony (the antimony content of the alloy
was 0.25%). Silver was the 1ndicating component, the interior
adsorption of antimony in copper, diffusing from the outside.

The cholce of these three elements was based on the followlng

considerations. The assumption that'antimony 1s a horophyle 1in re-
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lation to copper(aside from the relation of the values for surface
tension in liquid form) is confirmed by the following series of
experimental data: .

1. V. I. Arkharov and Gol!dshteyn, T. Yu. [22] dlscovered a
sharp difference in the metallographlc patterns of the diffusion of
silver into pure copper and 1nto copper containing 0.35% Sb. Al-
though 1n the first case, an even and continuous diffuslion front 1s
observed in which there are no great dlfferences 1n the body of the
graln and on 1ts borders, 1ln the latter case a sharply deflned boundary
effect was observed; the diffuslon of sllver along the graln boundaries
in the alloy of copper with 0.35% antimony forms protrusions on the
front which far outstrip the contlnuous diffusion front throughout
the grain.

’ 2. In his work S. A. Nemnonov [23] on the determination of the
effect of small additions of antimony on the diffusion rate of zinc
into polycrystalline brass, observed an acceleration which 1is a
function of the slze of the gralin; thls can be explained by the
horophyle nature of antimony.

3. McLean [24] énd Hopkin [25] investigated 1ntercrystalline
brittleness 1n copper-antimony alloys with a small antimony content
(the former, at low annealing temperatures; the latter at both low
and high temperatures). This effect can also be explained by the
intercrystalline internal adsorption of antimony 1in copper without
referring to the earlier papers of Arkharov, Goltdshteyn, and Nemnonov
poth athars)call thls phenomenon somewhat inaccurately, "segreagation
wilthout precipitation”.

4, v. I. Arkharov and others [26, 27] found that the alloy of

copper wlth 0.2% antimony has a greater lattlce parameter in a coarse~
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grained condition than in a fine-grained state and that the variation
in the lattice parameter according to graln size 1s reversible.

These results confirm radiographically the horophyle nature of
antimony 1in relation to copper.

Silver was chosen as an indicator of the internal adsorption of
antimony in copper on the grounds that the_diffusion rate of silver
in a copper-antimony alloy with a large concentration of antimony
(2%~5%) 1s considerably greater than in pure copper, as was shown
by V. I. Arkharov and T. Yu. Goltdshteyn [22]. In a copper-antimony
alloy with a small antimony concentration, therefore, silver should
diffuse more intensively through intercrystalline transition zones,
since the antimony content of the latter 1s greater than in the body
of the grain,.

The study was made with specimens of pure copper and copper with

0.25% antimony.

Experimental Procedure

Growlng a Coarse Graln

It was essentlal for our study to have coarse-gralilned specimens

wlth graln diameters of 2 mm or more, slnce they were to be later used

to determine the crystallographic orientation of each grain individually.

Moreover 1t was necessary that the grains 1n the polycrystalline
specimens have a preferred orientatlon. This conditlion 1s essential
for the followlng reason. Generally speakling, the difference 1n
orlentation of nelghborlng crystals ls determlned by three degrees
of freedom (one grain can be rotated 1n relation to another around

three mutually perpendicular axes. This 1s very inconvenient 1in
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experimental research on intercrystalline abutment, since it compli-

cates the comparison of individual results and thelr overall interpre- _}
tation. The gralns of the coarse-grain speclmens therefore, should

have some kind of axlal or structured teiture so as to limit the

number of orlentational variatilons.

Bearing these condltlons in mind, we adopted the followlng pro-
cedure for growlng coarse grains 1n polycrystalline copper and in the
polycrystalline alloy of copper wilith 0.25% antimony. Ingots of pure
copper and of copper alloyed with 0.25% antimony were cast from copper
and antimony of the required purity. These were then forged into
rods 5 x 20 mm and annealed in a vacuum at 800° for, stress-relief.

The rods were cut and rolled with a certain degree of deformation to
ensure that the specimens acquired the texture of the rolllng.

The rolled specimens of the copper alloy wlth 0.25% antimony
and of the pure copper were annealed for recrystallization. This
thermomechanical treatment ensured a coarse grain with a recrystal-
lizatlon texture lmparted by the texture of the rolling and
characterized by a plane (101) parallel to the plane of rolling for
all grains in the specimen. The stipulatlon that the difference in
the orientation of the crystals be determined by one degree of
freedom was thereby met. The grailn boundaries were approxlimately
perpendicular to the surface of the speclimen and completely penetrated
the thin slabs.

Certain difflcultles were encountered here which are apparently
typical in growlng a graln by recrystalllzatlon in specimens that
are not made of pure metal, since recrystallization in metals containing
even small quantities of impuritiles (much less than the solubility 1limit)
1s often greatly inhibited. This makes 1t difficult to produce the
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grain by subJecting it to critical deformation and subsequent annealing.
The same effect was also observed in the copper alloy wxith 0.25%
antimony under investigation.

Pure copper (without antimony) recrystallized well, After a
5% deformation by rolling and subsequent annealing at 850°, the .
speclmens acqulired a coarse graln With the requisite dliameter for
later study. This method of growlng coarse grains was found un-
sultable for the copper-antimony alloy. In order to find the optimum
conditions for growing a coarse graln the speclmens were subjected,
according to the general rule to various relative deformations (from
0.3 to.99%), and various annealing temperatures were used (from
600 to 1000°) with varying soaking periods (from 1 to 20 hours).
However, none of these numerous varlations in experimental conditions
enabled us to grow a sufficiently coarse grain. Thils can be explained
as follows. V. I. Arkharov and others {22, 26, and 27] determined
the horophyle nature of antimony in relation to copper. In the
present instance antimony, enriches the periphery of the growing
grain during annealing because of 1ts adsorptive capacity.
A consequence of the enrichment of the graln boundariles with antimony
is a reduction of the "surface energy" on the grain boundariles (or,
rather, of the excess energy of the intercrystalline transition zones).
Since the movement of the boundaries during recrystallization depends
on this excess energy, it 1s clear that with é horophyle additive in
the alloy, whilch reduces the energy, the movement of boundaries during
recrystaliization wlll be lessened. This difficulty 1n growing a
coarse grain 1n the copper-antimony alloy was overcome by the follow-
ing heat treatment. An 80 to 90% deformation was produced in the

reference copper 0.25% antimony ‘alloy by rolling. The specimen
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was then heated at a fairly fast rate (*200°/minute) in an inert

atmosphere from room temperature to 1000° and annealed at this
temperature. Thls treatment was used 1n the belief that '1n such a
short time the antimony would not be able to diffuse to the grain
boundaries and would not affect the dilsplacement of these boundaries
during the growth of the gralns. Experiments confirmed this
assumption; the grain grew well. It was posslble by thls method to
obtaln grains 4 to 10 mm in dlameter.

Later, as a result of our determination of the texture of the
specimens whilch had recrystallized after rolling and orienting of
adjacent grains 1t was found in them,that with large angle of
disorientation (A6 > T0°) 1in neighboring grains the texture is less
perfect in reference to the parallelism of face (101) with respect
to the outer surface; in such grains this face forms an angle of
16-20° with the outer surface of the specimen. This makes 1t
difficult po compare measurements of the effect of bonding such gralns
with data for less dlsoriented grains where the face (101) 1s nearly
parallel to the outside surface (with a dispersion angle in the
texture no greater than 8°). To eliminate this diffilculty, besldes
the copper serving as the base of the copper alloys wlth 0.25%
antimony, electolytlc copper (oriented so that the plane (101) in its
grains would lie parallel to the outer surface, as 1n the rolled
specimens was also used in the experliments, but because of the
axial character of the orientation of electrolytic copper, 1t was
possible to increase the range of the angles of disorientation
A8 to 90° without increasing the texture dlspersion angle, which
did not exceed 8°,

In a series of experiments with electrolytic copper, a solid
solution of copper-antimony was obtailned by annealing copper specimens
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(2~3 mm thick) 1in evacuated quartz ampules, together with a metered
portion of antimony, at 800° for 200 hours. The concentration of
antimony in the copper which was checked by chemical analysis, was

therby brought up to 0.2-0.3%, throughout the specimen.

Preparatlion of Specimens for Diffusion Annealing

In order to determine the effect of grain disorientation on
intercrystalline diffusion, experimeénts were performed on the dif-
fusion of an indicator metal (silver of high purity) into pure
copper and 1into a solid solution of copper with 0.25% antimony,
respectively. For the subsequent diffusion annealing the speclmens
were prepared 1ln the following manner. ‘

One method was by compresslon of the alternating thin slabs;
here the silver diffused from the thin silver slabs 1into the copper
slabs. For thls, the silver slabs and the coarse-gialned speclimens
of pure copper (obtained by both recrystallization and electrolysis,
in various series of experiments) were placed on top of each other,
alternately, formlng a number of layers conslsting of a silver slab
0.2-0.5 mm thick, a copper slab 0.2-0.4 mm thick, another thin
silver slab, and so on. The last layer was always of silver.

This set of layers was placed 1n an 1ron clamp to ensure good
contact between layers. Iron clamps were chosen so that during the
lengthy diffusion anneallng the complete mutual insolubility of
silver and iron would preclude diffuslion of the iron into the silver,
eliminating any ﬁgssible effect of the iron on the diffusion of silver
into the pure copper (or into the copper-antimony alloy 1n similar
experiments). After diffusion annealing the set was removed from

the clamps, easlly thls belng a proof of the absence of iron diffusion
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in the specimens studled.

The small deformation due to the pressure of the clamps did not
spoll the previously prepared coarse gralns, had no effect on their
orientation, nor changed the graln shape or slze 1n the subsequent
diffusion anneallng. Thls deformatlon was apparently much smaller
than the critlcal deformation requlred for recrystallization.

This method of prepariling the specimens prior to diffuslon an-
neallng was employed both for the recrystallized specimens of the copper
alloy with 0.25% antimony and for the solid solution of copper with
0.25% antimony, formed as a result of vacuum saturation of electrolytic
copper with antimony. However, 1n both cases the speclmens were glven
addltional thermomechanlcal treatment prior to assembly into sets of
laters, the primary purpose of which was to create an adsorption
effect in the specimens contailning the horophyl additive, as well as
to elimlnate a posslble surface effect. For thls, the speclmens of
the selected composltlion were annealed'at 700° for 200 hours in
vacuum or charcoal. After anneallng, they were cooled in water and
layers 0.1 mm thick were then removed from both sides with fine
emery cloth, after which the sides were polished. The speclmens
were afterwards lightly etched with a 50% solution of H,0» to remove
the layer stralned by the mechanlcal treatment, and were made up into
a set, as was done for the copper specimens: the first layer was
silver, the second layer copprer-antimony, the third layer was sllver,
ete.

Other methods were also used to ensure the best possible contact
between the slab surface 1in preparing specimens for diffusion
annealing. Copper or copper-antimony speclmens, previously treated

to produce the absorption effect, were coated with silver either
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by electrodeposition or by vacuum condensation of sillver vapor.
Before belng plated with sllver, the specimens were thoroughly
cleaned by pickling in an aqueous solution of hydrogen peroxide,
beofre and after which they were washed with alcohol.
. The electrodeposition of silver was carried out 1in a bath of

the following composition {grams/liter): .

Silver chloride (AgCl) 39
Potassium cyanide (KCN) 65
Potassium carbonate (KzCOsz) 38

The current denslty was 0.3 amp/dm2 andlthe temperature of the
bath was 20°; the anode was made of silver of high purity.

Some of the experlments wefe likewlse carried out in a bath
of different composition [28] (with a current density of 1.2 amp/dm?

at a temperature of T70°):

Silver chloride (AgCl) 4o
Potassium ferricyanide (K4 Fe(CN)e ° 3H20) 200
Potassium carbonate (KpCOsz) 20

As a result of the experiments it was ascertalned that
electrodeposition of sllver 1s better than vacuum plating for two
reasons. First, the deposit produced electrolytically has a better
bond with the basic metal; second, 1t 1s easy to get compact and
uniform fine crystalline deposlits of great thicknesé by electrodeposition.

The subsequent preparatlion of a set of specimens silver-plated in

thls way 1ls the same as in the first method.

Diffusion Annealilng

To bring about diffusion of silver from the outside into the

copper and copper-antimony slabs, the latter were annealed at 650°
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Thls temperature was chosen for two reasons.

It must be remembered that the intercrystalllte transitlon zones
in the copper-antimony alloy form a ternary solid solution when silver
1s diffused into them, wlth a meltling polnt lower than that of the
binary solid solutions of copper-antimony, copper-silver and silver-
antlimony wilthin the concentration range under study. Durling the
investigation 1t was determined that at thls temperature there is no
danger of the gralin boundaries fusing. It'would have been possible
to choose a hlgher temperature for our experiments on the diffuslon
of silver into pure copper, but then the qorrelation of the results
with simllar experiments on copper-antimony alloys would have
presented certaln dlfflculties.

The glven temperature 1s sufficlently high to ensure apprecalble
diffusion actilvity by the sllver.

Diffusion annealing were performed 1in different experliments
elther in vacuum (1072 - 10™* mm Hg) or in charcoal powder. The
duration of the annealing was 600 hours. This length of time permit-
ted bertter observation of the diffusion of sllver 1nto copper-
antimony alloys with 0.25% antimony or especially i1nto pure copper.
In the latter case the maximum depth of penetration into pure copper
after annealing for 600 hours at 650° was about 50 microns. For
shorter anneallng periods the effect of lrregular Intercrystalline

diffuslon 1n copper was not sufficlently clear and was dlfficult to

measure.
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Metallographlc Study

Examination of the results of the diffusion of silver in the
specimen slabs of pure copper or of copper alloyed with 0.25% antimony
was made after the diffusion annealing. For this, the sample was
removed from the 1ron clamps and subjected to layer-by-layer grinding
with fine emery cloth in such a manner that the plane of the layer
belng removed was perpendicular to, the direction of diffusion. This
method of grinding was started at the surface forming the outer layer
of silver diffusing into the 1nterior of the specimen under study.
The thickness of each layer removed was 5 microns. The thickness of
the specimen before and after the removal of each layer was measured
by means of a microscope with an ocular micrometer.

After the removal of each layer of materlial ifrom the specimen,

a section was prepared on the exposed surface by a well-known method
[29] and the polilshed surface was etched. An etchant was chosen
(ammonium persulfate 15 grams; ammonium hydroxide 6cc; distilled water
79cc) which would differentiate the base material (copper or copper-
antimony alloy) and the solid solution formed as a result of the
diffusion of silver in various ways (wlth sufficlent contrast).

In a number of cases, instead of removing layers wlith fine
emery cloth and subsequently polishlng and etching the exposed sur-
face, the speclmens were subjected to electropolishing and electro-
etching. In the first instance the electrolyte was orthophosphoric
acid (specific gravity 1.48). The conditions of electropollshing
were current density 2.5 - 3.0 amp/dmz, voltage 1.1-1.8 volts,
temperature of bath 15-20°. The cathode was electrolytic copper 1n
the form of a thin slab 4 mm thick. The electropolishing lasted
10-15.m1nutes.
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The electroetching of the specimen was performed 1in a bath of

the followlng composition: 1ron sulfate, 30 grams; sodium hydroxide,
4 grams; sulfuric acld (specific gravity 1.84), 100cc; distilled
water, 1,900cc; current density when the bath was operating, 0.5
amp/dm2 the voltage, 8-10 volts; temperature of the bath, 40-50°,

The cathode was a slab of electrolytic copper 2mm thick.

After electroetching for 10 seconds (which corresponds to the
removal of a layer 5 mlcrons thick) the specimens were ready for
metallographlc investigation. Thls treatment was applied to speci-
mens made from thin copper or copper-antimony plates (0.2—0.5nm0
coated with silver (electrolytically or by vapor condensation in
vacuum) before diffusion annealing. It 1s difficult to make metal-
lographic specimens 1n the usual manner on the surface of such
plates.

The etched surface of the specimens was vliewed through a
mlcroscope wlth varylng degrees of magnification (x3-380). Low
magnification was used to observe the sharply deflined diffusion
zone at intermedlate stages of the examinatilon while the progress
of the continuous and boundary diffusion was being followed. High
magnification was used to determine the beginning and end of the
zones of body or Intergranular diffuslion.

By meésuring the thickness of the layers of material which had
been systematically removed and then tracing the metallographic
pattern of the exposed surface, 1t was possible to determine separately
the depth of penetration of the diffusing substance due to intra-
granular diffusion (measured according to the depth of total diffusion
in a direction perpendicular to the outer surface) and the depth

of penetration of sllver along varlous individaul grain boundaries
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which characterizes boundary diffusion. Knowing the characteristics
of the depth of the intergranular penetration for different grain
orientations, 1t 1s possible to clarify the effect of the disorienta-

tion of adjacent gralns on intercrystallline diffusion.

Determination of Grain Orientation

There are many radiographic methods, described in detall in
[30], for determining the preferred orientation of the grains of a
polycrystalline aggregate.

In our investigation, Lauels back-reflection method was employed,
with the constructlion of the standard polar diagrams [31, 32]. This
method is simpler than others, and with some experlence it enables
the preferred orientation of the gralns to be determined falls
qulickly. The difference in orlentation between nelghboring crystals
1s determined by the angle between llke crystallographlc directilons
in them. To make the calculation easler and quilcker, Sachs screens
were used,.recalculated for the distance between the specimen and
the £film in our camera. Determination of grain orientation was
further speeded by constructlon of the Greninger diagram, wlth
allowance for the dlameter of the camera belng used (distance from
specimen to film).

It was found by this method that there 1s a recrystallization
pattern in the thin slabs as shown by the fact that the plane (101)
of all grains 1s parallel to the outer surface of the specimen (or
to the rolling plane). The specimens of electrolytic copper required
for the lnvestigation were selected so that the crystallographic
plane (101) of the majority of the grains would be parallel to the
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outer surface of the speclmen. The angle of dispersion of the orienta-
tion 1n both lnstances, was not greater than 8°,

The accuracy in determining the disorlentation of A6 of adjacent
crystals (which varied over a wide range from 0° to 90°) by this

method with all stages belng carrled out wlth great care was + 2°,

Experimental Procedure and Results Obtalned

Results of the Metallographic Study

The depth of penetration of silver 1nto the body of the grailn
as well as along the graln abutments was assessed by removing con-
secutive layers of the materlal of the specimen, the plane of the removed
layer (the thickness of which was 5 microns) being perpendicular to
the direction of diffuslion. After the removal of each layer a metal-
lographic examination was made of the exposed surface.

After annealing, there 1is a. solid layer of sillver (residual) on
the starting surface of the specimen., As a result of subsequent
grinding, a layer in which there 1s total diffusion of sllver 1in the
alloy (or pure metal) 1s exposed wilth no distinctlon between grain
body and intercrystalline transition zones. After several layers are
removed, the zone of total diffusion ends and the zone of 1lntercrystalline
diffusion 1s seen. The depth at which the zone of total diffusion ends
1s identified as the depth of penetratlion of sllver into the body of
the grains, and this characterlzes its Intragranular diffusion.

With the removal of subsequent layers, "gaps" appeared in the
sectlons of the mlcro-ground surface (made on the surface of the speci-
men after removal of the layer) corresponding to the centers of the

graln flelds, while the sections on which the diffusion of silver
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occurred at this depth formed a kind of "network" of wide bands aligned
along the graln boundaries. At the beginning (at lesser depths from
the outer surface this "network" was unbroken and delineated all the
boundaries. Further removal of layers led to a narrowing of the

bands forming the network, even to the point of disappearance along
some boundaries (intercrystalline abutments); 1l.e., the diffusion of
silver along grain boundarles ceased to be observable. The distance
between the layers in which the beg;nning and the end of the lnter-
crystalline diffusion of.the indicator (silver), shown metallographil-
cally, were observed identifled the depth of 1ts penetration along

each graln boundary. The depth of this penetratlon characterlzed
intercrystalline diffuslon; 1t was determlned twice for each boundary,
since subsequent removal of layers exposed, first, zones entirely unaf-
fected by the diffusion and, later, a zone of diffusion along the

same intercrystalline borders on the other side of the specimen (it
must be kept 1in mind that the gralns grew right through the test
plece). Here the seduence of zones formed by the diffusion of silver
was 1in reverse order to the sequence of the 1nltial observations.

The experiments showed that practlcally ldentical depths of
renetration were obtained on both sides of the specimens, as regards
each specific boundary as well as the body of each grain (for all
grains, regardless of thelr orientation, the depth of penetration in-
to the body 1n each speclimen was the same; in the case of diffusion
in pure copper 1t was 15 + 5 mlcrons, and in the case of diffusion
in the alloy of copper with 0.25% antimony it was 25 + 5 microns).

Although 15 serles of experiments were performed, and 1n each
serles a.set of 3-4 composite sets of slabs copper alloyed with

0.25% antimony (or, simllarly, of pure copper) interlaild with silver
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strips were used,

In generalizing on the metallographic data, 1t can be said
that as a result of the diffusion annealling the sllver chosen as an
indicator of internal adsorption in the copper-antimony alloy
diffused in both the alloy and the pure copper and formed a diffusilon
zone with an uneven front. This diffusion front 1s characterized,
apart from the continuous more or less even zone permeatling the body
of the grain, by the formations of protrusions on the front along
the intercrystalline transition zones, whilch are unequal in thelr
degree of extension along the various Jjolnt-bonds because of the
different orientation of the gralns with respect to each other.
The result of the diffuslon of silver 1nto the alloy of copper with
0.25% antimony, for example, 1s shown schematically in Filg. 7. ‘

It was revealed by the 1lnvestigation that the depth of penetra-
tion selected as being characterlstic of intragranular and inter-
crystalline diffusion differs substantially 1n the cases of silver
diffusion into pure copper and into the selected alloy which were
compared. It 1s characteristlc that the protrusions of the dif-
fuslon front along intergranular boundariles do not greatly exceed
the total diffusion front (the maximum depth of penetration along
certalin abutments did not exceed the solld dlffusion front by more
than three times) in the diffusion of silver into pure copper. For

the diffusion of sllver into the copper-antimony alloy, however, the

intercrystalline diffusion revealed metallographically far exceeds the

intragranular diffusion front (maximum depth of penetratlion along in-
dividual boundaries exceeded the solid diffusion front by more than
14 times).
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Fig. 7. Schematlc representation of
the diffusion of silver into copper
alloyed with 0.25% antimony

The shaded sector represents the
silver layer; the unshaded sector the
speclimen (plate of the alloy of Cu

+ 0.25% Sb.) Layer of solid solution
formed as a result of diffusion:

a) Ag in Cu, b) Ag in the alloy Cu-sb;
Mit intercrystalline transitional
zone.

Dependence of Intercrystalline Orlentation

of the Penetration Depth of the Diffusling Substance

Along Intercrystalline Boundarles

The results of the measurements of penetration depth (b) along
the various bond-contacts and of the disorilentation (A9) of the
adjacent crystals that form them were plotted in Fhe form of curves
showing the dependence of b on Af. Fifteen curves showlng this
relationghip were plotted for the diffusion of silver into pure
copper or 1nto copper-antimony alloys. The depth of penetration is
slight for small disdfientations of the gralns and reaches a maximum

at a certaln degree of disorientation. This relationship is not
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monotonlc but complex 1n character, since the curve shows maxima
and minima characterizing intercrystalline diffusion.

Dependence of b on A8 for the diffusion of silver 1nﬁo a _pure

solvent §Cu1 Figure 8 shows a composite curve obtained from many
series of experiments representing the dependence of b on A6 for
pure copper used as the base for the copper-antimony alloys
from which the specimens were rolled énd Filg. 9 gives the same
for electrolytic copper.

Since Intragranular diffusion 1s a diffusion of silver through
the undistorted lattice of the graln body, it may be consldered
equlvalent to boundary diffuslon between crystals wilith zero disorien-

tation

” 20 Ja 17 50 &0 7 a0 a8

Fig. 8. Composite curve of the dependence of the
depth of penetration of silver(B)into recrystallized
copper on the relative orientation of adjacent crystals
(A6) Temperature of diffusion annealing (T) 650°;
length of diffuslion annealing (t), 600 hours.

O M
4

Fig., 9. Composlte curve of the dependence B on A8
{(in degrees) in the diffusion of silver into electrolytic
copper T = 650°; t = 600 hours
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The characteristic of 1ntragranular diffusion b, determined by the
metallographic pattern of continuous diffusion, 1s therefore plotted
on the graphs of the dependence of the depths of slilver penetration
due to boundary diffusion on the disorientatlion of grains at the
polnt of zero-disorlentation on the ordinate (2). The depth of
penetration of silver 1nto the body of grains of pure copper was

15 microns.

It 1s seen from Figs. 8 and 9 that the curve showlng the
dependence of the depth of penetration of silver along the grain
borders 1in pure copper specimens on the dilisorientatlon of the grains
has a maximum value b ~ 50 mlcrons for two disorientation angles
(48), 30 and 60°, and a minimum value b ~ 15 mlerons for A6 = 45°.
For other dilsorientatlon angles between nelghboring cyrstals inter-
medlate values were obtained for b.

This definlte dependence of the depth of penetration of sllver
along ilntergranular boundarles of copper on the disorientation of
the grains forming these couplings 1is simllar to the findings of
Smoluchawski and others [16-18] in samples of columnar polycrystalline
copper. The difference I1n the texture of the copper under investiga-
tion and the copper chosen by Smoluchowskl affected the nature of the
dependence of b on A6. In the studles made by Smoluchowskl and
others [17-19] the texture is characterized by the direction [100]
along the direction of diffusilon (which was the columnér direction),
whereas 1n our case thils direction was (101).

The difference 1n the dependence of b onA®f found by us and in
the studles of Achter and Smoluchowskl [16-18] consists of the

following. In the studles made by the latter the maximum value for
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the depth of penetration of silver was obtalned when A®= 45°, 1.e.,
the periodiclty in the dependence of b on AP was observed through
90°, evidently because the direction (100) 1s an axls of symmetry of
the fourth order. In our experiments on pure copper (Figs. 8 and 9)
we obtalned two maxima, when A8= 30 and 60°, and a minimum, A8= 45°.
The periodicilty in the”dependence of b on A@ was observed through
180° 1in this case, due to the fact that direction [101] 1s an axis
of symmetry of the second order.

Dependence of b on A 1n diffusion of sliver into a solid

golution of copper with 0.25% antimony. Figs. 10 and 11 show

composlte curves of the dependence of the depth of penetration of
silver (b) on A6, obtalned by investigating intercrystalline diffusion
In samples of a copper-antimony alloy, produced by electrolysis and
properly rolled. As 1n the case of pure copper, the value plotted

at zero absclssa 1s the value of b obtalned from measurement of the
depth of penetration of silver in the body of the gralns in the
selected speclilmens. It was 25 microns.

From Figs. 10 and 11 1t 1s seen that the intercrystalllne
diffusion of silver in the alloy of copper with 0.25% antimony
proceeds with conslderably greater Intensity as compared to intra-
granulaf diffusion in the same alloy and very definitely depends on
the relative or;entation of adjacent grains. The curve of the
dependence on disorlentation of the penetration depth of sllver along
grain boundaries has two maxima: 350 and 260 microns at A6 = 35 and
75°, and a minimum (b ~ 30 mlcrons) at A8 =56°. At other disorienta-
tion angles between neighboring grailns the depth of penetration of
sllver has Intermedlate .values, varying in a regular manner within

the 11ﬁits of 25 and 350 mlcrons.
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A comparison of data obtalned on intercrystalline diffusion
of silver into the alloy of copper with 0.25% antimony and into
pure copper reveals the following:

The values for the penetration depth of silver alcng lntercrystal-
line boundaries of the alloy are substantially higher in comparilson
with the corresponding values for pure copper. This lncrease 1is
especlally great for the maxima of b ~ 350 microns for the alloy, .
and 50 microns for copper.

The locations of the maxima and minima on the A6 scale do not
for tﬁe copper antimony alloy and for pure copper colnclde 1n the
first case the maxima are observed at A6 = 35 and 75°, in the
second at 30 and 60°, while the mlnima are observed at M= 56 and
45° respectively. These locations were repeatedly obtained in a
series of experiments using different specimens and specimens of

varying types produced by(melting and rolling as well as electrolysis).
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Fig. 10. Composite curve of the dependence of B on
A6 in the diffuslion of sillver into the alloy of Cu
with 0.25% Sb, the coarse grailn of which was obtalned
in the specimens by recrystallization

T = 650°; t = 600 hours
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Fig. 11. Composlte curve of the dependence of B
on A8 for the diffusion of sllver into the solld
solution Cu with 0.25% Sb. The copper belng
electrolytic copper.

= 650°y t = 600 hours

Analysis of Results and Conclusions

During the last éo ﬁo 25 years 1t has been determined by a
great number of experlments that diffusion occurs more rapidly along
the boundaries of grains than through thelr body.

This fact was first established indirectly through determination
of the ccefficients of diffusion or self-diffusion. It was found
that the values of the diffusion coefficlients for the same materials
studied are not identical unless the grain slze of these materials
1ls the same and that, namely the diffusion coefficient usually in-
creases with a reduction in grailn size. This fact has been confirmed

more obviously by recent research (beglnning 1n 1951) carried out
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by radiloautographic methods. The combining of the theoretical ap-
proach with experimental data, best exemplified by Fisher [33], has
made 1t possible to conclude that the activation energy of boundary
diffusion 1s substantlally less than the actlvation energy of 1intra-
granular diffusion.

The data of our lnvestigation relate in particular to a series
of experiments to determine the orientational dependence of inter-
crystalline diffuslon as observed py metallographically methods, and
they show a.definite dependence of the intercrystalline dlffuslon of
silver into pure copper or into a s0lld solution on the mutual
orientation of adjacent crystals (Figs 8-11).

This effect, 1n relation to diffusion into pure copper may be
explained as follows. The distortion of the boundary crystal
structure varies wlth a change 1n the degree of disorientation of
adjacent crystals and governs the varliation 1n the excess energy of
atomlc Interaction in the intercrystalline zone as compared to
the body of the grain, which has a regular crystalline structure.

It 1is therefore natural that the character of the distortions in the
zone of transitlon from the crystal lattice of one grain to the
lattice of another has an effect on the lnteratomlic bonds with in 1t,
which facllitates the elementary act of diffusion. In other words,
diffuslon along lntercrystalline face planes will be facllitated to
a greater or lesser degree, according to the disorientation of the
adjacent crystals.

Our experiments determined that for grain disorientation of
0 to 10° and from 82°30' to 90° and also in the interval between
41°30t and 47°15% the intercrystalline diffusion of silver as shown

metallographically 1s not signiflcantly greater by comparison with
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intergranular diffusion. Apparently, with these crystal graln rotations
the distortions are not great, and the lntercrystalline couplings

can easlly be represented with the ald of the dislocation model.

At other angles of disorientation the number of dislocations should
increase; interaction between dislocations now appears and the

boundary structure can no longer be represented by such a simple

model. A more convenlent model 1s the one based on the concept of a
"two-dimenslonal nonius" [1].

On the basls of what has been stated above and the experimental
data obtalned (Figs. 8, 9), 1t 1s posslible to draw the followlng two
conclusions 1n regard to intercrystalline diffusion of silver into
pure copper.

The distortion of the crystal structure Of the intercrystallite
zone, which reduces its bonds in comparison with the undistorted
crystal structure in the 1nterlor of adjacent crystals, govern the
acceleration of the diffusion of silver along the boundarles, as
compared to the graln body (maximum depth of penetration b for the
intercrystallite coupling 1s more than three times the volume value
of 2). The degree of distortion of the crystal structure of the
intercrystalline zones, varles with cahnges 1n the disorilentation
of adjacent grains, which also affects the quantity of the excess
energy of intercrystalline zones, and consequently of Q boundary.
Hence, for different mutual orlentations of the crystals the
degree of intensifilcatlon of intercrystalllne diffusion as compared
to intragranular diffuslon (as a function of the magnitude of the
excess energy and bindilng forces in the intercrystalline coupling
will be unequal. The résult of this is the irregular character of

the diffusion of sillver along crystallographically different abutments
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in the copper specimens.

The results obtained from the study of the lntercrystalline
diffusion of silver into the copper alloy with 0.25% antimony may
be explalned as follows. The Iinternal adsorption effect 1s con-
tingent on the presence of excess energy 1n the lntercrystalline
zone [1, 2]. It has been determined that the quantity of the
excess energy depends on the disorientation of the grains forming
the transition zone [3-15] and, therefore, on the disorientation
of adjacent grains also condltions the quanﬁity of horophyle addl-
tlve absorbed in the intercrystallline zone coupling them, i.e.._

The degree of dilstortion of the intercrystalline transition zone
must have an effect on the irregular character of internal adsorption.

The selected alloy contains the horophyle additlve, antimony,
the adsorption capacity of which has been shown by research [22-27],
and also 1n the present work on the observed effect of antimony on
the recrystalllzation of the copper alloy with 0.25% antimony on
the boundaries of differently oriented grains in the copper-antimony
alloy, became apparent in our work, through the uﬁevenness of the
Increase of the 1lntercrystalline diffusion of slilver as shown
metallographlcally, into the copper-antimony alloy, compared with
pure copper. At the same time it 1s known [22] that with the in-
crease in antimony content of the copper-antimony alloy the diffusion
rate of sllver 1into thils alloy 1lncreases. It can be assumed in this
connection that the diffusion of slilver through various inter-
crystalline bond contacts wlll depend on the quantity of adsorbed
antimony in them.

On the basis of the above and of the results obtained (Figs.

10 and 11) the following conclusions can be drawn with regard to
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the intercrystalline diffusion of silver 1nto the copper-antimony
alloy.

1. The effect of dilsorientatlion of adjacent crystals on the
degree of unevenness of the intercrystalline diffuslon as shown
metallographically 1s indicative of the unevenness of the distribu-
tlon of the antimony concentration along the abutting zones of grains
wlith different orientatlons with respect to each other.

2. The unevenness of diffuslon of sllver into the copper alloy
with 0.25% antimony as compared to pure copper is much more sharply
defined. This 1s because the unevenness of the diffusion of silver
into pure copper 1s governed only by the differences in the quantity
of excess energy In the 1ntercrystalline abutments with different
degrees of graln disorientation. In the case of the alloy of copper
wilth 0.25% antimony, however, the unevenness of the diffusion of
sllver also increases because of the adsorptlon capacit& of antimony;
the content of which along the intercrystalline abutments 1s in-
creased as compared to the body of the grain.

3. The nature of ?he distortions in the intercrystalline zones
whilch causes a certain acceleration of the diffusion of silver in
them compared to the body of the grain, apparently differs 1n the
case of pure copper from simllar distortions observed in the copper-
antimony alloy, since 1n the latter case a large amount of antimony
enters the lntercrystalline zones through adsorption. The change in
the nature of the distortions 1n the lntercrystalllne zones with
a glven grailn disorilentation, which thils brings about; i1s evidently
the reason for the shift of the maxima and minima on the curves
b = fAB fbr the diffusion of sllver into the alloy of copper with

0.25% antimony, compared with diffusion in pure copper.
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These conclusions appear to us most likely to be true, but for
a final answer to the question further research is essential, and,

first of all, simllar experimental data must be obtained for other

alloys.
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STUDY OF ATOMIC INTERACTION IN ALLOYS BY ANALYSIS
OF X~RAY SCATTERING FROM THE CRYSTAL LATTICE

V. V. Geychenko, M. A. Krivoglaz, A. A. Smirnov

The propagation of various types of waves by a crystal lattice

may be utllized to determine the atomichinteraction constant in
lloys since these constants enable us to estlimate, to a certain

extent, the strength of the crystal lattice. The present study
with this end in view deals with the diffuse scattering of x-rays
by alloys of varilous kinds. The formulas derived are also applicable
to the study of radiation of other types of waves (electrons, neu-
trons*) .

The theory only takes into account diffuse scattering involving
the 1rregular alternation of different kinds of atoms at the points

of the crystal lattice, and in the case under consideration the

* Certain other pecullarities exist 1n the scattering of slow
neutrons which have been studied 1n the paper "Concerning the Theory

of Slow-neutron Scattering in Alloys" included in the present

collection.
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. statlc geometric distortions of the lattice are slight; i.e., in the
caiculations the 1att16e 1s held to be geometrically i1deal. Also, {
scattering due to the thermal vibration of atoms is not considered
here.

The present paper gives the results of Iinvestigatlions on the
basis of which formulas were derived relatlng the atomic interaction

constants to the diffuse background intensity.

Diffuse Scattering in Substitutional Alloys

Iet us examine a substitional-type alloy with any number
of components which, in a disordered state, has a Bravals lattice,
any composition, and long-range order. In calculating the back-
ground intensity we shall allow for correlation in the substitution
of atoms of a different kind in the points of the crystal lattice
in all coordination spheres.

As 1s well known, the intensity I of the diffuse scattering

bg
of x-rays by the crystal lattice of the alloy of the giliven type,
expressed 1n electronic units, can be written as follows:
I N0 o\ g Ru-R
Io=3 3 (fox—Fe) (o — Fro) 9o Forer), (1)
8, 8=l %, W] .
where Ng 1s the number of elementary cells in the crystals;
i 1is the number of polnts in the elementary cell of the
ordered alloy;
fs is the scattering factor of the atom replacilng point k in
K
cell number §;
- - -
q = ke'-k 1s the difference between the wave vector of the scattered
and incident waves;

Rsxis the vector drawn from the first point of the flrst cell

to point number « of the 8 cell. ‘”}
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The line over fx and Jj*kx! denotes the averaging of these
t quantities for all points of the given type.
Formula (1) may be expressed in another form by the method set

forth in [1]. As a result we obtain for Ibg the formula

I‘ = Sl + S!v ( 2)
where:

9 Q
S1=No 2 An'z)\LP:‘Pfﬁ (3)
a, a’m) Le=1

, & Q M o @ , , e -
S|=—% Z Acu' 2 2 2 E [er';:’ (Pl)+ 5:"’; (Pl)] 2 COSqu,Ln (4)

(c's';T)l Le=1wg=1l=1L'=1 myg =1

here a and at' are the type of atom;
{ 1s the number of components in fhe alloy;
L, It 1s the number of the type of point (L, L = 1,. . .,Q);
k1, 1s the number of the point of type L in the elementary
cell (:cL= 1, « « «5 AP

pg 1s the a priorl replacement probability of a point of
type L by an atom of type a;
1 1is the number of the coordination sphere of radius

pl, described around polint of type I number xL;

PMq 1 is the vector extended from the central poilnt to
polint number myqe (of the type L' in the 1th coordination
sphere) ;

Z11 1s the number of points of type L' in the 1lth coordi-

natlion sphere;

Buw = fam (5)
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egg' (pl) 1s the correlatlon parameter determined by the formula

LLr LL L L’
eav (Pr) = pL (o)) — pk p&i. (6)

1]
In thils expression Pﬁg denotes the probability that atom a

1s at a point of type L, while atom a!' 1s situated at a point of
type Lt, at distance pp away from 1t.

In a case where the correlation in the alloy 1s insignificant
and 1ts parameters may be considered equal to zero, Sz = 0 and the
intensity of diffuse scattering 1s equal to S;. If, however, the
correlation 1s essential, S, must also be consldered. Here the
correlation parameters (or thelr comblnatlons) may ln some cases
be determined from analysis of the Intensity distributlon of the
background. For instance, in the case of binary ordered alloys
A-B, certain comblnations of the correlatlon parameters may be
found by Fourier analysis of the 1ntensity Ibg’ in the same way as 1n
[Ej for disordered alloys.

Let us resolve vector_a into the vectors of the Bravalils

R
reciprocal lattice of an unordered alloy: by, bz, ba:

; =2r (:l:g, + yl;z + 253), (7)

N

. -
and vector pm into vectors a;, az, as of the Bravals lattilce

1Ls
of an unordered alloy:

- o

- - -
Pmyps = Yimyp, @1 + Yomyy . G2 + Vam;p, 3-

(8)

In formula (7) X, ¥y, z are certain continuous variables, and in

formula (8) Vilypys Valljpys Valyp, are whole numbers.
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LLt LLt
Then, for binary alloys, 1n which e€epg = e€pp , expression

(4) may be written as

A e i R
Y — LL
N.AAB I§1 !§l gl Lél & (P') m1§-1e‘xp [2’“ (zvlm“" + yvm"_' + ”""IL')] ( 9)
From this
é ;‘L . 1 111, .
e“’ — b4 oT Yy
A= P ®) =~ § §§ ©Xp [— 21 (Dym,y, + y’zm,v + 2my )l dzdydz,  (10)

where S, in formula (9) may be replaced by Ibg = Sy + Sz, silnce
Sa

AaB
to zero. For binary unordered alloys, the comblnation of the

does not depend on x, y, 2z, and after lntegration 1s equal

' (p,), cannot be obtained this way, but it the
B F1
correlation parameters are €pp (pl):

quantities eLL

11

o 1 PR .
eap(p) = — T’VS“ 2 (ZAz . exp [— 2wi (@Vim; + Yom; + Z¥am)] dzdydz, (11)
. 000 N ¥

where N = No 1 1s the total number of atoms 1n the crystal.
Knowledge of the correlation parameters makes 1t possible to
-determine the short-range order 1n the alloy, 1l.e., to determine
the distribution of atoms of any kind near an atom of a given kind,
and thereby to assess the micro- heterogenelties of the composition
of the alloy. On the other hand, 1t may be possible in certailn
cases, using the statistical order-dlsorder theory, to relate the
correlation parameters to the energies of atomic interaction (order-
ing or disordering energles). For 1lnstance, for an unordered binary
alloy at sufficlently high temperatures, Kirkwoodt!s theory gilves
us the followlng form for €,p (pi): .

(12)
eap(p) = ¢4 ¢} 7"%'1‘ ,
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where: cp and ¢y are the relative atomlc concentratlons of the
components A and B;
Wy 1s the ordering energy (or disordering energy) for
the first coordination sphere;
k 1s the Boltzmann constant;
1s the absolute anneallng temperature of the alloy.
Equations (11) and (12) make it possible to determine the

magnitude w; characterlizing the atomic interaction in the alloy.

Diffuse Scattering in Interstitial Alloys

Let us examlne interstitial alloys, in which the lattice points

and interstices form a single Bravals lattice. If relatively small
atoms* become embedded 1ln the lnterstices of an alloy of this kind,

the resultant alloy can be treated as a substitutional alloy, the
points of which (being the points and interstices of the interstitial
alloy in question) have been replaced by various other atoms and
vacancies. Hence, formulas (2) - (4) may be applied to these
instertitial alloys. Keeping the notation a(a = 1,...,€) for the
type of atoms at the points, and denoting by B(B = 1,...,£) the type
of atoms (including the vacancles) 1n the 1interstices, we obtailn

the following expressions for S; and Sz:

* The embedded atoms should not dlstort the lattice to a polnt
where an additional background, brought about by the distortion,
substantlally changes the distribution of the diffuse-scattering

intensity.’
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| . |
Si=80( 3 b S prlie D d 3 hurleri)

a,8’= - ’ 1
. o e e
QG My o Q e,
{ 56w 3 33 3 1) +4127 ) 3 conm, +
a, 1'71 ) Ly=~1 xbyhx t=1 L myr’ _‘
(x—a?) . - &
L My o Qu .”"l e N
133003 85 Sren 8 cwinag
e=1 8=l Ly=txp,=tl=1 ', L " ‘
n=l.
Qu My » Q s Ly
+2 Z 2 2‘ ’(Pl) 2 coqumlL]"'
- Ly=1 “L =1 =1 L -1 my. L',"‘ o
3 W My '
- T D 2 [e;‘;,l‘ (P:.,) +
8. 0= Lu-le ==y
(B<B’)
z””L;‘ E ) .
o~ g 4
L.'—. (pm)] D) cosg p"‘z"z.;] . (1%)

Mymyg ! =1
"Ly

Here, the 1ndices y and m 1ndicate that the quantitles denoted

by them refer to the corresponding lattice.points and interstices;
1 and 1" denote the number of the coordinatlion spheres made up
of lattice points, proJjected around the point and interstice,
respectively, and 1' and 1" are the number of the spheres consisting
of interstices projected around the point and interstice, respectively.

/ Let us examine the specific case of a dlsordered alloy having
atoms of two kinds A and B on the points forming a face-centered
cubilc lattice, and atoms C and holes (denoted by D} in the interstices.
Let the concentration with respect -to atom C be small. In this
case the last term in Eq. (14), which expresses part of the back-
ground lntensity dependent on the correlation between interstices,
may be dlsregarded. We shall take 1nto account the fact that the

embedded atoms usually have greater mobility than the atoms at

the lattilce polints. Hence correlation at the lattlice points is
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established by prolonged anneallng at a high temperature; while
for correlation between lattice points and lnterstlices a relatively ‘j
lower temperature and a comparatlvely shorter time are needed. Thus
it is possible to prepare an interstitial alloy and produce correla-
tion between the lattlice points and interstices without disturbing
the correlation between the lattlce points which exlst 1n the
binary alloy A-B. This makes 1t possible experimentally to exclude
the part of the background dependlng on correlation at the lattilce
points. The quantlty S; may here be calculated and taken into
account.

For the part of the background Ilbg remaining in Eq. (14),
conditioned by the correlatlon between lattice polnts and interstices

in alloys of the type 1n question, bearing 1n mind that €Aac = €gp ~

eBC= eAD we arrlive at the expression
© Zn - ' ;
To="4Nol(fa— 8} Jo + (fA—[3) fol D) eac(pa) D) cosgp, - (15)
n=1 mp=1
Here: fA’ fB, fC are the scattering factors of atoms A, B, and C;

n 1s the number of the coordlnatlion sphere drawn
around a lattlce point through the interstlces, or
around an interstice through the points (which for
the gilven structure is the same) ;

pm, 1s the radius-vector determining the location of
the mpth point (or interstice) in the nth coordina-
tion sphere;

z_1s the coordination number for the nth coordination
sphere.

Applying Fourler analysis to the quantilty

p
F z, ' e -o m
&Y ) = AT+ T (16) )
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1t is possible to obtailn the followlng expression for the correlation

parameter €,, (pn):
111 . .
eac(en) = {{{F @ . 2)oxpl— 20 @um, + prum, + Damy)) dedydsl (17)
000

The quantitles eAc(pn) make 1t possible to determine which
atoms (A or B) wlll be predominantly surrounded by atoms C.

The relationship of the correlation parameter eAc(p1) to the
interactlion energles VAC and VBe of the nelghboring atoms Ac'and
BC has been determined 1n a paper, as yet unpubllished,

YAC — ®BC

. ®T
eac(p) = -’Tc_w-b——i-qq cc (18)

cpe RT +og
\

where cp and cy are the ratlos of the number of atoms A and B to
the number of lattice polints, and co 1s the ratlio of the number of
atoms C to the number of interstices.

Knowing It',g, equations (16), (17), and (18) make 1t possible
to find the quantity Vac—Vne and, 1n particular, to determine with
which atoms on the lattlce points the C atoms Interact most strongly.

It should be noteq that the determination of €,.(pn) by Eq.
(17)vcan best be applled to alloys, the interstices of whlch are
interspersed with hydrogen atoms, which causes relatively slight
distortion of the crystal lattlice. It 1s clear that in this casé
slow neutrons sbould be used instead of x-rays, the diffuse
scattering intensity of these neutrons (which 1s related to correlation)

belng determined by equations of the same type.

Investigation of Diffuse Scattering

of X-rays 1n Substitutlonal Alloys by the Method Fluctuations
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In the above method of investigating x-ray scattering we have
discussed secondary waves scattered by individual atoms of the
alloy and the scattering intensity has been deflned as the result
of interference of these secondary waves under conditions of a given
distribution of atoms. Using this method, 1t 1s possible to express
the intensity of the true reflectlions through the concentration of
the alloy components and the long-range order parameters and the
diffuse scattering intensity through -the concentration, the long-
range order parameters, and the correlations. The derived equations
also make 1t posslble to determline the long-range order parameters
(the pg probabilities, for instance) and the correlatlion parameters,
using the distribution of the scattering intenslty, determined
experimentally. It 1s of Interest, however, to determlne as well
the dependence of the scattering intensity on the temperaturg
(and the compositlon of the alloy), as well as on the constants
characterizing atomic interactions in the alloy. To study these
relatlionships, i1t 1s much more convenient to use another method which
was introduced by Einstein [3] in the problem of the dispersion of
light and then applled to a study of the intensity of x-ray diffuse
scattering near true reflections [4]. In this method the diffuse
scattering intensity in alloys is expressed through Fourier components
of the parameters characterlzling concentrations of the alloy components
and the long-range-order parameters. Slnce the mean values of the
square of the fluctuations depend 1ntrinslically on the interaction
energles of the atoms of the alloy and on the temperature, the
diffuse scattering intensity can also be expressed through these
quantities.

In [4] the calculation was made without a specific atomlc model
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of the alloy, using the thermodynamic theory of second-order phase
transitions. In order to relate the scatterlng intensity to the

atomic interaction constants, one of the authors made the calculation
for binary and ternary substitutlonal alloys, using a specific atomic
model. The results of the calculation for bilnary alloys are gilven
below.

The 1ntensity of the diffuse scattering of monochromatic radila-
tion by single crystals was determined, and, as above, the back-
ground assoclated with the geometric (static and thermal) distortions
of the lattice and with Compton scattering was not considered. The
model taken 1s the conventlonal statistical model of an alloy, in
which the energy of the crystal 1s represented as the sum of inter-
action energles of different pairs of atoms. In the calculation
the interaction, as well as the correlation of the atomlc palrs with
any distance between the atoms, 1is taken into account.

As a result, the following equatlion was derived for the intensity
of x-ray diffuse scatterlng by a disordered alloy A-B with a Bravails

crystal lattlce of conventlonal structure:

1
an 2 .
Xo+ ) X, 2 €03 ¢ Py, - (19)

l=1 mp=1

Io=Njja— /sl

where Ibg 1s the scattering intensity expressed 1n electronic units;
z7 1s the coordlnation number of the 1 th coordination sphere;
m; 1s the numbering of lattice points 1n this sphere;
-gml 18 the vector drawn from the central point to polnt number
my of the 1 th coordination sphere.
The quantlties Xo and X; are expressed by the second derivatives
of the thermodynamic'potential of the concentrations pAJ of A atoms

in the different sub-lattices ng (numbered with the index J), into
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whi;h the-zgfstél lattice of the alloy 1is divided:

ng, 920@ X no e

NKT 352, U= NKT 9Pp10Pam; (20)

Xe=

The divislon into these sub-lattices 1s done 1n such a way that
each atom only interacts with one polnt of the forelign sub-lattice
and does not interact with atoms at the polnts of the same sub-
lattice.

Ppq 1s the concentration of A atoms at the points of the sub-
lattice contalning the central atoms, and AAme 1s the concentration
of A atoms at the points of the sub-lattlice contalning the atom
at point number my of the 1 the coordlnation sphere.

The quéntities Xo and Xj may be determined by Eq. (20) if the
expresslion for the thermodynamlic potentlial as a function of the
variables Paj is known. A simple approximation for bg may be obtalned

at high temperatures. Then

1 w,

Xo= iy Xi=4F, (21)

where Wy i1s the ordering energy for the 1 th coordination sphere

wy = 2va5(p)) —vaa (p) ~ v (P,  where
vaa(p;)s vap(p) B vpp (p)—
with the opposite sign, are the interaction energiles of the atomic

palrs AA, AB, and BB, located at distance Py equal to the radlus of
the 1 th coordination sphere.

The approximation used for expressing the thermodynamic potential
1s applicable 1f, for all l lel <&« kT. 1In the case of arbiltrary
temperatures it is posslible to obtaln an expression for bg and
therefore for Xo and X,, 1f the concentratlion of one of the alloy

components 1s sufficiently small (CA <&« 1). 1In this case
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hut |
X,e.; X‘=1_e-ﬁ-

call—cy’ (22)
Equation (19) for the diffuse-scattering intensity 1s.also

valid for ordered alloys of stoichiometric AB Composition in which

lattice points of the first type are surrounded by points of the first

and second types, 1n the same way as the points of the second type

are surrounded by polnts of the first and second types (crystals of

B-brass, Au, Cu types, etc.). In this case, for almost completely

ordered alloys (1—n € 1, n 1is the degree of long-range order)

X°=—4—' (23)

Xl=‘1'—l ﬁv (24)

1f the 1 th coordination sphere around the polnt of the first type
consists of polints of the first type and

wl

X, = IT —1, (25)

1f the 1 th coordination sphere consists of points of the second
type. Here, we assume phat points of different types corresponding
to one and the same p; belong to different coordination spheres.
From Egqs. (19), (21), and (22) 1t follows that the background
distribution tends towards a monotonlc background, both when there
1s a rise 1n temperature and when the concentration of one of the
components of the alloy tends towards zero(when the solution becomes

ideal or weak)

Io=N|fa—[alPCa(1 —Ca). (26)

At sufficient%x low temperatures, since 1~ decreases faster

W
than the factors el 1 (or e RT — 1) increase, the background
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intensity, in accordance with Eqs. (19) and (23) — (25), tends

to the expression [5]:

Io=%NI/A—/a|’(1""'42)' (27)

l.e., dlsappears when n— 1.

From the above equations 1t follows that if the interactlon
with atoms of the first coordination sphere alone 1s essential
(wg = w, w; = O when 1 # 1), then, for the ordered solution (w > 0),
the maxima of the background intensity of the type under consideration
will lle near super lattice reflections and the minima near those of
the lattice. 1In disintegrating alloys (w < 0), on the contrary, the
maxima of background 1ntensity lie near the lattice reflections.

With the aid of Eq. (19) and the equations for X, and X; 1t
1s posslble to study the dependence of the diffuse-scattering intensity
of x-rays on the annealing temperature composition of the alloy and
degree of long-range order, and energles Wy These equatlons are i
applicable in those ranges of temperatures and compositions where
the correlation is slight. Near the temperature of phase transition,
the correlation becomes substantial. In thls case, 1f the inter-
action with atoms of the first coordination sphere alone 1s essentilal,
the scattering intensity may be expressed as

1
N (28)

a a3 2 Cos;;m.

m, =1

To=N|fs—/a

Here z, 1s the coordilnation number of the flrst coordination
sphere, and for unordered alloys wlth a body-centered cublc lattice
a1 = 3+ 89 (%) — 89 (1 — o) (5 —o [— 3 (7— 720 + 180¢") +
+489(1 —69)| () + - -
o=t — 3 U —49) (5 ) + 51— 69 (55 )+ (29)
+ (=4[t — 1207+ 119*] () + s
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where ¢ = cp (1 — C,p -

For disordered alloys with a face-centered cubic lattice
o= +129 (55 S —12¢ (i) o+ -
@y =i — 7 0 —49) (55 ) + 5 (1 + 12— 609 (2 ) + .. $
If the transition to the ordered state 1s a second-order phase
transition, then near the transition temperature Tg, the diffuse
scattering near the super-lattice reflections becomes unusually

large. For alloys with a face-centered cublc lattice, in thls case

Io=N|fo'—f5 B y—p—o-
) a=le TT:%+W" (31)

- —
Here Q! 1ls the complement of vector q to the vector at which

the superlattice reflectlion under dlscussion occurs.

] (32)
oo |03,

where p; 1s the distance between neighboring atoms.

From Eq. (31) it is evident that 1f q' € 1, then near the
ordering temperature the diffuse-scatterling intensity does indeed
increase sharply.

The quantities X; 1n Eq. (19) can be determined if the distribu-
tion of the background intensity for various-a in the experiments
1s known. For this purpose a Fourler transform of the expresslon

- 12
Nifa B! . should be made.

Ibg
As a result, we obtain

ulki e

2r 2 2

L TEENI 1,10
Xo= g § § 242 dhaan, (33)
0 00
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1 W N a—Tul? :1
X w ] \ S AT ln co!(z V‘"‘lkl)dk)dkﬂ”fa.
o0

1o i=1 (34)

A Og/lg

Here vim; are as above, the resolution ratios (8) of vector
-
pmy » corresponding to any lattice point of the 1 th coordination
sphere, resoclved into the basic vectors—gi of the crystal lattice.
-

The quantities Ry are the resolution ratlos of vector g resolved

into the basic vectors_%i of the reciprocal lattice

q= z}lR‘bi. (35)

When using Eq. (34) it should be borne in mind that other aspects
of the diffuse scattering, not discussed here (related to thermal
vibrations, geometric distortions etc.), have been excluded and do
not enter 1into Ibg-

Thus, with the aid of Eqs. (34), (21), (22), (24%), and (25),
and experimental values for the background intenslty of varlous
crystal orientations and varlous angles of scattering (various g;
i.e., various Ry) 1t 1s possible to calculate the ordering (or dis-
ordering) energies for varilous coordination spheres. This calcula-
tion can be performed in the case of alloys which are at a sufficlently
high temperature and in which the concentration of one of the components

is low, or in alloys which are in an almost completely ordered state.
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CONCERNING THE THEORY OF SLOW-NEUTRON SCATTERING IN ALLOYS

V. M. Danilenko, M. A. Krivoglaz, Z. A. Matysina, and A. S; Smirnov

The formulation of a theory to determlne the SCattering intensity
of slow neuérons in alloys as a functlon of thelr composltion, degree
of long-range order, and correlation parameters between the filling
of lattlce points by unlike atoms (1l.e., 1n effect, the annealing
temperature) makes it possible to study the distribution of atoms
at thé lattice points of the alloy. Inhomogeneities 1n the distribu-
tion of atoms in the lattice effect many of the propertles of alloys
of practical importance and, speciflcally, thelr heat resistance.

It is therefore of interest to develop the theory of'slow-neutron
scattering in alloys more generally than has been done heretofore
[1-%#], and to use the results in thils study. The development of a
method of thls kind 1s especlally important for alloys conslsting
of atoms with close atomic numbers (thls category includes heat-
resistant alloys) where x-ray structure analysis in ineffective,
whereas an analytical method based on slow-neutron scattering may
be successful.

The present paper gilves an account of the work of the authors
in which they deduce formulas for both the probabllity of neutron

scattering éssociated with the dilsturbance of the regular alternation
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of atoms of varlious kinds at the crystal lattlice points and for
magnetic dispersion. The general case of a multlcompcnent alloy
which 1n an ordered state has any number of lattice-point types 1is
the one considered, and the correlation between the filling of
lattice points by atoms 1n all coordination spheres is taken lnto
account. The scatterling assoclated with the thermal or static
distortions of the crystal lattice 1s not considered.

The general equation we derived makes 1t possible to clarify
a serles of problems 1n each individual case such as the effect of
an impurity in a binary alloy on the neutron-scattering intensity,
the effect of hlgh-temperature annealing resulting 1n a short-range
order, or the effect of the presence of 1lsotopes on neutron scat-
tering, and so forth. Indlvidual cases of neutron scattering by
binary alloys, as well as by alloys containing a third element and
which have body-centered and fate-centered cublc lattices, were
investigated 1n detail, and correlation 1s taken 1nto account.

The angular distributlon of neutron-scattering intensity for slngle
crystals and polycrystals 1n alloys of thls structure was studied.
Along with nuclear scatterlng, the magnetic scattering of
neutrons by atomic electron shells becomes substantlal in a number

of cases; hence the utllization of nuclear scattering to study
Inhomogeneltles makes 1t essentlal to be able to separate magnetic
scattering. The paper consldered the magnetlc scattering of thermal
neutrons near the Curie polnt of a ferromagnetlc substance at small
angles, as well as at angles corresponding to the Bragg reflection,
1s dealt with here, and the dependence of the dlameter of the
neutron scattering on the angle of scattering, annealing temperature,

neutron wave length, alloy composition, and the distribution of
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scattered neutrons as to energles are also studied.

Deriving a General Formula for the Probabllity of Nuclear Scattering

of Slow Neutrons by Alloys

Let us conslder the case of a multicomponent, ordered alloy
of any composition wlith any number of lattice-point types which
in a disordered state has any type of Bravals lattice.

We shall limit ourselves to the case where the magnetliec neutron
scattering by electrons, as well as thelr capture by the nuclel, 1s
not substantial, and shall ignore these effects. The probabllity
of elastic slow-neutron scattering by the crystal lattice within
the solid angle dQ 1n a unit of time may then be expressed as [1]:

mkdQ %‘ < 1gR,, 12 iN. “L\ g . 0
dW:mT{‘—' ZA"‘I ”"+TE}JBI%IIX(ISK+1)}. (1)

~ a=1n=1 © 8=l Xe}

Here: m 1s the mass of the neutron;

q = Eli—g = k! - k where p!' and p are the 1lmpulses of'the scattered
and lncildent neutrons,

7 1s the body of the crystal;

Asm and Bsx are constants characterizlng the interaction between the
neutron and the nucleus located at polnt number x of the sth elementary
cell; these constants differ both for atoms of different elements
as well as for the isotopes of each element;

Jgx 18 the quantum number of the momentum of the nucleus located on
lattice-polint number sk;

Rgx 18 the vector of the positlion of lattice point s«.

No 1s the number of elementary cells 1n the crystal;

it 1s the number of lattice polnts 1n the elementary cell.

Using sz to denote the mean value of AS,c and taking out the
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probabllity of diffuse scattering dwbg alone from Eq. (1) we obtain:

N, " N
kdQ2 - moa = N ‘i
dWe = Z:“Tr {a§-1 i ,"2-1 (A — A5, ) (Agre—Asr) el Bex—Runry ( 2)

Ne n - 1 Ne n
+ 2 2 (Apx — 4p0)* + ry 2 Z Bijex (I.|x+i)} ’

g=lx=l Sm] Kem]

where st 1s the mean value of st for all lattice points number

k. The last two terms of Eq. (2) give the neutron diffuse-scattering
due to the presence of lsotopes of the metals of the alloy and the
scattering intensity spin direction of nuclel and neutrons. They
can be easlly expressed through the relatlve atomlc concentrations

of elements 1n the alloy cq. Denoting these terms by V, we find

3
V=N3e. 3 cieq (45— 43) +

T (3)
£
1 ax a K 3 - 4
+3 N Zjl a %ca (Bs)*ia (ja + 1),

where N = pNgo 1s the number of atoms in the alloy;
¢ 1s the numpgr of chemical elements forming the crystdl;

cg l1s the relative atomlc concentration of 1sotope B

a/s ¢ (1)
BB

a Ack
A, B and Jr3 are posslble values of quantitiles Agks Bgk» and Jax

P~ B
corresponding to the replacement of lattice point sx by the i1sotope
B or element a.
Iet us compute the first of Eq. (2), for which we shall divide
it 1nto two parts corresponding to the dlagonal and nondlagonal
members of the sum under consideration. The term comprising the

dlagonal members may be easlly expressed by a priori probabllities

s
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of the occupation of the lattlice polnts by atoms of various kinds.
Denoting this term by S;, and the probabllity of a substitution of
. L

lattice points of the L type by atoms of the a type by Pys and
carrying out the transformatlon by a method similar to the one
used in [5], we find

Ny n ) - ~ Q E:‘

S$ = 3 E (A“—A,)’ =N, 2 A, 2.] P&PE; Aga’s
8=1 %=1 L=-1 a,a'—1 (4)

(a<u’)

where

(5)

Agw = (Aa — Au)%

~

E& 1s equal to the value of Ag, corresponding to the case when an
atom of type a is fouhd at lattlce polnt sk;
7L 1s the number of lattice points of type L in the elementary cell;
Q 18 the number of types of lattice polnts. The quantity A,
does not depend on the type of lattice point L.

The second part Sz of the first term of formula (2), comprising
the nondiagonal members of the sum can also be computed [5] 1if the

1
correlation parameters egi, (p) determined by the interrelation
eLL’ (p) = pLL' (p) — P PZ (6)

are brought into the discussion where pgg: (p) 1s the probability
that atom a 1s situated at a lattice point of type L and atom at
1s at lattlce point L' at a dlstance of p.

For crystal lattices 1n which each point 1s a center of sym--

metry of the crystal, we find

Ney B,
S;= D (Am— &) (Agw — -—4;.") S URW—Rer) _

'.I"-IQK,I'—AI E ( 7)
=% 2 3 Scosp 3 el () + 22 ()] Auer
. =11 o a,a’=1

(a<a’)
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The primes in 8, s' and k, x' by the sligns of summation signify
that the summation i1s carried out on condition that the lattice
point characterlized by sx does not colncide with lattice point
stx!. The sum (7) may be expressed otherwise 1n a more convenient
manner, by substituting for the summation over p, the summatlon
over lattice polnts of a specific type in each coordination sphere,

over the types of lattice point and over the coordinatlon spheres:
A, e Q

= z, Buw z‘, DS (o) +

@2’ =1 L=1xp=1l=1L'=}

(8)
+ &L (p)] 2 €OS gpm,;,»

™=t

where Py is the radius of the 1 the coordlnation sphere;
pmygr 1s the vector drawn from a lattice polnt of type L of the
number kj to lattice point number mire of type Lt of the
1 th coordination sphere;
Z17,0 1s the number of lattlice points of type L! in the 1 th
coordination sphere drawn around a lattice point of type
L, number K1, of any one elementary cell.

The sum found (8) characterises the neutron-scattering which
1s related to the correlatlion between the f11lllng of crystal lattice
points by atoms of different types. If however, the correlation
1s not substantlal and the correlation pérameters can be held equal
to zero, sum (8) no longer applies, and the probability of neutron

scattering 1s determined solely by the quantity S; + V. When

LLt
aat

elther be calculated by the statistical theory or can be considered

correlation 1s taken 1nto account, the parameters ¢ (pl) can

as empirical constants which are determined by the background in-
tensity of the neutrons or of éome_other type of wave. Knowledge

of the correlatlion parameters makes 1t possible to determine the
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probabllity of encountering atoms of varilous kinds near an atom
of a given kind, i.e., the short-range order in the alloy.

Eq. (8) provides the correlation part of the neutron-scattering

"intensity 1in single crystals. Let us wrilte the expression for the

back-ground intensity appearing 1n polycrystals when neutrons are
scattered. To do thls 1t 18 necessary to average the expression
for S = S; + Sz 1in all orientations of the cryétals. The averagilng
does not affect the expression for S;. Substituting the mean values
Sz cos qpmyg, in respect to all possible angles between the vectors
q and pmy 1,1 in expression Sp, we obtailn

Q 2L o Q

$i=% 3 b’ 3 T3 3 Zu

aa’=1 Lelwp=11=1L'=1 ( g)
sin Tmyy,

-[eLL (p,) + €L (P.)']m .

Wherein, the modulus of vector g 1s'equal to:
qg= 4—;—’sin 0,

where 26 1is the angle of neutron scattering with the wavelength A.

Study of the Dependence of Slow-Neutron Scattering Intensity

on the Alloy Compositlion, on Long-Range-Order Parameters,

Correlation Parameters, and also on the Angle of Scatterlng

in Partlcular Cases

The probability of slow-neutron diffuse scattering (proportional
to the scattering intensity) 1s expressed, as has been shown, by

the equation

WCP=C(Sl+Sg+V), (10)

where Wy, 1is.the probabillity of neutron scattering per unit of

solld angle per unit of time;
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C 1s the proportionality factor non-dependent upon the
composltion and nature of the atomic arrangement at the
lattice points.

Sy, Sz, and V are determined accordingly by Egs. (4) and (8) or (9)
and (3).
Individual cases of blnary and ternary alloys are consldered

below.

Binary Alloys

We shall assume that for binary alloys in Egs. (10), (%), (8),
(9), and (3) ¢ = 2; a, at = A, B. Let us also conslder the case in
which the crystal lattice has two kinds of poilnts; i.e., Q = 2.
Expressions for S;, Sz and V wlll then take the followlng fqrm:

Sy = NoAap (MpPPY + dep@Pp),

(11)
2 AL o llL’
Sy = —NoAap 2 E 2, Z 5LL‘ (p‘) Z‘ COS @Pm ;..
Lelxp=11=1L'=1 mip=-1 - (12)

for single crystals, and

2 A, o 2

Sz———N WAsn ) >3 S ziell (p) nq""'w (13)
. mL,

Lem1%p el le] L/w]

for polycrystals, [CA( Z, cgchAd, + Z‘,c )+
®Zen
: (14)
+ Ca( < cieck ARy + ) ch?,)] ,
@ A
in which we denote
A;Br == (A; b Au')'
(15)

)]

(16) O




9

Equation (14) indicates the appearance of a part of the back-
ground which 1s in linear dependence on the concentration of the
alloy components; the background caused by the 1lsotope content may
be conslderable 1f the constituent 1sotope atoms greatly differ 1in
the diameters of theilr neutron scattering.

Let us proceed to examine Egs. (11), (12), and (13).

Background Intensity of Scattered Siow Neutrons, Dlsregarding

Correlation. If the correlation of the filling of lattice points

with atoms of an alloy can be dlsregarded, the background Iintensity
of scattered slow neatrons for S; and V will be determined solely
by expressions (11) and (14) and willl depend on the composition of
the alloy and the degree of long-range order [4]. To find this
dependence we must substltute the values A; and Ay, for each specific
structure énd express the probabllities of occupation of lattice
points by atoms using the alloy-component concentratlions and the
long-range order parameter [6]. This dependence (V excluded) in the
case of neutron scattering 1s the same as 1in establishing the
residual electrical resistance of binary alloys [6], disregarding
correlation, Physlcal cbnclusions regarding the dependence of
background 1lntensity on concentratlon as well as on the degree to
which the alloy 1s ordered will remain unchanged.

Background Intensity of Scattered Slow Neutrons with Correlation.

If the correlation in the alloy 1s considerable, the expression
for Sp should also be consldered in calculating W,,,. The dependence
of Wyy (after deduction of V) on compositlon, long-range-order
parameters, and correlation paramefers will here be the same as 1in
the problem of the resildual electrilcal resistivity of alloys [7].

In the case of disordered alloys, when all crystal lattlice poilnts are
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equivalent, Sz 1s

o 2y
Sa=—NAsp ) canlp) B co0sgpm,.
2D, (1)

Taking 1lnto account the correlation in the first coordination
sphere alone, and usling the expression for eAB(pl) obtained for

high temperatures in the statlstical theory, we obtain

Sy =— NAABCiCzﬂk—wT-.— 2 cos qp;,.,, ( 18)

mMy=1

where W is the ordering. energy of the alloy;
k 1s the Boltzmann constnat; '
T 1s the absolute annealing temperature of the alloy.

Here, in the case of the scatteriling of very slow neutrons
{(gpmy « 1) at high temperatures, the correlation correction will
invariably diminlsh the background intensity 1n alloys undergolng
ordering (w > 0), and increase 1t 1in those undergolng disintegration
(w< 0).

It 1s interesting to ascertain the angular distribution of
background Intenslty. The correlation part of thls lntensity, which
1s significant for high-temperature-annealed élloys, wlll depend
on the directlon of the neutron scattering and the orilentation of
the crystals. It will in the case of polycrystals be a rapidly
attenuating osclllating function of tﬁe scattering angle, with the
following form, (keeping only the correlation of the first coordina-

tion sphere 1n mind)

_ 8in ¢
S1= — 16N anef, 0 (19)

for a body-centered cubic lattlice, and

] sin gp
Sz=——24NoAAB(E}‘2D+EZEB qu’ (20)
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for a face-centered cubic lattice.

Allowance for the correlation in the followlng coordination
spheres can greatly affect the angular distribution of background
intensity. Thus for alloys with a body-centered cublc lattice,
with correlation in the first and second coordination spheres

consldered, Sy takes the followlng form:

Sy= = N[220 (0) B2 42 (e o) e, (¢ tee]. (21)
2y
In the case of single crystals, calculating = cos qpm1 for
my=1

each structure (with correlatlion in the first coordination sphere) ,
we obtain the functilons Sz for alloys wlth body-centered cublc and

and face-centered cublc lattices respectively:

Sy = — 16N;A,peks cos -"—2—"‘-cos '—lza—’ cos -q-zal 9 (22)
S,=—8NA, (e}, + %)) (cos f’-;-! cos '—'—;—’- +
+ cos q—;—‘ cos -q-;l + cos '-’—;'1 cos 12“—'), ' (23)

where a;, as, and az are the baslc vectors of the lattices in

question.

Ternary Alloys

Let us consilder ternary alloys with two kinds of lattice points.
Assuming that in our general formulas (4), (8), (9), and (3) a, at =
= A, B, C and Q = 2, we obtalin for the corresponding expressions

for S;, Sz and V in a ternary alloy

C Sy = Nob s (L PUPY + M pDPR) + N A, (1 p

)pg) + Azp(A?)pg)) s
+ y, oéBc (PP + 2,02 pR). :

(24)
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In the case of scattering by a slingle crystal

2 M ™
-—23 333 (AA.,lew(p,) + 5K @) +
Le=1 el l=1 L'=1 ( 25)
"LI
+ 4, (,Lu @) + L% ()1 + Aac (5% (p) + 55 ()]} - 2 COB G0,

myp=1

In the case of scattering by a polycrystal
2 'L o

—33 33 Buale) + B 00+

L=1 Xj=1l=1 L'=1 26)
s © sin W®myys (
+ A (5% (p) + ‘“" ()] + Bpc 358 () + <65 ()} 20, —5

myrs
and

e 8p’
@ds @ y (27)
teo( 3 Gepagy+ Sepag))

B

(IS<B’)

Ve e, ( 3 cepty + Depat) +ec, (2 cBeBA *"E"EAE)'*'
8 ’

The expresslion for V does not depend on the structure of the
investigated alloy. The first two terms of Eq. (27) correspond to
the background intensity of scattered neutrons, whlch 1s connected
with chaotic spreading of isotopes and also with the dependence of
the energy of linteractlon between neutrons and nuclel on the direction
of nuclear and neutron spins 1n the binafy alloy AB. The third term
appearé with the addition of the third component C to the alloy;
1t produces a supplementary background which may be conslderable if
the 1sotopes of the admixture greatly differ in the dlameters of
thelr scattering.

If the alloy 1is not ordereé and there 1s no correlation, then
the background intensity 1s determined by the sum Sy and V, where S,
takes the form
S =Ae,co+(de, + Acp)c,. ( 28)
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Hence, it can be seen that when the values of ¢, are small,
the increase in background intensity undergoes a linear change
with the concentration of the third element C, and the proportionallty
factor 1s in linear dependence on the concentration of the basic
alloy components A and B.

In a binary alloy undergolng ordering, the correlation in the
first coordinatlion sphere always reduces the intensity of negtron
scattering, and the correlation, if taken 1nto account, may greatly
affect the background intenslity. The third element admixture can
be such as to make the correlation parameters eig'(pe) and egg'(pe)
neggtive. Then the additlon of the third element C as 1s evident from
Eq. (25), wlll decrease the role of correlation.

The angular distribution of the background intensity of
scattered neutrons, both for slngle crystals as well as for poly-
crystals in the case of ternary alloys, remalns the same as in the
blnary alloys of the same structure. However the addition of a third
element to a binary alloy can greatly influence (in one direction or
an other) the correlatlon part of background intensity in conformity

with Egs. (25) and (26).

Magnetic Scatteriling of Neutrons

in the Clrcult of the Curie Point of Ferromagnetic

Materlals

Experiments carried out on the scattering of heat neutrons by
ferromagnetic materials [9, 10] have shown that magnetic scattering
becomes extremely actlve at temperatures near the Curle temperature.
A qualitative explanation of thils phenomenom was put forward by
Van Hove [10] and V. L. Ginsburg [11] who linked the observed
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scattering with fluctuations of the magnetic moment in the vicinity
of the Curie point. The easiest way to make a quantitative calcula-
tion of the anomalous magnetic scattering 1s to proceed from the
thermodynamic theory of second-order phase transitions rather than
to use an atomlic model of the ferromagnetic material. The results
of such a calculation [12] are gilven below.

To ascertaln the differential dlameter of magnetic scattering

a2o

of monochromatic unpolarized neutrons by a single crystal,
Q

calculated per solid unit angle and per energy unlit, the following

expression was used

. L)
A K 3 9:9; (0)* fot
g = A 3 (=) | oo £ (29)
i, j=1 o)

Here 1 and jJ are the number of the Carteslan coordinates; .

61J — 06— 1s the symbol; A =2§%1;

v 1s the magnetlic moment of the neutron in nuclear magnetons
(v = 1.91);

w = éf— » Where AE 1s the decrease in neutron energy during scat-

tering;

miq (t) 1s the Fourler component of the j th constituent of the
magnetic moment My, (t) at the time &t.

Diffuse magnetic neutron scattering 1s determlned by fluctua-
tions of the magnetlc moment. The mean square values and mean
product value of the Fouriler component of the fluctuations in the
magnetic-moment constituents were calculated by means of the thermo-

dynamic of theory fluctuatlons. Use was made of the expansion of the

. thermodynamic potentlal by degrees of magnetization, obtained from

the thermodynamic theory of second~order phase transitions. As a
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result we £find that pure cublc ferromagnetic metals at temperatures
somewhat above the Curie point, in the absence of a magnetic field,
the intensity of diffuse monochromatic neutron scattering in the
vicinity of regular reflections or at small-angle scattering 1s

determined by the equation

do 24 7 1 a(T —To) (v1 + Y20%,) K
—_—— e ——— 2 0 =
dEdQ2 nk T fal® kT (T —To) 4 ag®,  a*(T —To)*(y1 + Yogln) + @2 Kk (30)

Here fn 18 the magnetlc scattering factor, corresponding to the
consldered regular reflection;
Q, i1s the complement of vector g up to the value at which the

n th regular reflection occurs (at small scattering angles
(QH’_"q, fn=1)5
To 1s the Curle polnt;

1s a constant, connected with the magnetlc susceptibllity at
T > To by the simple relation a(T-Tg) = %;
a, Yi and-§2 are constanté.
It can be seen from Eq. (30) that in the vicinity of the
Curie point the average change in neutron energy at scattering 1s

very small (in proportional to T-To), and depends essentially on

the scattering angle. In order to find the integral of the scattering

diameter do_ per unit solld angle, we could integrate (30) over the
daqQ

energy, taking w alone to be dependent on E. Then, at T > To,

do kT
) TiTi=2At|/"l2—tiTT‘_—T],)+—aq,}" (31)
Thus, at small ap (1.e., at small scattering angles or in the
vicinity of directions of regular reflection) an extremely intensive
diffuse scattering sharply dependent on temperature should be
observed ﬁith the maxima of thils scatterlng located at Q, = 0.
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Since at small scattering angles
4M\r
Ga=q= (T) sin?@, ( 32)

do
here, with small T-Tg, a sharp increase in = as the wave length

X and the scattering angle decrease should also be observed.

In a more general case, in the presence of an external magnetic
fleld directed along one of the cubic axis (axls o0Z), and with a
magnetization parallel to the fleld, the scattering intensity is
determined by the equation

. 1492 14 9%
ﬁ+aq, i—|—+aq,.

- (33)

Here: X1 is the magnetic susceptibllity along axis 0Z;
X1 1s the magnetic susceptibllity along axis oX (or oZ);

3, is the cosine of the angle between vector g and axis oZ.
In this case, scattering and anlisotropy becomes apparent, even
at small scattering angles. Equatlon (33) 1is valid at T > To as well

as at T < To. Since at T = Tg R 0, of diffuse scattering

intensity for a given qn assumeguits maiimum value at T = Tg and
linearly decreases from this value both in the case of temperature,
increase and decrease. A temperature dependence of this kind has
been observed experimentally [8, 9].

In disordered ferromagnetic alloys, fluctuations of the magnetic
moment and concentratlons c, atoms of any type A, generally speaklng
are not statistically independent, and 1n computlng the fluctuation
probabllitles deflectlons of magnetization M and of the composition

from equilibrium values should both be considered. Consequently,

instead of Formula (33), we obtaln a more complicated expression for
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the intensity of diffuse scéttering

e = 4

de - 1493 1%

o= At fn|2 kT + dT 9 \e M3 ’

daQ i 1 dTo a2, 3 d 4
ate gel) /e e

where: Th 1s the mean atomlic magnetlc scattering factor in the
alloy;
®o is the thermodynamic potential of the alloy at T > To.
From Egs. (33) and (34) we see that in an alloy the magnetic
scattering intensity 1s greater (at the same x, , xlL, a, and ?;)
than 1n a monocomponent crystal. At temperatures higher than the
Curie polnt, when there 1s no magnetic fileld, Egs. (31) and (34)

colincide.
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CALCULATING THE ABSOLUTE VALUE OF THE SELF-DIFFUSION COEFFICIENT
AT GRAIN BOUNDARIES AND OF THE BOUNDARY WIDTH

3. Gertsriken and D. Tsitslllano

At elevated temperatures the mobllity of atoms in a solid body
determines a number of 1ts physical properties. The study of the
mobllity of atoms at grain boundaries 1s of speclal interest. 1In
[1] method was suggested for the calculatlon of the diffusion

factor at the boundaries Dbound by the following equation

aD,y 0,21,
D = Voigs’ (1)

where a 1s the boundary width taken as equal to 5 * 1078 cm;
D is the body diffusion coefflcient (in a grain);
£t 1s the diffuslon time;
tan B 1s determined from a graph of log C vs. X (C 1s the con-
centration at a depth X).

Study [2] provides a criterion for the applicabllity of the
Fisher Method and notes that the coefficient 0.21 in Eq. (1) should
be replaced by 0.37. Neilther of these methods makes it possilble to
determine Dy ...4 Since a 1s unknown.

Study [3] considers the final problem of diffusion, for the

‘calculation of which tables of the following function are glven:
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o(Av)= % {ier/c A 4 2 ierfc(2n 4 v) X 4 ierfc (2n —v) l] d

1] S
1
where A = —

2 Dt

|~

1s the thickness of the entire specimen;

1s the diffusion time;

Jet

n 1s the thickness of the layer from which diffusion occurs;

jerfe L= A e~ — LerfeL;
lerfc L = 7= LerfeL;

erfcL=1—erfL;
J
erfL=-2\eVdL.
V"o

If Qo 1s the total quantility of diffusing substance and Q the
quantity of the diffusate after the diffusion time t, then between

the planes X = x and X = 1 the relationshlp is as follows:

2882 ko2, 270) s, ), (2)

If labeled atoms are used, we take N and Npo instead of Q and Qg

(No is the initial intensity of the speciments, radiocactive radia-

tlon and N is the same after removal of the layers). The intra-
granularself-diffusion in sllver was 1lnvestigated by this method i
[4]. If for any reason Qo or No are unknown, A can be found 1n the

following manner [5]:

X WV SRS S

Q 7 No I [
o Q@ h _ 2N h zy—h 2 B .
Z—Q—:'T— No.—l'—v()\' ’l )’_v(llz ] )=?3l
M= : (3)
Ny [

Knowing N;, Nz, X3, Xz, 1 and h, a value for A should be selected

which will make ¥2 = 21 fThen, knowing A, we find D.
2 2

%

-281-

A D ST A e 2




It has been shown by research [6] that this method may be used
to determine Dbound and the boundary width. It 1is knoﬁn that at
very high temperatures Dbound 1s several orders larger than Dgrain;
the lower the temperature, the more this ratio increases. At
comparatively low diffusion temperatures (300 to 400° for self-
diffusion of Ag), 1t 1s easlly shown by Eq. (2) that due to intra-
granular diffusion, Qg and Qs or, accordingly, N; and Np, even at
small X values, are practically zero; the whole effect 1in this
case 1s determined by diffusion lnside the boundarles, and Q;, Qa,
Qo and Ny, Nz and Ng will relate to the boundaries. Formula (3) will

take therefore the followlng form:

Qorp T NOPD g
2Qup h 2N2rp h T3 — L]
RLA—— 7 LAY ) . — ¥ [App, = Qg
Qo T Norp ("? ) (P l)
. erp =j_’_1‘.
Nzrp Ps . ()"')

When X3, X2, 1, Nipound and Nobhound are known, we determine [4]
first xbound and then Dbound' Here the boundary wldth 1s not taken
into account, and the value Dy, ,,q 15 no longer relatlve.

it 1s possible to determine N

Having determlned D bound

bound
from the formula

2N
N

N -—h n+h
I~ = v (rpy =) — 2 (oo ) . (5)

orp

in which all values are known. Knowlng Nopound 1t 1s possible to
evaluate the boundary width. Assumling that Q°bound only relates to
the radloactive material which llies above the boundaries,'it is
possible to determine equation
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Qorp = NOI'D =
Qo

2
Ne B

(6)

where b 1s the graln size and No pound 18 the 1nitial intensity

from the boundaries.

Methods Used in the Experiment

Foll 20 microns thick was rolled from 99.99% pure sgilver. Next,
some of the foill was annealéd at.850° for 24 hours and some at 550°
for 32 hours. In the first instance the average graln silze was 20
microns, and in the second, 10 microns. The pileces of foll were
then electrolytically plated with radloactive silver Agllo (thickness
of plating 0.25 to 0.5 microns) at a current density of 3 ma/cm2 in
a bath of the followling composition: 100 g NaCN and 30 g AgCN per
liter of water, plus several granules of radloactive silver. The
anode was a sllver plate. The active layer was formed on cne side of
the épecimen, leaving a margin of about 1.5 mm. After diffusion,
this margin was cut off. The diffusion annealing was carrled out
in vacuun.

One or two speclimens, 10 and 20 microns thick, were used for each
temperature point. They were sprinkled with Als03, Jjolnted 1n palrs
with thelr active sides facing and placed 1n a small nickel envelope.
After diffusion anneallng, the overall intensity decreased somewhat
through evaporatlon and also for mechanlcal reasons. The temperature ,
determined by a chrome-alumel thermocouple,was regulated to + 2°,

Thin layers were removed electrolytically. The composition of
the electrolyte was the same as for plating (wilthout the radloactive

Ag) . If the electrolyte is one quarter diluted with water, the
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polishing at a current density of 10 to 15 ma/cm2 1s improved.
The thickness of the removed layer Just as the thickness of the
plating, was determined with a mlcroanalytical balance.

While the layers were beilng removed, the reverse slde of the
specimen was protected by a coating of vaseline. Speclal experi-
ments proved that the radloactive layer (on the specimen which had
not undergone diffusion annealing) can be removed uniformly by
electrolysis. The removal of the layers after diffusion anneallng
was carriled out in the followlng éequence.

In order to avoid the possible effect of intragranular diffusion,
a 1 to 3 micron iayef is removed from the side covered with labeled
atoms, during whilch the 1ntensity decreases from many thousands
to 10 to 200 pulses/min;

A layer of several tenths of a micron is removed from the
reverse side of the specimen to remove any labeled atoms which
might have penetrated to thils side through condensation or for other
reasons; the intensity decreases to several score pulses per minute.

Another thin layer 1s removed from the reverse side. The
intensity remains practically the same as 1n the previous operation;
thilis shows that the pulses detected in the second operation are not
caused by the lsotopes passing through the boundaries Into the
specimen.

Layers from 0.5 to 1 mlcron are then removed consecutively from
the face. Here, the intenslity gradually decreases, and combinatlons
of these values of Npoung €nable us to determine Ayoyng-

The radiation intensity was measured by an AMM-12 glass counter.
The investigated speclmen, contalned in a paper envelope, was held

in position 1n the testing area of the counter tube by means of
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rubber rings. This ensured that the geometrical conditions remained
the same and that, in addition, the radiation given off the specimen
was used to 1ts maximum. To keep the statistical error low the

counting was carried out for 1 to 2 hours.

Analysis of the Experimental Data

Let us take an example from our analysis of the results of the
experiments. The diffusion annealling of the specimen was carried
out at 375° for 4 hours. When the margins of the specimen had been
cut off, the pulses were 25,550 per minute, without any correction
for the "dead time" (h = 0;38, 1 = 20, grain size b = 10 uy). A layer
of 2.9 u (N = 159 pulses/min) was taken from the active side, then
a layer of 1.1 u (N = 84 pulses/min) and another layer of 1.5 u
(N = 8% pulses/min) from the reverse side. The results of the

consecutive femoval of the layers are shown in Table 1.

Table 1

Npps BMO/MHH

2,9 84
4,0 72
4,8 64

Nepr MO MIH

5,6 55
6,7 46
8,0 a 34

We then calculated Dbound
_@—h__ 4—0,38

y=azh _S—0% _ o181
v=Tibh_ 2303 _ o219
’ v =z¢_T_h - 6,7 ;00,38 =0,316;
v=2h SIS 6,35
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Let us assume A = 1.8; then, for data v in Table 1 we find:

v =(1,8; 0,181) — v, (1,8; 0,219) = 0,16521 — 0,14203 — 0,02318 = o,;
m=ﬂ&Omm—mﬂ&Q%Q=Qm%b4mnm=qmmhwﬁ
e _ 0,02318 '

&, T £ Nlrp 72
9 — 001504 = 1,94, Ny =45 = 1,565

Iet us assume X = 2. Then, similarly, we find for A = 2

from Table 1 %—1- = 1.66. Consequently, the true value of XA lies
2

between 1.8 and 2. At A = 1.84%

Pl —1,565 = 2, T. e. mcKoMan A = 1,84.
¥2 Nzrp

Since in our example there are slx values for depth x and Nbound’
by combing the data in Table 2 we obtain 15 values for A which,

within the l1imits of experimental error, should coincide

TABLE 2
x, MR A x, MK A
2,9—4 1,84 4,0—8,0 1,89 .7
2,9—4,8 1,80 4,8—0,6 2,10
2,9-5,6 1,89 4,8—6,7 1,87
2,9—6,7 1,84 4,8—8,0 1,91
2,9-8 1,89 5,6—6,7 1,70
4,0—4,8 1,80 5,6—8,0 1,88
4,0—5,6 1,91 $,7—8,0 1,95
4,0--6,7 1,84 .

Ap = 1,87 £ 0,06;
D, = (1,98 £ 0,13)-10-1 cm?/cex,

Now, knpwing >‘av’ by a reversal of this operation we are able
to determine Ng bound Since all other quantities of Eq. (4) are

known, except Np bound
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2,84 0,38 .
Wy * 20 = 2(1,87: 0,181) — v (1,87; 0,219) = 0,1549 — 0,13216 = 0,227.

Hence No pouna = 120 pulses/min.
From Table 2 we cen also find the values Ng bound = 120, 120,

122, 119, 122 'and 116. The mean value 18 No poynd = 120 pulses/min.
Using Eq. (6)
No rp 2a =
N“ = T » HaHgem
_IOLI ) 40w

" A1l measurement data are summarized in Table Die
Having plotted log Dy,.q 28alnst %, we obtaln the activation

energy of self-diffusion along the boundaries of silver, which i1s
20.3 kcal/g-atom. From our data for boundary self-diffusion we

obtaln the followlng equation:

Dip=1,5-10"¢ exp ( — 2231(.]0 ) cm?/cek.

There are reasons to belleve that the measurement of Dbound and
a can also be carriled out on massive speclimens; in this case
2N k1
= - lierfe(® — h) N —ierfc(z, + R)\ );

Nom /
1
A= 5
2y De

It 1s interesting to note that for the boundary self-diffusion

of silver, as Iinvestigated by the Fisher method [7], it has been

obtained that

Dy =2,5.107% . exp (— 20]“3.00) cm?/ cex.
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TABLE 3 %

TeuneparyPh | g, | Ne* N, Nyp | @10 | Degton [ Dep-10m, cartjoen
275 10 | 31250 | 34300 | 166 | 2.4 | 0,126
275 10 | 28720 | 31400 | 180 | 2,9 | 0,004 | 0,11640,014
275 - 10 | 30100 | 329000 | 168 | 2,7 | 0,127
300 10 | 28500 | 31100 | 156 | 2,5 | 0,192
300 10 | 20680 | 32400 | "154 | 2.4 | 0,214 { 0,194£0,013 .
300 20 | 27900 | 31400 | 154 | 4.8 | 017
327 10 | 13200 | 13600 | . 99 | 3,6 | 0,48
327 10 | 14500 | 15150 | 105 | 3.5 | 0,56 | 0+52 £0.04
350 10| 25000 | 26900 | 104 | 1,9 | 0,9
350 10 | 26800 | 20000 | 111 | 1,9 | 1,14
350 20 | 28100 | S0500 | 98 | 3.2 | 1,14 | 143 £0.09
350 20 | 23450 | 25100 | o1 | 3,6 | 1.29
375 .10 | 25550 | 27550 | 120 | 22 | 1,98
375 20 | 26240 | 28350 | 116 | 41 | 1,60 | 179019

* Ny means the initial number of pulses per mlnute disregarding
the "dead" time, while Ny takes 1t into account.

Thus the actilvation energy, practlically speaking, coincldes with
the energy discovered by us, and the pre-exponential members differ
mainly because 1n the Fisher method a 1s arbitrarily taken as

5 - 10 ® cm, whereas the true value of a 1s considerably larger:

et %uer 2,510

Ggmm, 5108 =1,5. 10"

Ayer == 8,3-107¢ cm.

Consequently the boundary width a 1s approxlmately two orders
greater than that assumed by Fisher and by those who used his
method to lnvestigate boundary diffusion. It should be noted that
in the studies made by V. I. Arkharov and his collaborators, 1n
particular [8], the boundary width estimated from measurement of
the cahnges 1n the lattice parameter for different graln slzes in

lead containing small admixtures was 350-900 A.
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Conclusions

Self-diffusion along the boundaries of gralns of silver was
investigated by a method proposed by one of the authors, and absolute
diffusion'factors were determined, 1.e., without any arbitrary
assumptions regarding the boundary wldths as was done previously.

The coefficlents of the self-diffusion of silver along the

boundaries conform to the relationship

Dip =1,5- 107 exp(— 5207).

The boundary width 1n silver was also evaluated and was shown to

be several hundred A, not 5 A as prevliously assumed.
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STUDY OF CHROMIUM-NIOBIUM-VANADIUM ALLOYS

V. N. Svechnikov, Yu. A. Kocherzhinskiy, V. M. Pan and A. K. Shurin

Through the introduction of new methods of purification, 1t 1is
now possible to use chromium and its alloys for consturctlon purposes,
particularly as heat-resisting materials. There 1is consquently,
an increase in phase diagrams of metal systems contalning chromium,

which are i1ndispensable in the selection of new construction materials.

Binary Phase Diagrams

Chromium - Niobium. The chromlum-nioblum diagram has been in-

vestigated in somewhat greater detall than the nlobium-vanadium and
chromium-vanadium diagrams. Data obtained from the first studles on
this question [1, 2] have reen rendered more preclse by the most re-
cent investigations [3, 4]. These last two studles give similar
overall representations of the chromium-nioblum dilagram, but they
differ with regard to partlculars. According to the data supplied,
there are present in the dlagram two solid solutions, (one based on
chromium and one on niobium), one chemical compound NbCro, and two
eutectics. The solubility of niobium in chromium at séturation is
50% by welght [4] or 10 atom percent [3].

| O

-290-




o i

The lattilice of the chromium-base a-solution 1s body-centered
cubic lattice with a parameter of 2.88 to 2.89 KX units irrespective
of composition [3], with a parameter ranging from 2.881 ‘KX in pure
chromium to 2.886 KX at maximum saturation [4]. The microhardness
of the a-solution is 195 kg/mm® at 0% Nb; 290 kg/mm® at 1.6% Nb;
in the two-phase part of the dlagram, it is from 430 to 650 kg/mm2
[4], or from 220-kg/mm® in pure chromium up to 420 kg/mm® with 5%
Nb.

The B-phase of NbCrs, has a face-entered cubic lattice, a = 6.95
to 6.98 KX [3], and the milcrohardness is 1560 to 2120 kg/mm- [4].

The nioblum-base y-solid solutlon has a body centered cubic
lattice with a parameter of 3.25 KX at 40 to 80 atom percent Nb up
to 3.28 KX at 90 atom % Nb [3]; the microhardness 1s from 590 kg/mm2

in pure niobium up to 1320 kg/mm® [4], or from 505 to 740 kg/mmZ [3].

The solubility of chromlum in niobium 1s 25% by weight [4] or 20
atom percent [3]. '

The eutectic a + B is at 1660° and with %1% Nb by welght [4],
or at 1660° with 22 atom % Nb [3]. NbCr, melts at 1750° [4], or at
1680° [3]. The eutectic a + vy is at 1710° with 65% Nb by weight
[4], or at 1660° with 40 atom % Nb [3]. The Vickers hardness of the
alloy ranges from 200 to 1200 kg/mmZ.

Niobium-vanadium. According to the work described in [5], the

system nioblium-vanadium represents an interrupted series of solld
solutions at temperatures of 650° and more. The fusibllity diagram
has its minimum at 1810° with 35% Nb by welght. As regards the
o-phase of this system, published material contains contradictory
data.

Research [6] detected precipitations along the grain boundariles
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in alloys with 30 and 40% Nb. The nature of the precipitation has
not been established. The authors study [5] deny the existence of
the second phase.

Chromium-vanadium. This system has not been properly studled.

Investigations were limited to the changes in the solld solution

parameter of specimens annealed at 700° for 240 hours [7]. An un-

interrupted series of solid solution was dlscovered at this tempera-

ture and this was confirmed in study [6].

Program Research of Investigations and Materials

Chromium-base alloys, containing up to 50% niobium and up to
10% vanadium both by welght were investigated with a view to plot-
ting the chromlium angle of the phase diagram and studying some of
the physical propertles of the alloys.

The latter were prepared from the followlng materilals:

Electrolytic refined chromium, containing admixtures 1in %:

Pb, Sn, Bi, 3Sb, Cd  0.0003; 0, N 0.003; S g 0.001;

Pulverized niobium containing admixtures in %: Fe - 0.34; T1i -

0.2%; Si - 0.05; Pb - 0.11; C - 0.18;
Compact vanadium containing admixtures in %: V -95; Al £ 2;

Fe 0.2; C L 0.03;5 Al20s - 2.12.

Preparation of the Alloys

The chromium and niobium were mixed and compacted prior to
smelting. Smelting was carried out in a high-frequency furnace in
crucibles made of zirconium oxide, and partly of aluminum oxide;

the castlings welghed 100 g. Heating up to temperatures around
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1200 to 1500° was carried out in vacuum (~ 10 * mm Hg ), and further
heating, melting and crystalllzation were carried out in argon at a
pressure of 200 to 400 mm Hg. After solidification of the alloy,
the combustlon space was once more evacuated to ~ 10°* mm Hg. A
second cruicible made‘of magnesite (prepared mechanically from brick)
was used to prevent the metal leaking 1in case the cruiclble cracked.
Cruiclibles made of zirconlum oxlde usually cracked during melting,
and some of the metal hardened in the narrow space between the two
crulcibles. When the alloy had hardened, the crulcibles were

broken and the pleces of the crulcible which had become welded

t9 the surface were removed from the metal by emergy grinders. All
the plglets proved to be brittle (though not to the same degree),
and emergy wheels were the only means of cutting them.

Specimens were also cast in the form of rods. Here, after they
had been melted and briefly held 1n the liquid state, argon pressure
in the combustlon space was ralsed to atmospherlc pressure or some-
what higher; the sight glass was removed and a quartz tube connected
to a manual plston pump was 1nserted into the metal through the
upper opening in the quartz retort of the furnace. When the metal
had been drawn into the tube, the latter was swilftly removed from
the surface; the opening was covered with the glass. The cooling
piglet and the evacuation of the combustlion space took place at the
same time. 1In splte of the temperature of the lliquild metal being
higher than the melting point of quartz, 1t was possible to produce
compact rods more than 100-mm long in tubes up to 4 mm in diameter,

The alloy composition (per charge) (Table 1) was selected with a
view to an 1nvestiéation of three cross sections of the dlagram

(at 0.5 and 10% V).
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TABLE 1

Cocyan No UNNTC, Bec. % Coctas 1o awanuay, Bec. %

QGornancHise

ciiaand cr Nb v cr Nb | l v

1 100 — _ AHAMM3 He NPON3BOXWICA

2—0 98 2 — .

50 95 5 — 5,4

10—0 90 10 == 9.6

20—0 80 20 = 19,9

30—0 70 30 — 29,2

35—0 65 35 — 34,8

40—0 60 40 == 39,8

50—0 50 50 = 50,3

0—35 95 — 5 Y 4,8

25 93 2 5 2,0 4,8
10—5 85 10 5 9,6 4,8
30—5 65 30 5 29,0 6,1
50—5 45 50 5 45,7 4,2

0—-10 90 — 10 10,0

2—10 88 2 10 2,0 9,6

5—10 85 5 10 5,0 9,7
10—10 80 10 10 10,1 11,0
2010 70 20 10 20,3 10,0
30—10 60 30 10 28,4 10,0
40—10 50 40 10 49,8 9.1
50—10 40 50 10 48.8 10,8

Structure of the Cast Alloys

The specimens were prepared mechanically and glven a filnal
polishing with cloth with chromlum oxide suspension. They were
etched in a bolllng 1% solution of Ho304,less frequently, they were
etched electrolytlcally in a solution of oxalic acid, and, lastly,
by evaporatlon in vacuum at a temperature up to 1000° (parallel
with measurements of hot hardness). Photographs were taken with
a PMT-3 apparatus, using additional attachments for magnifications
of X 100 and Xx 600.

A study of the microstructure of cast, binary chromium-niobium

alloys confirmed exlsting sclientiflic data on the solubllity of more
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than 2% of nilobium in chromium, with the presence of an eutectic
at about 30% Nb, and a chemical compound of approximately 50% by
welght. .

The solubility of nloblum in chromium undergoes no significant
change when vanadium is added (up to 10% in weight). Judging by
the microstructure, the content of niobium in the eutectic alloy
(30%) does not depend on the addition of vanadium (up to 10%).

The solubility of vanadlum in the intermetallic compound NbCro
was discovered., Flg. 1 represents the mlicrostructure of alloy 50-10
revealed by vacuum etching (10°% mm Hg, 1000°). It can be seen that
only one phase ls present in the alloy which 1s, apparently, the

solild solution of vanadium in the intermetallold compound NbCrs.
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Fig. 1. Microstructure of alloy.
50-10 (x 600)

Hardness of the Cast Alloys

The hardness of the cast alloy was measured with the Vickers

device under a load of 10 kg. The effect of'vanadium on the hardness
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of alloys 1s small, whereas that of niobium is significant: from )
200 to 250 kg/mm® with 0% Nb and up to 550-600 kg/mm2 with 30% Nb. (;
A further increase 1n the nioblum content hampers the measurements

of hardness since the excesslve brittleness of the alloys renders

indeterminate the results obtalned.

Microhardness of Phases in the Cast Alloys

The microhardness was determined with PMT-3 apparatus under a
load of 30 g. 1In alloy No. 1 the microhardness amounted to approxi-
mately 220 kg/mmz. ‘Vanadium increases the hardness of the a-solutilon
up to 350 kg/mm? with 10% V. Niobium increases the hardness of
the a-solution even beyond the limits of solubility, up.to 600 kg/mm2
in alloy %0-0, and up to 720 kg/mm2 in alloys 20-10 and 30-5, which
indicates the state of nonequllibrium of the alloys. The micro-
hardness of the B-phase of NbCrs, 1lrrespectlve of the composition of
the alloys, r ges from 950 to 1300 kg/mmZ.

Structure of the Annealed Alloys

Annealing at 1170° for 75 hours in an atmosphere of argon does

not cause any noticeable changes 1n the structure, hardness, micro-
hardness, or speclfic electric resistance of the alloys. In the
absence of speclal equipment, the following device was used for an-
nealing at higher temperatures. A heavy cylindrical ampule of the
following dimensions from Armco iron; outer diameter 46 mm, inner
diameter 16 mm and length 125 mm. Specimens (¢ 15 X 5 mm) were
placed 1nside the ampule. The gaps were filled with pulverized

aluminum oxide. The ampule was sealed with threaded Armco-iron
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plug, heéted in a crucible furnace to 1000°, and welded together.

The heating during the welding process served to expel the air.

The specimens inside were annealed in a TVV-2M furnace in vacuum
(107 mm Hg.) at 1350 to 1450°. The temperature was measured with

a TsNIIChM-1* (tungsten-molybdenum alloyed with aluminum). Alloys

1, 2-0, ?-O, 10-0, 20-0, 0-5, 2-5 were annealed at 1350° for 56 hours
and alloys 0-10, 2-10, 5-10, 10-10 and 20-10 at 1450° for 30 hours.
Figure 2 represents the microstructure of alloy 20-10 when case (a)
and after annealing for 30 hours at 1450° (b), and shows the precipi-
tation of the excess phase 1n grains of the_primary a - solution.

The change in microhardness of the a - phase 1n relaéion to the

nioblum content is shown in Fig. 3

. BHPP l'.f,

PN

1 mr r/\‘

//”* 109V

0%y

12 15 0
L'm?ep.wame Nb, %

Flg. 2. Microstructure of Flg. 3.
alloy 20-10 (X 600). Etching in
Hz80, (x 600).

Influ-
ence on alloys
composltion on
milcrohardness of
a-~-phase

* TSNIIChM: Tsentral'nyy Nauchno-Issledovatel!skiy Institute

Chérny Metallurgil (Central Sclentific Research Instute of Ferrous
Metallurgy) .
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Determination of the Solidus Temperature

A method proposed by the Baykov Institute of Metallurgy of the
Academy of Sciences of the USSR was used to determine the temperature
of the beginning of fision. In this a rod-shaped speclimen of con-
stant cross sectlon 1s fastened between two-cooled electrodes and 1is
electrically heated. A small cavity 1s made 1n the middle o? the
specimen and the junction of a thermocouple 1is inserted into 1t.

The unevenness of the temperature along the length of the specimen,
which 1s made much greater by the presence of the cavility, causes the
melting to start in the cavity rather than elsewhere. As the experi-
ment shoes, the zone of the melting metal or alloy then spreads

while the temperature of the liquld phase remains constant. This

is even the case with a single-variant system when, at the point where
an ordinary temperature curve passes thé sollidus line, only a small
inflection can be seen. This 1is evidently caused by the intensity .
with which the melting metals absorb heat from the liquid phase whilch
does not thereby lncrease in temperature.

In our experiments the speclmens were heated in the structural-
investigation chamber of a VIM-1 unlt, and a crude (unannealed)
TsNIIChM-1 thermocouple was used. The thermocouple was callbrated
by the method described above accordling to the melting polnts of the
pure metals: copper (1083°), nickel (1445°), iron with 0.07% C
(1525°), titanium (1660°), chromlum (1840°), and zirconium (1860°).
The emf of the thermocouple was measured with an indicating milli-
voltometer with a 17mv scale.

The precision of the method for a non-varlant syﬁtem (for instance,
pure metal, a eutectle) amounted to i 5° and for a single-variant

system + 10°.
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Cavities of the required shape and depth are drilled in the
specimens by the electric spark method, and heating 1is carried out in

an atmosphere of purified argon at a pressure of approximately 100

mim’,

~ In certain cases, after a "shutdown" at the temperature corres-

ponding to the solidus, the increase in current through the specimen

led to a rise in temperature right up to the moment when the current

was cut off due to the fracture of the specimen. The temperature

at thls fracture po;nt was taken as the liquldus.

190

o
L |10
’do” [- .8 .
QK) ~ -
o 1700 <=
3 / 1665°
o0
8 ]
8 rs00—+
X '
R oo+
1300, f

0 10 2 W W %
(a)

Content of Nb, % by weight

(o)
Content of V, % by weilght

3
3

- e 7680
>

LS - y -

“ - [ - > 1861
5 e T S ~
E’ il S | 3 ™~

a 5601 My
P | Ll i LY |

E_ ¢ i g . \
§ o A — Y 1629
H 7 i % ~
= . 1 R 1o

. g w20 o 0 S0 T

« 6 ¢ w0
(e)

(a)

Content of Nb, % by welght Content of V, % by weilght
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-299-~




The results of the experiments are given in Fig. 4, which shows
a dlagram of (a) the bilnary system chromium-niobium ranging from
0 to 50% Nb (b), the binary system chromium-vanadium from O to 10%
V (c), a vertical cross sectlon at a constant content of 10% V by
welght. Filgure 4 also i1llustrates the displacement of ‘the eutectic
transformation temperature in chromium-niobium alloys according to
the vanadium content (d). A lowering of the meltlng point from
1840° at 0% Nb to 1665° at 0% Nb by welght is observed in the
binary system chromium-nioblum. The eutectic level begins at 1665°
with 15% Nb.

A decrease in the temperature at the beginning of the melting
from 1840° for pure chromium to 1780° at 10% V by welght 1s appa-
rent in binary alloys of chromium-vanadium. These data correspond
to data obtained from microstructural analysis, which establishes
the homogeneous solid solutlon in these alloys. Eutectic transfor-
matlon was also dilscovered in the crosssection with 5 and 10% V.
The eutectic temperature at 5% V 1s 1642°, and at 10%, 1612°.

The addition of vanadium to chromiun-niobium alloys (at least
in the limits of O to 10%), seems to broaden somewhat the range
of the chromium-base solid solution and to reduce the eutectic

temperature.

X-Ray Difraction Analysis

The chromium-niobium-vanadium system was 1investigated by x-ray
diffraction mainly to ascertain the effect of nioblum and vanadlum
on the parameter of the chromlum-base solid solution.

The alloys were first annealed at 13%50° for56 hours, or at

1450° for 30 hours and then pulverized 1n a specilal mortar. Next, ‘«}
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the powder was annealed at 1000° for 2 hours to eliminate any

stress orlginating in the pulverization process.
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Fig. 5. Influence of admlxtures on the
lattlice parameter.

Photographs were taken in a back-reflection caméra using chromlium
radiation Ka1 and K&z. Pure chromium served as a standard; its
parameter belng assumed equal to 2.8714 KX [8].

No changes in the solid solution parameter in relation to the
niobium content were observed in the blnary chromium-niobium alloys.
The addition of vanadlium to chromlum lncreases the parameter of
the crystal lattice from 2.8714 KX at 0% V to 2.8763 KX at 10% V by
welght. Here there 1s a small negative deviation from the law of
additivity (Fig. 5a).. A change in parameter in the alloy containing
5% V by weight and 2%M by weight, in comparison with alloy 5-0,

were ‘practlcally nonexistent. In alloys contalning 10% V by weight
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there 15 a definite change 1in parameters dependant upon the niobium
content. The parameter changes from 2.8763 KX at 0% Nb to 2.8880
KX at 20% Nb by weight. As 1s clear from Fig. 5 b, the solubility
of niobium in the a-solution containing 10% V at 1450° is approxi-
mately 7%, which also 1s confirmed by measurements of the micro-
hardness.

X-ray diffraction analysis was also made 1n the case of the
phase composition of the same alloy specimen 20-0 (80% Cr, 20% Nb),
one half of which had undergone annealing at 1170° for 75 hours, and
the other half of which had been hardened by coollng at a rate of
about 200°/sec 1n a temperature range of 1700 to 600°. Photographs
were taken of a strongly etched specimen 1n a c¢ylindrical chamber
57.3 mm in dlameter, uslng chromlium radiatlion. The 1ldentical nature
of the diffraction patterns obtalned proves that the phase composi-

tion 1s the same 1n both cases.

Change in the Hardness of the Alloys due to Heating

Hardness during heatling was determined on a VIM~-1M unit from
the 1ndentations left by a dlamond square-based 1lndenter under a

load of 1 kg. The 1mprints were measured wilth a PMT-3 device.

Flg. 6 (a) represents the dependence of blnary chromium-nlocbium alloys

on temperature. A dlagram of the change in the hardness of chromium
‘and EzhY4 steel obtained under similar conditions 1s also given for
comparison. The advantage of chromium over an iron-base alloy is
easy to see. The hardness of steel at room temperature is greater
than that of chromium, but at temperatures higher than 500° the
contrary 1s true, and at 1000° the hardness of chromium is threefold

that of steel. Never%heless, in terms of the absolute value, the
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hardness of chromium at high temperatures is low (about 50 kg/mm=) .

An addition of 2% Nb increases the hardness of chromium through-
out the entire temperaturg range, and considerably more at ﬁigh
temperatures (from 180 to 260, i.e., by 80 units at 20°, from 60 to
190, 1.e., by 130 unlts at 1000°). An increase in the niobium
content to 5% lncreases the hardness at room temperature (up to 380
kg/mmz) but 1s practically speakling of no advantage in comparison
to 2% Nb at high temperatures. Among the alloys with a higher niobium
content the eutectlc alloy stands out as having great hardness
(600 kg/mmz) at room-temperature, which 1t maintains with hardly any
change when heated up to 800°). Even 1000° i1t still maintains 84%
of 1ts initial hardness (490 kg/mm%) .

Flgure 6b, represents the changes in the hardness of alloys
with a 5% V content. The most interesting of these is the bilnary
chromium-vanadium alloy, which at room-temperature has a hardness
of 220 kg/mmz. During heating, its hardness first declines to a
minimum at 500° (150 kg/mm?), and thereafter increases until it
regains 1ts initial hardness between 700 and 1000°. This phenomen
1s revefsible. It 1s apparently not connected with aging, slnce the
hardness of this alloy after heating and recooling to 20° 1s agailn
equal to 220 to 230 kg/mmZ.

The heat resistance of the alloy contalning 2% Nb and 5% V is
very high. On heatlng, its hardness undergoes a sllight through
uniform decrease over the entlre range of temperature studied from
290 kg/mm2 at 20° to 200 kg/mm® at 1000°. Up to 700° the hardness
of this alloy 1s greater than that of the bilnary chromium-niobium
alloy with an equal niobium content. Alloys with a greater niobium

content (10%) are eilther very hard at room temperaute, abruptly
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temperature.

loosing thelr hardness, however, when heated, or they are brittle
(30% Nb) to the extent that considerable scattering 1s obtained

during the measuring.
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The hardness of alloys contalning 10% V as a function of
temperature is given in Fig. 6(b). Here again the particular be-
havior of the bilnary chromium-vanadium alloy is confirmed, 1i.e.,
maximum harndess at 800° and a hardness at 1000° not inferior to
hardness at 20°. Alloy 2-10 1s slightly inferlor to alloy 2-5.

' Alloy 5-10 behaves in more or less the same way as the alloy 5-0
and 2-5. The hardness of alloy 10-10 decllnes more steeply at
heating in comparison with 10-0 and 10-5 (from 500 kg/mm~ at room
temperature to 250 kg/mm> at 1000°, i.e., by 250 units)

The data obtained enable us to conclude that the preservation
of hardness upon heating 1s guaranteed malnly by addling small
quantities of niobium (2-5%) and vanadium (5%). A further increase
in the niobium content has the effect of conslderably increasing

hardness at room temperature rather than at higher temperatures.

Resistance to Scallng at High Temperatures

Specimens of regular geometrical shape (parallelepiped, cylind-
rical), to allow the magnitude of thelr surface to be determined
were from the alloys. The specimens were placed 1is small porcelain
boats, which had flrst been annealed to a constant weight. The
boats contalning the specimens were welghed on analytical scales prior
to heating for 5 hours in a furnace at 960°. Figure 7 shows the
changes 1n welght of the specimens per surface unlt, depending on
thelr composition.

Binary chromium-nioblum alloys proved to be the most stable.

At a content of 5 to 20% Nb, thelr stabillty is not inferilor to
that of pure chromium (the increase in weight is 0.01 mg/mmz).
The only alloys to galn slightly more in welght were the alloy
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containing 2% Nb (0.047 mg/mm®) and those with a niobium content
greater then 30%. Vanadium sharply reduces stabililty. Alloys ‘)
containing 5% vanadium undergo an welght 1ncrease 8 to 10 fold greater
on the average and maximum oxidizabililty (0.13 mg/mma) observed at
2% V. Alloys containing 10% V oxldize st1ll more intensively; the
influence of nioblum in these alloys proves to be very great. If
the niobium content is stepped up from O to 5%, the welight increases
rapidly (from 0.13 to 0.735 mg/mma); a further addltion of niobium
causes the weight increase to decline (to 0.096 mg/mm°- at 40% NY.
For purposes of comparison we should point out that under the same
conditions, a welght increase of 0.45 mg/mm2 was obtalned fqr
technical iron. Repeated heating under the same condltions (5 hours
at 960°)produced the same weight increase 1n most cases.

These observations make 1t clear that alloys contalning more

than 5% vanadlum can not be used 1n an oxidizing atmosphere at high

temperatures,
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Fig. 7. Reslstance of alloys to scaling.
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Conclusions

et

As a result of the study of chromlum-base alloys with a nliobium
content up to 50% by weight and of vanadium up to 10% by weight
produced by melting in an induction furnace in an/atmosphere of.
argon, a sectlon of a ternary diagram of phase-equllibriums was
plotted wlthin the given concentration ranées. The hardness and
resistance to scaling of alloys at temperatures up to 1000° were
investigated.

2. At high temperatures, bilnary chromium-vanadium allcys, the
hardness of which at temperatures of 00 to 1000° 1s not inferior
to that at room temperautre, are especlally stable from the view-
point of thelr hardness. Best among the invesigated alloys wlth
regard to hothardness are those alloys with low contents of both
admixtures (niobium, 2 to 5%; vanadlum, 5 to 10%), and also the
binary alloy containing 30% Nb. However, 1t 1s not possible to
use alloys containing more than 5% vanadium alloys in an oxidinzing
atmosphere. It 1s therefore the binary and ternary alloys with a
small (2 to 5%) content of niobium and vanadium which are of

practical value as a base for heat-resistant alloys.
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INVESTIGATION OF THE STRUCTURAL CHANGES
IN IRON~-NICKEL ALLOYS AT THE PHASE TRANSITION

Yo (v + a)

M. I. Zakharova and N. A. Khatanova

The aim of our research was to investigate the phase transi-
tion y—- (v + a) 1n iron-base alloys containing 30 to 32% Ni. It
was determined that at a temperature of 400° this transition pro-
ceeds extremely slowly. Cold deformation of alloys at room tempera-
ture not only speeds up the process y— a, but the deformation of
an alloy subjected to martensitic transformation at -196° helps
equally to accelerate the reverse transition a- y. At tempera-
tures higher than the mgrtensitic polnt the 1nltial stage of
Y- a tranéition follows the usual martensitic/transition pattern,
and the newly formed layers of the a-phase lie parallel to plane
(111) of the y-phase, At the annealing temperature of 400° the
coherence of lattices 1s apparently disrupted during the initial
transition stage, and this i1s what actually decelerates the transi-
tion process.

Different kinds of phase transitions are superimposed on one
another durlng the heat treatment of multicomponent alloys, which
1s why it 1s so difficult to thelir individual influencs on the
changes 1n alloy properties. The study of each phase transition

by itself will enable us to analyze them correctly taken as a whole.
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Extensive literature has been published on the study of the
v—- a transition in ferro-nickle alloys [1]; nevertheless, the extra-
ordinary stabillity of the nonequilibrium state in these alloys [2]
s8ti1ill remains unexplalned. It was the polymorphic transition in
alloys containing 30% Fe and 32% N1 which were studied in the pre-
sent work. o

Electrolytic iron and nlckel were used to prepare alloys con-
taining 30% Fe and 32% Ni. After casting, alloys were homogenized
at 1000° for 10 hours, were annelaed for 18 hours at 600°, and
were then quenched in water. Single crystals were produced by re-
crystallization at 1200°. After continuous annealing for 60 hours,
the 1 mm thick laminae developed up to 20 mm? in area. |

X-ray and microscoplc analysis of the polycrystalline specimen
and x-ray analysis of stationary single crystals were made.

The process of polymorphic transformation was studied during
isothermal heating at 400°, at which temperature, according to the
Owen and Sully dilagram [3], about 27% of the phase should be pre-
sent in an lron~base alloy with 32% nickel that 1s in a state of
equilibrium,

For x-ray analysis of the polycrystals, powder was obtalned
from a homogenized specimen by flling the powder was then annealed
for 26 hours at 600° and subjected to isothermal annealing at 400°.
X-ray pictures were taken by cameras 114 cm in dliameter, using
iron radiation; the specimens were 0.4 mm in diameter.

After annealing for 100 to 200 hours only y-phase lines
appeared on the x-ray plctures. A very weak a-phase line (110)
appeared 1n the alloy contalning 30% N1 after 300 hours, and after
500 hours in an alloy containing 30% Ni. An lncrease in annealing
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time to 500 hours in the case of the 35% Ni alloy, and to 800 hours
in the case of the 32% N1 alloy, brought about no appreciatle
changes, which indicates that the y— (v + a) at 400° is very slow.

Cold deformation by filing powder from annealed specimens
leads to y—> (y + a) transition at room temperature, and lines
(110) and (112) of the a~-phase appear on the x-ray pattern immedia-
tely after defcrmation.

In ofder to compare the transition rates at 400° and at
temperature lower than the martensitic point, the phase composition
of the iron alloy containing 32% Ni, under different treatments

was determined by the intensity of the corresponding lines.

TABLE 1
l Konngecrso $aa, %
OGpaboTKka cnnama

|- :
Janiia nopomKa cnylapa B KAAKKIT a30T C 600° 16 84
daxanca ofpa3ita B KHAKMI @30T ¢ mocie- 46 54

Aylomeii negopmanmeit npr 20°

3axanka ofpasma B xuMakmii  asor, nedop- 73 27

MaILT B OTHHr npa 400°—6 wac.

During the quenching in liquid nitrogen 84% of the y-phase is
transformed into the a-phase; subsequent deformation at room tempera-
ture leads to the reverse transition of 30% of the a-phase to the
y-phase. When the alloy was subJected after the deformation to
annealing at 400° for 6 hours, 27% of the a-phase appeared in the
alloy, which corresponds to the equilibrium state at 400° (Table 1).

Consequently, cold deformation of the alloy in which martensitic
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transformation has taken place soon leads to a state of equlilibrium
in the alloy both at 20 and 400° through the reverse transition of
the a-phase to the y-phase, whereas in the case of 1sothermal anneal-
ing (400°) and water quenching the alloy remains far from equilibrium
even after an annealing period of 1000 hours

Because of the difference in the specific volumes of the -
and a-phases the phase transition y— (v + a)ls accompanied by the
formation in the a-phase lattice of elastic stresses whiéh were in-
deed those 1investigated in this study with respect to the breadth
of the lines and to changes in the correlation of intensitlies. Be-
cause of the slight'broadening of the lines, thils broadening was
related to second-kind stresses only

The second-kind stresses were determined from the wldth of the
y-phase line (113), using standard specimen Line width (113) was
determined as the quotient of the integral intensity dlvided by the
maximum intensity

The true width of the B-llne was determined by the method
evolved by G. V Kurdyumov and I. I Lysak [4]. The width of the
line uiider study was determined from the relationship

b3

i

§ 1) F(z)dz '’

where f (x) and F (x) represent the distribution function of densities
of the standard line and of the line under study;

b is the width of the standard line -
-ax

It was assumed that f (x) = F (x) =1 . in which case
B2 = v? + Bz Photometric readings taken from x-ray patterns of
the iron-base alloy containing 32% N1, enabled us to determine that

the magnitude of the stress after annealing at 400° for 350 hours
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1s 10.4 kg/mm>, and after annealing for 500 hours, 12 kg/mmZ2.

A determination of changes in the relationship of the intensity
of lines (110), (200) and (113) during the annealing at 400°, dis-
closed that the rms values for atomlic displacement are quantitatively
small and that they reach thelr maximum value of 0,07 A,after temp-
ering for 400 hours.

The low magnitude of secoﬁd—kind elastlic stresses and the low
value of rms dilsplacements are determined by the slowness of the
phase trans;tion and by the relaxation of stresses due to thermic
regression.

A study of the mechanism of the phase transition y— (y + a)
by x-ray photography of statlonary single crystals was made using
white Mo radiatlion. The investigatlion disclosed that 1nrthe process
of 1sothermic annealing at 400° there appeared in the x-ray diffrac-
tion effects of a deformation type (in the form of bands passing
through the Laue maxima) , fragmentations of the Laue waxima, and
texturized Debye rings of the y-phase. In our opinion, all these
effects are caused by the formation of very thin layers of the
a-phase in y-phase single crystals during annealing, in which the
y-phase lattice has changed into a a-phase lattice.

The formation of thin a-phase intermedlate layers must cause
elastic stresses on the boundaries between these layers and the y-
lattice. These stresses most probably exceed 1n magnitude the
elastic 1limit, which fact led to plastlic deformation in the bound-
ary zones. The plastic deformation caused, on the one hand, a
disturbance of the coherence between the a-phase lattice layer and
the y~-phase lattice, .cessation of the regular atomic displacement,

and growth of the a-phase layers. On the other hand, part of the
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matrix was converted in the boundary zones into a polycrystalline
state; this explains the appearance of Debye rings on the x¥ray
patterns of stationary single crystals The a-phase layers are
evidently very small and for this reason do not gilve rise to a
diffraction effect of their own 1in the lLaue diffraction patterns.
As has been pointed out, a very feeble a-phase line (110) appeared
on Debye powder patterns after 300-500 hours.
The construction of a gnomonic-stereographic projection of
the bands appearing 1n Laue diffraction patterns has shown that they
intersect 1n pole (111), and this fact enables us to conélude that
the layers are parallel to plane (111) of the y-phase. As 1s known,
in the process of martensitic transformaticn in steels a-phase
crystals are oriented by plane (110) parallel to plane (111) of
the <y-phase. Consequently, the nucleli of the a-phase also originate
by regular atomic rearrangement parallel to plane {111) of the <y-
phase of the matrix at temperatures higher than the martensltic
point. Through the formation of the a—phase layers the crystal of
the matrix breaks up into blocks; this becomes apparent upon transi-
tion from continuous maxima in the Laue diffraction pattern to a
maximum consisting of lines. An increase in the distance between
the lines with an increase in the annealing time to 1500 hours at
4100° indicates an increase in the displacement angle of the blocks.
Optical and electron microscopes were used to study the phase
transiltion v ¢ {v¥ + a ) Microsections were prepared by electrolytic
polishing; the electrolyte was composed of the following: 78%
HaPO., 10% Ha2S0., 8% Cr0s, and 4% H,0. The best surface was ob-
tained at a current density of 50 - 60 amp/dmZ, an electrolyte

temperature of 30-- 70°, and a polishing period of 1 to 5 minutes.
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As 18 clear from the figures cited, this electrolyte enables the
operating conditlions to be varied over a wlide range. The speclmens
were etched in nitric acid and aqua regia.

After quenching, the microstructure of the alloy was composed

of polyhedrons of the <«-phase solid solution.

ot

MR TN e s

+ e S A € R

Fig. 1. Substructure of vy-solid solution
crystals in an iron nickel alloy after temper-
ing at 400° for 300 Hours.

The investigation of specimens submitted to annealing for
periods of 100, 300, 500, and 3500 hours reveals a crystal sub-
structure, on the surface_of the'microsection; triangular etching
patterns parallel to the plane of the section or at an angle to
it (Fig. 1) can be seen. Consequently the microstructure of an
iron alloy with 32% N1 displays after annealing at 400° the top-
ography of the v—phase; and shows that crystals of the <y-phase
are segregated into blocks. Microscopic analyéis brings to light
the dlsorientatlion of the blocks within several degrees. Slight
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displacement of blocks 18 not vislible from the mlcrostructure. The
thickness of the blocks in ferrous alloys with 32% N1 is determined
microscoplcally as of the order of 1 micron.

Examination by electron microscope, using quartz-replicas of
specimens subJected to annealing at 300° for 100 hours, also dis-
closes a substructure of the matrix similar to that reproduced in
Fig. 1. Consequently these data, just as the data obtalned by the
x-ray analysls of stationary single crystals, are evidence of the
fragmentation of matrix crystals dﬁring the transition y— (v + a).
The a-phase layers did not coagulate 1nto larger crystals even
after annealing for 3500 hours.

By comparing the data obtalned from microscipic and x-ray
analysis 1in the study of the phase transition v— (v + a) at tempera-
tures below and above the martensitlc point, we can see which fea-
tures there are in common and which features are different in this.
The v — a transition at temperatures below the martensitic point,
according to the ideas of Kurdyumov, takes place through a regular
atomlc displacement. Because of the high elastic 1limit the reglons
of the solid solution whose lattlice 1s transformed from vy to o
are able to attaln large dimensions. At temperatures higher than the
martensitic point (~ 400°), the mechanism of creating the nuclei of
a new phase by regular atomic displacement 1s based in our view,
on the same principle, but in this case the rearrangement of the
lattice extends over a small volume since the elastic deformation of
the y~-lattice changes into plastic deformation even when the a-phase
nucleis 1s of small volume. This plastic deformation for its part,
leads to the nuclear lattice breaking away from the matrix lattice

and to the transition of the adjolning layers of the matrix into a
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polycrystalline state. The rearrangement of the lattice takes
place without any change in concentration. The process then con-
tinues diffusion.

The diffusion growth of nuclel is very slow; even after temper-
i1ng of the alloy at 400°‘3500 hours, a-phase crystals do not acquilre

large dimensions. K

H

<
At

Fig. 2. Deformation zones 1in y-crystals of

a solld solution near a-nuclel after temper-

ing at 400°
An increase in the size of the y-phase nuclel due to the difference
in the specific volumes of <y- and a-phases leads to an enlargement
of the deformation zone in the y-phase near the a-phase nucleus.
under microscoplc examination these deformation zones appear 1n the
form of filgures approximating the circle (Fig. 2) .The dimensions of
the deformation zone appearing on the microsection are determlned
by the dimensions of. a-phase nuclei and by the distance of the

nucleil from the plane of the sectlon.
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CHANGES IN FINE CRYSTAL STRUCTURES DURING
AGING OF NICKEIL-BASE AND NICKEI-
IRON ALLOYS

G. V. Kurdyumov, I. A. Blltdzyukevilch,
A. G. Khandros and V. G. Chernyy

The structure and properties of Nimonic-type alloys have been
investigated during the postwar period both 1n the Sovliet Union and
abroad [1, 2, 3, 4]. The present work glves an account of some of
the results obtained from lnvestigation of the changes in fine
crystal structures which occur in alloys of thils type during aging
and after hardening.

The dimensilons of mosalc blocks of the basic solid solutilon

and of the at-phase, as well as the heterogeneity of the parameter
Aa

» were determined from the width of the x-ray diffraction
lines. In addition, changes in the lattice parameters of both
phases were also determined.

Four alloys, the composition of which is given in Table 1, were
investigated. The last two alloys were of interest 1n connection
with the conclusion reached on the basis of data obtained from

diffusion, according to which the partlial substitution of nickel

by iron need not weaken the bonds of the basic solid-solution lattice.

X~-ray patterns were taken in Debye cameras with a cylinder diameter

of 57.3 and 150 mm. Pictures of the first two alloy specimens were
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obtained with copper radiation and, in the case of the last two
alloy speclimens, wlth manganese radiation. The use of copper radia-
tion and cameras of large cylinder diameter made 1t possible to de-
tect even slight broadening of the diffraction lines, since the ky-
doublet of copper was split even on reflections from plane (111)

at an angle of 22°3t,

TABLE 1
' Conepicanite 9;1eMentTos, %

Cunasu
C ] Fe i Cr Ti Al | Ni
9N 437 0,035 —_ 19,55 2,38 0,59 Oct
To e 0,04 —_ 19,67 1,60 0,43 »
Fe 20 — 20,45 19,45 2,64 0,47 »
Fe 40 . —_ 40,25 19,45 2,76 0,47 »

Figure 1 shows the change in block dimensions (zones of co-
herent x-ray scattering) of the basie solid solution of the specimens,
quenched in water from 1080°, and then subjected to aging for &4
hours at different temperatures. The dimensions of the mosailc blocks
of the baslc solid solution undergo no change up to the aging
temperature 850° and are of the order of 7 - 10 ° cm. The high
dispersion of the blocks even 1in the quenched state 1s caused by
the preliminary treatment (cold plastic deformation, and a compar-
atively low temperature prior to quenching). This treatment was

necessary to obtain solid lines in the x-ray patterns.

La
The inhomogenelty value of the parameter of the quenched

specimen 1s practically equal to zero. It increases apprecialby
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after heating and annealing for 4 hours at 500 and 600°, reaching
the value 0.8 - 10™3, and decreases to 1ts initial value at 700°.
The inc?gase of éig at 500 and 600° is apparently connected with

the appearance of 1lnhomogeneous concentration of the solid solution
and not with second-kind dislocations, the formation of which is
unlikely here. Flgure 1 also glves data for the change in hardness
in the specimens as a result of simllar treatment. The maximum of
the hardness curve 1s found at 700°, at which the ratio %;— already
is practically zero.

Further, the a! phase was electrolytically segregated from
speclmens subjected to the same kind of thermal treatment, and the
dimensions of the blocks were determined from the breadth of the
x-ray diffraction lines. Attempts to 1solate the a! phase electroly-
tically after aging at temperatures lower than 700° proved unsuc-
cessful. The partilcles obtained after aging for 4 hours at 700°
were of linear dimensions of the order of 50 A. The amount of at-
phase was very small. Particles increased to 350 A with an 1ncrease
in the aging temperature (850° at the given soaking, and the amount
of at-phase greatly lncreased, After this, over the temperature
range 850°-910° the dimensions of the particles (blocks) grow
smaller, and at stlll higher temperatures it is not possible to
segregate them at all. The amount of at-phase decreases in this
temperature range too. Thls can be observed by the quantity of
powder which 1t 1s possible to isolate electrolytically over a
certain period of time. The decline in the size of the particles in
the narrow temperature range (850-910°) is apparently connected
with the fall in the rate at which they grow; thls in turn 1s caused

by a lesser degree of super saturation of the solid solution 1n this
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temperature range.

The parameter of the baslc solld solution lattice in alloy
EI 437, quenched and tempered at different temperatures, was de-
termined in addition. The lattlce parameter declines from 700° and
reaches 1ts minimum value after tempering at 850°. The lattice
parameter of a specimen tempered at 950° approaches the parameter

value of a quenched specimen.
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Fig. 1.

By comparing the data obtalined one can see that in our case
the increase in hardness of an alloy after aging is not accompaniled
by a notiéeable'change in the dimensions of the blocks of the basic
solid solution. The increase in hardness begins at 600°, that is
to say, at the polnt where attempts to lsolate the at-phase
electrolytically are unsuccessful. A broadening of the lines due
to the inhomogenelty of the composition -%? 1s observed 1n the
same temperature range. It 18 only possible to obtaln small quan-
titles of the at-phase after aging at 700°. The maximum hardness

can be observed at about the same temperature. Further growth of
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the particles i1s accompanled by dimin!shing hardness. The lattér
also continues to decline after tempering 1n the temperature range
850-910°, 1n which the dispersion of at-phase particles'increéses.

Results of the investigation.of the second alloy, contalning
a somewhat lesser amount of titanium,gére shown 1n Filg. 2. In this
alloy the maximum hardness after tempering and 4-hours of aging was
found at 700°. As with the first alloy, it 1s possible electrolyti-
cally to isolate the at-phase after aglng at this temperature. The
linear dimensions of the particles of this phase proved to be
approximately 70 A. The dimensions of the particles ‘ncrease wilth
the lncrease 1n aging temperature, and at the same time hardness
decreases. The lattice parameter varies within éhe temperature
range over which the hardness changes as in the case of the first
alloy. The ﬁaximum change, both in the first and second alloys,
exceeds three units in the third decimal place.

Iet us consider the results of our study of alloys contalning
iron. These alloys were melted 1n a high-frequency furnace 1n
vacuum and then annealed at 1150° for 8 hours.

Previous experiments showed that heating to 1080°, following
by soakling for two hours, sufflces to make the particles of the
segregated phase dissolve. Changing the quenching temperature from
1080 to 1200° produces no difference in the lattice parameter.
Moreover the second phase 1s not revealed by anodlc dissolution.
After quenching from a temperature of 1080° the specimens were sub-
Jected to soaklng for one hour at temperatures ranging from 400° to
950°.

Figure 3 gives the results of measurement of the hardness of

two ferrous alloys and compares them with the hardness curve of the
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first alloy (EI437). As in alloy EI 437, the aging of ferrous alloys

in the temperature range 600-900° leads to an increase 1in hardness
the maximum of which 1s to be found at 700-750°. Hardness in this

range proved to be the same for both alloys.
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The hardness of ferrous alloys, whether 1n the quenched state or
after tempering at any temperature, 1s lower than that of alloy
EI437(not forgetting the difference in the length of aging). Alloy
EI437 was tempered for 4 hours, and the ferrous alloys for 1 hour.

It 1s possible to segregate the phase precipitated during
aging by electrolytic dissolution. X-ray patterns of powder from
a phase isolated in this way reveal the similarity of thils phase to
the at-phase”’ of alloy EI437. As in Nimonictype alloys this
phase has a face-centered cubic lattice with a parameter slightly
larger than that of the basic solid solutlon.

The lattice parameters of basic solid solutions and of the at-
phases of alloys contalning 20% Fe and 40% Fe and of alloy EI437
are given in Table 2. From Table 2 1t can be seen that the partial
substitution of iron for nickel leads to an 1nérease in the alt-

phase lattlce parameter, with the parameter lncreasing together with
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an increase in the iron content.
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Fig. 3. 1) EI437; 2) Fe 20; 3) Fe 40

The constant of the atl'-phase lattlce also lncreases, and the more

1t does so, the more iron 1s there present 1n the alloy. The in-
crease in the at-phase lattice parameter enables us to conclude that
iron 1s likewise contailned in the at-phase. Nevertheless, the
possibllity that 1ron affects the change 1n the content of che
other elements 1in this phase 1s not excluded.

Changes 1n the lattice parameter after aging of the alloy con-
taining 40% Fe are shown in Fig. 4. The minimum parameter value is
observed at 800°. A further rise in the aging temperature leads to
an increase in the lattlice parameter, this is linked with the greater
solubility of titanlum and aluminum.

The dimenslons of at-phase partlicles in these alloys were de-
termined by line (311) situated at an angle of 76°. Since the
extinction of lines might have been due not only to the small di-
mensions of the particles but also to the 1nhomogenelty of the

at=-phase composition, the broadening at both small and large angles
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was assessed. It appeared that they were proportional to the secant
of the reflection angle. Hence the dispersion of the a'!-phase
particles 1s responsible for the broadening of the lines in the
x-ray patterns.

Data on the linear dimensions of particles of the alloy con-
tanlng 20% Fe after varlous aging temperatures are given in Flg. 5.
After tempering for 1 hour at 750°, the mean linear dimensions of
the particles was approximately 140 A. An increase 1in aging tempera-
ture results in enlargement of the particles. After tempering
for 1 hour at 900°, the particles attalned a size of 420 A.
Electrolytlc segregation of the wt-phase 1s only possible after tem-
pering at temperatures not below 750°, when maximum hardness 1is
observed. In this case the slize of the precipltated particles 1s at
1ts minimum.

A similar pattern can also be observed in the alloy containing
40% Fe. After aging for 1 hour at 750°, particles were 240 A in

dimension. Maximum hardness is observed after aging at the same
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TABLE 2

TlapameTp pemeTku a, A

Cna
avH TBEPNOro PacTROpa TBEPAOTO PacTsopa.
BaKAJEHIOTO OTAYIEBHOTO Ha 70(° a’-ann

IH437 3,556 3,553 3,584
Fe 20 3,582 3,559 3,559
Fe 40 3,580 3,578 3,578

L
temperature. The linear dimensions of particles after soaking for

1 hour at 900° were approximately 600 A. Efforts to 1solate the
at-phase at highér aglng temperatures proved unsuccessful.

Contrary to the observations made in the case of alloy EI437,
we did not succeed in observing a down slope for the dependence
dimensions on agling temperatures of the al-phase particles 1in alloys
both with and without iron but contalning a smaller content of
titanium. Apparently, the temperature range over which diminution
of the particle dimensions can be observed 1s very narrow.

Other authors have used different methods to determine the
dimensions of at!~-phase particles in Nimonictype alloys. For example,
in [4], after a soaking period of 300 hours at 700°, the linear
dimensions of the particles were 300 A. In our case they were 50 A.
Bagaryatskly and Tyapkln found the particle dimension at the max-
imum value of hardness, to be of the order of 200-400 A. Consldering
the difference 1in methods, our data and those obtained by other
authors accord reasonably.

In the alloys we investlgated distortions of the second type
did not occur during the decomposition of the solid solution, which
was accompaned by an increase 1n hardness. In our case, dlsinte-

gration of at-phase blocks does not take place in the process of de-
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composition. This is apparently due to the small size of the blocks
in their initlal state.

d)
o
i
JoF
oy r{éh
o E————— ST o
{nae
il f/ \_‘ i
'y - .
I :
Wl -
- Jow 600° oy ot 900°
- Bordepxcwe Ivac t'nazpeba
Fig. 5.

Thus the formatlion of second-phase dispersion particles does
not produce any change 1n the glven elements of the fine structure
of solid solutions. Increase in the hardness due to the presence
of second-phase dispersion partilcles, 1s caused, on the one hand,
by the reduction of the path along which the beglnning of plastic
deformation spreads, and, on the other hand, by an increased number
of imperfections in the structure at the boundary between the two

phases.
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TEMPERATURE AND TIME-DEPENDENCE OF RESISTANCE

TO DEFORMATION IN COPPER AND ITS
ALLOYS

M. A. Boltshanina, M. B, Makogon, and V. Ye.

Panin

The ability of heat-resistant alloys to wlthstand external

loads at high temperatures is usually determlned from the degree

of plastic deformation produced over a certaln period of time under

conditions of constant stress below the yield point

at the normal deformation rate).

(determined

A number of facts which have recently come to light 1ndlcate

that creep 1s a variant of plastic deformation. V.

and L. M. Rybakova [1], and L. M. Rybakova [2], for

M. Rovinskiy

instance, in

comparing structural changes during plastic elongation and creep,

came to the conclusion that in principle creep does

not differ from

elongation. The difference between them is merely quantitative.

M. Ya. Fuks, N. V. Slonovskiy, and L. I. Lupilov [3} have demon-

strated that the broadening of lines in Debye powder patterns 1in

creep at 500° 1s the same as in ordlnary elongation
temperature, except that it is smaller in magnitude
with the lower rate of deformation. The broadening
diminishes as the creep rate decreases.

Under these circumstances it is clear that the

creep should derive particularly from the theory of
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tion. Unfortunately, no quantitative theory of plastic deformation
has as yet been formulated; hence one must rely on experimental

data and qualitative laws of behavior in order to arrive at explana-
tions and descriptions of related phenomena. The qualitati&e aspect
of plastic flow has now been thoroughly studled, and an applicatlon
to creep of the laws of behavior already discovered would be very
frultful. The phenomena involved 1n creep and plastic deformation
can be linked by studylng extremely low rates of plastic flow, since
creep should be conslidered as plastic flow at very low rates. The
present work is devoted to a study of the influence of the rate of
deformation on mechanical properties under various conditlons. It
1s based on the theory of hardening and relaxation, which has been
fully verified in the study of pure metals.

On the basls of available information on the influence of the
rate of deformation on mechanical properties and following the
theory of hardening and relaxliation, many features of the behavior
of metals and alloys at high temperatures and low deformation rates
can be predicted, including many of those that apply to creep. 1In
view of this it seemed to be of lmportance and great topical in-
terest to verify the predictions based on the theory of hardness
and relaxation by studylng the behavlior of single-phase so0lid solu-~
tions at various temperatures and rates of deformation.

Deviations in the crystal lattlces that are caused by plastic
deformation may vanish through the kinetic processes occurring in
solid bodies. A number of experimental findings [4, 5] indicate
not only the occurrence of such processes In the course of deforma-
tion but also that they are stimulated by external shear stress.

The effect of these processes manifestly depends on time and tempera-
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ture.

At high rates of deformation the softening process can take
place only to a very small degree, and it 1s this that results in
higher strain resistance. The relaxation process at very low rates
of deformation causes a conslderable lessening of straln resistance.
The higher the temperature, the sharper 1ls the difference between
resistance to rapld and to slow deformation under equal stress. The
rate factor, determined as the ratio of straln resistance at a high
rate to resistance at a low rate under equal strain, increases 1n
the case of pure metals wlth a rise in the test temperatuwes. Con-
sequently the highef the rate of deformation, the less does the re-
sistance to deformation depend on temperature [6, 7], and conversely,
the lower the rate of deformation, the steeper should be the decrease
in strain with a rise 1n temperature., This explains the large measure
to which temperature influences the rate of creep.

If the influence of the rate of deformation 1s explalned by
the degree to which relaxation has time to take place during the
deformation process, then specimens deformed at a lower rate can
naturally be expected to display smaller lattice distortlions and less
strain hardening [8, 3]. In creep, the lattice distortions should
be smaller than 1n conventional elongatlion at the same temperature,
ar.d thisg is in fact confirmed experimentally (2, 3].

The decline in straln resistance with a temperature rise is
caused to a great extent by softening [6]. The temperature coeffi-
clent of straln resistance Ao/o « A T for pure metals, as well.as
the time factor, must depend qualitatively on a number of factors.

It should especially 1ncrease 1n the case of pure metals wilth a

lower meltling polnt and deformation rate, and experiments confirm
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both these dependencles.

Since softening occurs wlth greater intensity at high tempera-
tures, the temperature coefficient of straln resistance should in-
crease with a higher temperature; in other words, reslstance to
straln in a temperature range remote from recrystallization tempera-

tures slightly decreases with a rise in temperature (for instance,
1

degree’
whereas a rapid decline can be observed at -igh temperatures (i.e.,

for copper, it declines by 8 - 10 * between 20 and 100°,

for copper between 500 and 600°, by 46.6 - 10f4 éegree)'

Inasmuch as the softening process requires time, relaxation
should occur to a higher degree when the rate of deformatlon declines.
In this connection the temperature range in which an especlally
sharp decline 1in strain resistance 1s observed decreases with a
fall 1n the deformation rate.

At high temperatures, when metal undergoes total recovery in
the course of experimentation, a further increase in temperature
is comparatively without effect, and the temperature coefficient,
having passed its maximum, beglns to drop.

Let us consider single-phase so0lld solutions, Due to the
presence of foreign atoms in the alloy lattice, supplementary
statlic distortions appear 1n it which contrlbute to the appearance
of straln distortions. Moreover the bond energy may also undergo
a change. The behavior of the alloy wlll be determined by the
quantitative ratio between these two factors [10, 11]. In a large
group of alloys the influence of static lattice defects prevalls
over the modificatlion in bond strength at normal temperatures.
Resistance to straln in such metals is considerably greater than

in the pure metal on which the alloy 1s based. Experimental data
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indicates that in such cases the softening processes are greétly
impeded, the rate of deformation 1s of 1little influence [12], the
eifect of temperature on mechanical properties 1s considerably
lessened [12], the recrystallizatlon temperature is higher, and the

ratio of T i1s greater.

recrystallization/Tmelt

The level of diffusion mobility needed in order to allow
recrystallization proved to be considerably higher in all the alloys
[13]. It is important that recrystallization in various pure

metals requires an approximately identical level of diffusion

20 12

mobility ~ 10 2° — 10 22, and in solid-solution alloys, ~ 10 1%—
1071'®, It is natural that here the recyrstallization temperatures
of different metals and alloys are not the same but will depend

on the bond energy in the lattice.

Hence one should expect a substantial influence on the part
of the interatomic bonds in the temperature ranges in which there
is a high degree of softening and recrystallization and where the
decline 1n strain resistance with a temperature increase is the
greatest.

Let us consider a copper-base alloy system: copper--nlckel;
copper--aluminum; copper--zinc. The bonds in copper are increased
by nickel-and weakened by aluminum and zinc. For this reason one
should assume that at high temperatures (400--600°) both time and
temperature factors will be smaller in the copper-nickel alloy than
those of pure copper, l.e., that at elevated temperatures the re-
sistance to strain in the copper-nickel alloy will be less influenced
by the deformation rate and by temperature than 1n copper.

At low temperatures the static distortions resulting from the

alloying process 1in copper-aluminum and copper-zinc alloys are greater
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than in the copper-nickel alloy. They impede softening and are
responsible for theilr increased straln resistance. Hence, up to
temperatures of 200--300°, the time and temperature factors of
copper-aluminum and copper-zinc alloys should be lower than those

of copper. However, at high temperatures when the diffusion movility
of atoms 1s of particular significance and the bonds consequently
begin to play an important part, the time and temperature factors

of copper-aluminum and copper-zinc alloys must increase sharply

and may even become higher than those of copper, not to mention the
copper-nickel alloy.

Thus the heat softening of alloys is influenced by static
distortions resulting from the alloying process as well as by the
intensity of the lattice bonds; strongly bonded alloys are more
stable with respect to temperature than alloys with weaker bonds,
despite the fact that the static distortions may be samller.

At low temperatures, if the bond eucergy decreases only
slightly in the alloying process, the part played by static distor-
tions in hardening becomes decisive. It is these distortions which
impede the kinetic processes 1n alloys and lessen the influence of
the temperature and rate of deformatlon on the mechanical properties.
Statlc distortions have a positive effect in thls connection. Never-
theless their hardenlng effect cannot be relied on, since 1t falls
off sharply as soon as diffusion increases to the extent that the
strain distortions of the lattice rapidly begin to vanish.

In order to assess the role of static distortions and that
of the bond strengths in the lattice, it 1s of 1nterest to trace
the ‘heat resistance of strain distortlons. The presence of static

distortions can hardly ensure the stability of strain distortions
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during annealing. A strong bond energy, on the other hand, is
probably a more reliable guarantee of this stabllity.

Finally, i1f we assume that the pfesence of static distortions
resulting from alloylng contributes te the occurrence of strain
distortions, we can expect to find under equal conditions a more
intensive absorption of energy in the deformatlion of those alloys
in which static distortions are stronger. Thelr resistance to de-
formation wlll also be greater.

The experimental material confirming the theoretical assumptions

postulated above 1s as indicated below.

Materials and Methods

of Study

The materials used in the investigation were pure copper Mil,
and its solid-solutlon alloys: with nickel (5.19; 10.71 and 15.69
atom %). All the material was melted in an Ajax high-~frequency
furnace. After homogenization the castings were forged into rods,
11--12 mm in dlameter, which were then drawn to a diameter of 8 mm.
The specimens prepared for reduction (7.00 + 0.02 mm in diameter,
and 11.00 + 0.02 mm 1h height) were annealed prior to deformation
under optimum conditions.

The reduction of the specimens to a deformation of approximately
40% was carried out 1n a specially constructed device on an Amsler
machine and an IM-4a machlne at average rates of 6mm/m1n (va),
0.05 mm/min (vo) and 0.005 mm/min (v,) and temperatures of 20, 100,
200, 300, 400, 500, and 600°. The reduction of the specimens was
carried out in an atmosphere of purified nitrogen at a temperature

of 200°, or higher, to prevent oxidation.
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The true stress (o) and relative strain (e€) were calculated for
every given moment, but the elastic deformation of the specimen and
of the components of the device was not taken into consideration.

No fewer than 5 specimens were tested under identical conditions
(temperature and rate).The divergence of the individual values did
not exceed 3-4% at low temperatures, and 8-10% at high temperatures.
The stability of strain distortlions occuring 1n pure copper and in
alloys with an approximate content of ~ 10 atom % Ni, Al, and Zn
after thelr reduction in area down to 40% at rates va and v, and
temperatures of 20, 200, 400, and 600° was alsoc determined and
accessed qualitatively from the changes in microhardnes (at a load
of 200 gr on the indenter) of the deformed specimens after their
successive annealings at rising temperatures. We also investigated
the internal layers of specimens which, as shown experimentally,
reflect more truly the state of the material under conditions of
inhomogeneous compressive strain.

The latent straln energy according to known methods [14, 15]
at different stages of compression in éopper and its alumlnum alloys

(of all concentrations) was determined.

Experimental Results

Flow Curves of copper alloys under compression at varlous rates.

In accordane with the theory of hardening and relaxation [15, 16],
provided there are no secondary processes (aging, decomposition of
solid solutions), the 1ncrease in the reduction rate, should re-

sult in an lncrease in the deforming stress as already pointed out
above., This effect occurs as a result of the diminishing role of

relaxation (removal of strain distortion) when the period of defor-
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Fig. 1. Device for compressive reduction at
high temperatures: 1) frame; 2) stage; 3)

piston; 4) specimen; 5) furnace; 6) indica-

tor for measuring reduction; 7) thermocouple;

8) nitrogen inlet; 9) out let of U-gauge;

10) power inlet to furnace; 11) cooling of

plston guide brushing; 12) ceramic insulating

plates.
mation 1s shortened. A decrease in the test temperature [6] should
also lead to a higher value of the deforming stress. The above
statements are fully confirmed by an analysis of the curves showlng
the flow of the copper alloys Investigated. Curves showing the
flow of copper alloys containing 5% Zn, at rates va, Vs, and vy,
and at temperatures of 20, 400 and 600° are given in Fig. 2. Curves
showing the flow of other alloys are, on the whole, of the same

nature.

The lower the rate of deformation in an alloy, the smaller are

-338-

J




the deforming stress and the degree of hardening of the material

t in deformation, and the smaller the angle of slope of the actual
flow curve. The same dependence 1s observed at a higher deformation
temperature.

The following characteristics of the resultant flow curves

can be pointed out: 1) In undergoing deformation at temperatures
higher than 4#00° beginning from a certain degree of deformation,
copper and its alloys exhibit a loss 1n true compressive strength.
The lower the rate and the higher the temperature of deformation,

the sooner this decline begins. Thus for the copper alloy with 5%
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Fig. 2. Curves showling the flow of
alloy Cu + 5 atom % Zn at various
rates and temperature reduction.
Rate (mm/min): 1) vy = 0.005; 2)
Vg = 0.05; 3) Va &

Al no declline in stress is observed on the flow curve at a reduction
temperature of 400° end a rate vs. At a rate vy, the decline begins

at € = 32%, and with a rate v, at € = 16%. When.the test tempera-

2]
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ture is ralsed from 400 to 600° (rate v,), the decline in stress of
the same alloy starts at e€ = 28, 15 and 14%, respectively.

Comharing different alloys, we can polint out that all other
conditions belng equal this decline in copper-nickel alloys is less
noticeable than in alloys of-the cdppe;-aluminum group, and still
less in the latter than in alloys of th;'copper-aluminum group, and
8till less in the latter than in alloys of the copper-zinc group.
The decline in stress in alloys oﬁ the copper-nickel group can be
observed from a temperature of 500°, whereas in copper-aluminum and
copper-zinc alloys it is already rather marked at 400°,

The decline 1n deformlng stress can be explalned by an inten-

sification of the softening process at high degrees of deformation,

when in the process df deformation both distortions resulting from

the actual process of deformation as well as those formed at previous

stages disappear.
The theory of hardening and relaxation [15] provides the

following approximate expression for the curve flow of compression:

a

o= —
o=9(ly/l) *®
1 1is the length at each given moment;

where: 1o 1s the initial length; ’

v 1s the rate of deformation;

b 1is the hardening factor, whlch depends in the flrst
approximation safely on the nature of the material;

a 1s the relaxation factor which depends in the given
material on the degree of deformation, 1ts rate, the
stress and the temperature [17].

0o 1s a constant coefficient.

From the formula 1t can be seen that when there 1s a certailn

relationshlp between b, a and v (a/v > b), which occurs at a defi-
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nite € value (a is a function of €, as has been indicated), ¢ can
diminish with a further rise of lo/l1. It 1s also evident that the
lower the rate of deformation v, or the higher the test temperature
a lncreases with the temperature), the more b-a/v will- fall below
zero, at increasingly smaller degrees of deformation, and o will
start to decrease accordingly.

It 1s easy to observe that the above data fully support the
conclusion reached on the basls of the theory.

The change in the contour of flow curves, particularly the
shift of i1ts maximum to one side or the other durlng the transitlon
from pure metal to alloy, 1s naturally a consequence of the change
in the hardening and relaxation factors b and a. The glven experil-
mental data enable us to conclude that copper—nickei alloys recover
to a smaller degree than copper-alumlnum and copper-zinc alloys
(a decline in true stress on the flow curve in copper-nickel alloys
starts to be notlceable at relatively higher temperatures).

As already pointed out, in accordance with the theory of
hardening and relaxation recovery is more pronounced in low melting
metals and alloys. On thls basis, the decline in true stress on
the flow curve of these metals should be observed at smaller degree§
of straln, at lower temperatures, and at relatlvely hilgher rates
of deformation. Thls phenomenon was actually observed by a number
of investigators [12, 18] 1n lead alloys and other low-melting metals
at room temperature.

2) at test temperatures of 200-300° a convergence of the flow
curves pertaining to various rates of deformation was noticed 1n
almost all the alloys, i.e., the rate effect dimlnishes. The reason

for thilis phenomenon should be sought in the secondary processes.
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It is known [19] that 1n plastic deformation aging can continue
through mounting diffusion until the preclipitation of a new phase
in equilibrium solid solutions, 1including copper-zinc and copper-
alumlinum alloys. Under certailn conditions this aging leads to in-
creased resistance to deformation, and the smaller the rate of de-
formation, the greater is the increase; the result 1s that the in-
fluence of the deformation rate diminishes and may even cease al-
together due to this effect. This 1s apparently what happened 1n
our ailoys also.

3) the very slight incline in the flow curves for copper and
its alloys at a temperature of 600° and a deformation rate v should
likewlse be noted. This incline indicates the slight hardening
of the alloy at deformation, whlch accords with the data obtailned
from x-ray analysls. Composing different alloys under the given
condltions of deformation (T = 600°, vy), we can see relatively
greater hardening in copper-nickel alloys in comparison with copper-
aluminum alloys, and especlally with copper-~zinc alloys and pure
copper. ' An increase in nickel concentration in copper improves its
capaclty for cold-working under the given deformation conditions.

Hardening coefficients. The nature and the degree of the in-

fluence exerted by an alloying admixture on the mechanlcal proper-
ties of an alloy, as 1ls clear from the above, are determlned to a
large extent by the temperature and rate of deformation. The same
alloying admixture can under certain conditions depending on the
temperature and strain rate, exert a positive influence on the
properties of an alloy, whereas under different condltions 1ts in-
fluence may not be as effective. Hardening coefficlents, equal to

the ratio of the compressive stress of an alloy to the compressive
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stress of pure copper at the same rate, degree, and temperature
of deformation were determined in [20] for the purpose of describ-
ing this influence.

The values calculated for hardening coefficlients at a degree
of deformation € = 30% are in Table 1. It can be seen from the
Table that the raise 1n test temperature from 20 to 600° for alloys
of the copper-nlckel group lncreases the hardenlng coefficlent at all
three of the rates studlied. This can be explalined by the relatively
more intensive softening of copper as a result of rising temperature,
by comparison with the softening of alloys belonging to the copper-
nickel system. A fall in the deformation rate also ilncreases the
hardenling coefficlent of copper-nickel alloys. At a temperature
of 600° however durilng the transition from rate v, to rate v;,
copper-nickel alloys of all concentrations display a certain decline
I1n the hardening coefficient rather than an 1lncrease. This indicates
the beginning of more intensive recovery in the alloy. An increase
in the nickel concentratlon in copper leads naturally to an increase
In the hardening factor, and, the higher the temperature of defor-
mation the greater thls is.

The values of the hardening coefficients for alloys of the
copper-aluminum and copper-zinc system change 1n a somewhat different
manner. Flrst, there should be noted the less 1lntensive increase
in the hardenlng coefficients of these alloys, partlcularly the
copper-zinc system, wlth a rise in the test temperature. Moreover,
in the copper alloy with 10% Zn at a rate vy this factor first
increases during a change in temperature from 20 to 200° then
gradually diminishes. A similar declline can be observed in the

copper alloy containing 15% Al, during transition from 400 to 600°
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(rate vs), and from 200 to 400° (rate vy and v;); This behavior by
the hardening coefficients of copper-aluminum and copper-zinc alloys
as a result of the rise in test temperatures 1s accounted for by the
fact that they soften more intensively at higher temperatures in
comparison with alloys of the copper-nickel system.

A similar conclusion follows from an analysis of the changes
in the hardening coefficlent as a result of a decrease in the rate
of deformation. Whereas in alloys of the copper-nickel system thils
coefficlent declines only wlth transition from rate vy to rate v,
at 600°, in the case of alloys pertalning to the copper-aluminum
and copper-zinc systems 1t declines at transitlion from rate vs to
vs and still further in transition from rate v, at 400°.

A greater concentration of aluminum in an alloy, all other
conditions being equal, helps to ralse the hardening coefficients,
but thils lncrease 1s scarcely noticeable at 600° (whereas at rate
v, this 1s the case even at 400°). Thus at high test temperatures
(higher than 400°), and even more so at low deformation rates, an
increase in concentration of a copper aluminum alloy has little
effect.

It is of interest to compare the absolute value of the harden-
ing coefficients for alloys of different systems. Table 1 shows
that at temperatures up to 400° and at a high rate of deformatilon
(va), the admixtures studied assume the order Al-Zn-Ni when con-
sidered according to their effect on the hardening of copper. The
significant extent to which copper is hardened by aluminum at room
and relatively low temperatures can probably be explained by the
conslderable statlc distortions of the crystal lattice of copper

during the formation of a solid solution wilth aluminum. If we
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TABLE 1

Hardening Coeffilcients (7 = )} and 1ts Alloys at Varlous

%110y Scopper
Temperatures and Deformation Rates € = 30%

Kownenrpamint hpuMecn, at. %
Trmu'.ll;l‘l')'l"l- ) 10 15
Cu—NlI Cu—AI, Cu—Zn Cu—N1 I Cu—Al| Cu-~Zn | Cu—Nij Cu—Al
vy = 6 MmM/Mnn
20 1,1 1,1 1,1 1,2 1,0 1,1 1,5 2,0
200 1,0 1,1 1,1 1,1 1,6 1,2 1,5 2,1
400 1.1 1,3 1,2 1,3 1,8 1,3 1,8 2,7
600 1,5 1,6 1,2 1,9 1,6 1,6 2,7 1,5
vy = 0,05 mM/MRu
20 1,1 1,1 1,1 1,1 1,6 1,2 1,5 2.1
200 1.1 1,2 1,2 1,2 1,7 1,3 1,6 2,4
400 1,3 1,4 1,2 1,5 1,6 1,3 2,3 2,0
.600 2,0 1,6 1,2 2,8 1,7 1,4 4,2 1,9
. vy = 0,005 mm/MEH
20 1,0 1,1 1.1 1,2 1,6 1,2 1,5 2,1
200 1,1 1,2 1,2 1,2 1,8 1,3 1,7 2,5
400 1,6 1,3 1,0 1,9. 1,4 1,2 2,6 1.3
600 1,6 1,5 1.1 2,3 1,6 1,1 2,7 _
1

proceed from the relatlonship between the atomic radil of the ad-
mixture and of copper, these distortions should be most dlstinct in
aluminum alloys, less so in alloys contalning zinc, and still less
so 1n copper-nickel alloys. Static distortions not only increase
the critical shear stress but also block the straln distortions of
the lattice resulting from plastlic deformation. By so doing, they
hamper rellef of the strains; i.e., they contribute to the intensive
increase 1n strain-forming distortlons. On the other hand, at high
temperatures, when diffusion 1s greatly accelerated, statlic distor-
tlons are no longer of great significance; the strain distortions

vanich easily and the stress sharply declines. The rise in the in-
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tensity of the diffusion-softening process in copper-aluminum and
copper-zinc alloys also contributes to the loss of bond strength
that occurs in these alloys. But in alloys of the copper-nickel
system the diffusion softening is accelerated to a lesser degree
when the temp?rature rises, owlng to an increase in bond strength
as compared to copper.

The magnitude of the latent strain energy 1n alloys of the
copper-aluminum system indicates the conslderable extent of static
distortions in copper-aluminum alloys and, more lmportantly,
of the strain distortions blocked by them at low reduction tempera-
tures.

The dependence of the quantity of absorbed energy on the con-
centration of aluminum in copper at various degrees of deformation
is shown in Fig. 3, from which it can be seen that far more energy

is absorbed by all the alloys studled than by copper.
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Fig. 3. ILatent strailn energy of copper-
a}uﬁinum alloys. € (%) 1) 15; 2) 20;
3 0.

A greater aluminum concentration, 1n the same way as an in-
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crease in deformation, contributes to an lncrease in the energy
absorbed.

There should be noted the close correspondence between mechani-
cal properties (resistance to deformation) and the latent strain
energy, which 1s expressed by the ldentical nature of the dependence
of these values on the concentration of the alloy (Figs. 3 and 4).
This correspondence shows that the latent energy gives a good indi-
cation of the state of the materlal during deformatlon.

There 1s as yet no exact explanation for the inflexion of the
curves in Figs. 3 and 4 at a concentration of 5% aluminum in the
alloy.

The intensity of the softening in an alloy during deformation
can be Jjudged to a certaln degree by the stabllity of the straln
distortions appearing in the metal during its plastlic deformation.
This stabllity can be determined from the change in the mechanical
properties of the deformed material caused by annealing at various
temperatures. The greater the stabllity of the distortions (i.e.,
the greater the activatlon energy for their removal), the higher the
annealing temperature at which these dlstortions will disappear,
thereby determining the chénge in mechanical properties.

It resulted that the most intensive dlsappearance of strain
hardening resulting from compression at 20° occurred in the case

of copper* in the temperature range 400-450°; in the copper-nickel

* Tt was found that the copper had higher phosphorus content,

which was the reason for its high recrystallilization temperature.
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alloy (10 atom% Ni) at 500-600°; in the copper-zinc alloy (10 atom
% Zn) at 350-450°. If the reductlon 1s carried out at 400°, the
temperature ranges over which recovery occurs will accordingly be
higher, since the most unstable distortions will be removed by the
actual process of deformation. In thils last instance, the tempera-
ture ranges over which the strain distortions disappeared most
intenslvely were for copper 430-500°; for copper-nickel alloys,
550-600°; for copper-zinc alloys 360-450° and for copper-alumlnum
alloys, 380-450°.

Thus the presence of considerable static distortions in copper-
aluminum and copper—zihc alloys does not guarantee the stabillity of
strain dlstortions during annealing. A higher bond energy (copper-
nickel alloys) helps to augnment this stability to a considerably
larger degree.

Let us note that the nature of the influence of various
factors (temperature, strain rate, alloy concentration, characteristics
of the alloying element) on the value of the hardening coefficient,
calculated for 15% deformation, remains essentlally the same as
for the coefficient calculated for € = 30%. But 1s should be pointed
out that the value of the hardening coefficient i1tself also increases
with Increased deformation; i.e., the higher 1s the deformation, the
greater the posltive influence of the admixture on the properties
of the basic component. The latter fact apparently indlicates that
the difference in resistance to deformation in pure metals and
alloys 1s determined to a large degree by the difference in harden-
ing and softening during the processes that accompany plastic de-
formation [12].

Dependence of the compressive strength of copper and its alloys

-348-




on temperatures at varlious rates of deformation. On the basis of
curves showlng the flow of copper and 1ts alloys, familles of curves
were plotted representing the dependence of compressive strength

on the temperature at various rates of deformation at degrees of re-
duction. of -15 and-30[. The curves for copper and its alloys wilth

10 atom % Ni (€ = 30%) are shown in Fig. 5. In the case of a rise
in deformation temperature 1s accompanied by a monotonic drop in
compresslve resistance, the intensity of this drop increasing

sllightly with rise in temperature.
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Fig. 4. True compressive stress of
copper-aluminum alloys. € (%): |
1) 15; 2) 20; 3) 30; 4) 4o.
In the case of alloy, these cruves are of a somewhat different

character; l.e., with a rilse 1n temperature in the intermediate

temperature region a less marked decllne 1s observed 1n stress, and

a sharp fall i1s seen in the high temperature reglon. Curves of this

type are typlcal alloys; they are consolidated by the alloying

admixture, which shifts intensive thermal softenling toward the higher

temperature region. In the case of our alloys the addition of nickel
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to copper which lncreases the bond strength, shifts the region of
an intense drop in stress toward high temperatures (400-459° for
alloy Cu + 15 atom % N1) to a greater extent than aluminum and zinc

(%00° for alloy Cu + 15 atom % Al).
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Fig. 5. Influence of the test tempera-

ture on the strain-forming stresses of

copper and its alloys at varlous reduc-

tion rates (e = 30%).

I) Cu; II) Cu + 10 atom % Ni1; III) Cu
10 atom % Al. Rate (mm/min): 1) vy

0.005; 2) va = 0.05; 3) va = 6.

+
e+

For copper, and also for copper-aluminum and copper-zinc alloys
at temperatures of 400-450° and at relatively low reductlon rates
when stresses are relieved to a considerable degree, an inflection
can be observed in the o - T curves (in this case the intensity of
the decline of stress at high temperatures diminlshes with a rise
in temperature) .

The temperature coefficlent of resistance a = Ac/AT (lowered

resistance to deformation at a temperature increase of 1°) is smaller

for an alloy with a more highly strengthening admixture (nickel)

than in the case of aluminum or zlnc admixtures. For instance, in

-350-




a temperature range from 300 to 400° and at rate v, for the alloys
copper + 10% Ni, copper + 10% Zn, and copper + 10% Al, the tempera-
ture coefficlents are 4.8 + 10 2; 11.8 * 10 >, and 18.0 * 10 = kg/mm"~
degrees respectively.

With a decline in the strain rate, the reglon of the intensilve
decline in stress 1s shifted toward the lower temperatures owing
to the fact that over a longer period of time softening proceeds at
an increased rate. It is clear that recovery will be still more
intensive during creep, and the temperature at which there 1s in-
tensive recovery should in thls case be lower still. With a de-
cline in the reduction rate the temperature coefficients also in-
crease, which indicates more ilntensive recovery in the metal at

lower straln rates.
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Fig. 6. Change in the ratio of straln-form-
ing stresses at 20 and 600° for copper-nickel
alloys at varlous degrees and rates of re-
duction. Rate (mm{min : vy = 0. 005, II)
vea 2 6. € (%): 5%; 2) 15, 3) 30
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Let us consider the influence of the concentration of the
alloying elements on the temperature cocefficlent. For copper-
nlckel alloys an 1lncrease 1n concentration helps to strengthen the
alloy and causes the temperature coefficlent to decline. For
copper-zinc and copper-alumlinum alloys the strengthening effect of
the admixture and the decline in the temperature coefflclient with
increased concentration occur at comparatively low temperatures (up
to 300-400°), and the lower these are, the lower the straln rate.
At high temperatures, the greatef the concentration, the more these
alloys recover. The reason 1s apparently that when the bond energy
is lower than that.of copper, the static distortions resulting from
the alloying process are unalbe to retard the softening involved
in intensive diffusion.

It is of interest to trace the fall in resistance to deforma-
tion through out the whole temperature spread from 20 to 600° that
was studied. In order to describe this process, we selected the
ratio Uao7éeoo°- These data are gilven 1n Table 2 and partly in
Fig. 6. Here the rise in the strengthening effect of the nickel
admixture with the lncrease 1n concentration is quite distinct
(less decline in stresses with a rise in temperature). This ad-
mixture is most effective at low deformation rates where, for in-
stance, at a temperature rise from 20 to 600° the stresses in
copper are reduced to one twelfth, whereas in the alloy copper 10
atom % Ni they drop to only one sixth. In the same manner, nickel 1s
more effective at higher degrees of deformation. Thus whereever the
condltions of deformatlion cause Intensive softening in copper, the
addition of nickel has a very favorable effect since 1t retards the

kinetic processes in the alloys. Additions of alumlnum and zilnc
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TABLE 2

Ratio of Strain-forming Stresses 920° in Ccopper and its Alloys

Os00°

at Varilous Degrees and Rates of Deformation

KouneHTpanua npuMecH, aT. %

CHopocTs Crenenn 5 10 13
pedopmanun neOopbézuun '_' Cu
Cu—Ni Cu—AIICu—Zn Cu—Nij Cu—AlfCu—2Zo| Cu—N{|Cu—Al
5 2,4 2,0 1,8 2,0 1,8 1,5 1,8 1,7 { 2,4
v 15 3,0] 2,5 2,2 2,7 2,1 2,1 2,2 1,9 | 3,0
30 3,7 2,7 2,7 3,4 2,3 3.3 2,6 2,0 | 4,8
] 3,4 2,6 2,4 3,0 2,2 2,5 3.1 2,1 13,3
vy 15 5,2 3,7 | 3,7 5,0 3.0 4,21 4,7 2,6 5,0
30 8,0 4,1 5,6, 7,3 3,4 7,41 6,6 2,9 | 9,1
5 54| 4,1 4,2 5,6 3,0 4,5 6,0 3,2
v 15 8,6 5,9 6,7 2,31 5,0 6,8 9,11 4,8 =
30 12,11 7,7 9,2 112,21 6,2 | 12,1 12,6 | 6,7 —_

produce a different effect. They harden copper and malntaln the

hardness only in cases when the condltilons for intensive softening

are unfavorable, i.e., at high rates and slight degrees of deforma-

tion. But at low rates and high degrees of deformation they soften

in the same way as copper, only more so (in spite of the deforming

stresses in them always being greater than in copper) . Consequently

the reliable alloying elements in solid solutlons are those which

strengthen the interatomic bonds in the lattice. The presence of

large static distortions at a low level of bond energy is not a

guarantee that the alloy will work well at high temperatures the

question of inhomogeneous strengthening 1s not studled here.

Influence of the strain rate on the mechanical properties of

copper and its alloys.

As has been shown above, the rate of coef-

ficlent Z, equal to therelationship between the deforming stresses at

-«

DB




any two rates but at equal degrees of deformation, may serve as a

qualitatlive characteristic of the intensity of the softening process

occuring during deformation. The higher the rate coefflcient and

the higher the sensitlivity of the material to the duration of strain,

the more intensive the deformation, all other conditions belng equal.
The values of the rate coefflcients Z = °v3/°v1 at all tempera-

tures for ¢ = 15% and 30%, were determined for all alloys investi-

gated in our work.

As is clear from Filg. 7, an increase in test temperature causes
a rise in the value Z, which fact fully accords wlith the theory of
hardening and relaxation. However; the intensity with which thils
increase occurs differs with the various alloys. The value Z for
copper-nickel alloys 1s at all temperatures smaller than the cor-
responding values for pure copper. The value of the rate coefficient
for copper-aluminum and copper-zinc alloys i1s only smaller than
for pure copper at low temperatures (up to 300-400°). At high
temperatures the picture is reversed due to the intensity with which
the value Z for the alloys increases in comparison to value Z for I
copper.,

Thls relationship between the rate coefficlients for pure ’ !
copper and for the copper-aluminum and copper-zinc alloys 1lndlcates
1n all probability greater intensity of softening at high tempera-
tures in alloys as compared to copper, and 1s especially by com-
parison with copper-nickel alloys. The observed reduction of the effect
produced by alloying copper with aluminum and zlinc under conditions
of deformation favorableto the relaxation (high temperature, low rate,

and high degree of deformation) 1s therefore natural,
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As an example, the dependence of the rate coefflclent Z on the
alloy concentration at a reduction tempe:.;ature of 400° is shown (}
in Fig. 8. From Fig. 8 1t can be seen that with more nickel in an
alloy (in our case up to 15%), this coeffilcient declines, whereas
a greater aluminum and zinc content results in a higher coeffilcient.
This behavior of the curves 1s not difficulft to understand, if 1t 1is
*recalled that the addltion of nickel to copper increases the bonds
in the lattice and that the adding of aluminum and zinc weakens
them., At high deformation temperatures, thls should have an effect
upon the intensity of the softening process to a significant degree.

Of interest 1s the colncildence of the contour of the curves
relating to the change 1in the rate coefficient Z and the relative
temperature coefficlent B = Ao/0iAT with the change 1n the concen-
tration of the alloy, as shown in Fig. 8, for € = 30%, T = 400° and
rate vy. The qualitative correspondence of these two characteristlces
was earller observed in the case of pure metals [12]. Thls indicates
that the same process -~ relaxation underlles the influence of both
the temperature and the straln rate on mechanical properties.
Nevertheless, the difference 1n the nature of the influence of these
two factors should not be forgotten. Hence 1t would be wrong to
expect this correspondence under any conditions of deformation what-
ever. From the results of our work this correspondence can be ob-
served whenever the nature of the changes 1in stress resulting from

higher temperatures 1s the same for different rates of deformation.

Concluslons

1. The study of the mechanical properties of copper and its

nickel, aluminum, and zinc alloys in the fleld of solid solutions
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has shown the full applicabllity to alloys as well as pure methods
of the theory of hardening and relaxation over a broad range of
temperatures and rates of deformation.

2. When the temperatures are lower than the temperature of re-
crystallization and when the straln rates are not too low, the alloy-
ing of copper with nickel, aluminum, and zlnc results in a decrease
in the sensltivity of the alloys to temperature changes and changes
in the strain rates (lower rate and temperature coefficients than
in copper) .

3. A qualitative relatlionshlp exists within the same tempera-
ture ranges between the rate and temperature coefficlents, as well
as the hardenlng coeffliclents of alloys. The reason for this re-
lationshlp is that the dependence of mechanical properties on rate
and temperature are conditioned by relaxation processes.

4, At high temperatures and very low straln rates the change
1n the bonds of the lattice durlng alloying becomes conslderable.

The admlxture renders the alloy more stable 1f 1t lncreases the bond
strength.

The same alloylng element can bring about a very considerable
Improvement in mechanical propefties an and 1ncrease in the stabllity
of alloys with respect to a rise 1n temperature and a fall 1n the
straln rate, at certain temperatures and straln rates, whereas at
higher temperatures and lower straln rates hardenling effect 1s
slight.

5. The results obtalned are in conformlty wlth the known postu-
late, according to which static distortions in the lattice play a
considerable part in.the change of properties resulting from alloy-

ing when temperatures are not high, whereas at higher temperatures it
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is the bond in the lattice which are of baslc i1lmportance.

6. There 1s an analogy between the changes in meéhanical prop-
ertles due to alloylng or to change in temperature, as well as the
change 1n the rate of deformation for such high-meltlng alloys as
copper-base alloys, and the laws governing low-melting lead-base
alloys. Thus the laws of behavior dilscovered are common to ail

solid solutlions.
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STUDY OF THE BEHAVIOR OF NICKEL AND THE SOLID SOLUTIONS
OF TITANIUM IN NICKEL UNDER HIGH-TEMPERATURE CONDITIONS AT LOW
STRATN RATES

V. M. Rosenberg

The dependence of the durabllity of a material on temperature
and stress within a time interval of 9 to 10 orders of magnitude
(from fractions of a second to hundreds of hours) was established
by Zhurkov and others [1-3] for a large variety of materials, such
as plastics, stratified crystals, and metals.

In these publlications 1t was demonstrated that the relatlon-
ship between the durability (time to fallure) and the amount of ap-

plied stress could be expressed by

T = A", ( 1)

where 7 1s the time to rupture;

0 1ls the appllied stress;

A and a are certaln constants which depend on the temperature and on
the materilal.

A study of the heat resistance of nlckel and of the solild
solutions of titanlum in nickel [4] has established that the above
relationship 1s true (although for a consilderably shorter period of
time) for solid solutlons. In publlcation [2] it was noted that the
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dependence on stress of the time to fallure 1s a particular instance
of a more general rule, since the extreme conditions (o— O or T— 0) ‘)
have no physical meaning.
In the present paper the results of tests on nickel and solid
solutlions of titanium in nickel conducted within the temperature
range of 400 to 1100° are described.
Data on the chemical composition and on the condltions of heat
treatment of the materlals tested are glven in Table 1. The tests
for long-time é%rength were conducted in a "Shopper" or MP-3 tensile-

testing machine using DP-5 standard specimens.

Study of the Long-Time Strength of Solld

Solutions

The results of tests conducted at 900, 1000, and 1100° are
glven in Fig. 1; sets of l1sotherms for each material tested are glven
in Flg. 2. For preparation of the dlagram we also used data from
tests we had conducted earlier at 600-800°.

As seen from these figures, the relation between the time
fallure and the 1nitlally applied stress at constant temperature 1s
satlsfactorily depicted by Eq. 1, and, moreover, the angle of slope
of the experimental straight lines depends on both the test tempera-
ture (Flg. 2) and the composition of the solid solutions (see Fig. 1).

The higher the test temperature, the lower along the stress
axls the experimental curve for a given alloy 1s situated. It may
be seen when individual alloys are compared that at 600-800° [4] as
well as at higher temperatures the solid solutlons alloyed with ti-

tanium and chromium,. (1.e., those with higher strength characteristics
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Fig. 1. Dependence of the change in time
fallure on the applled stress and on the
composition of the solid solutlion at 900,
1100, and 1100°. 1) Ni; 2) Ni + 3.6% Ti;
3) N1 + 6.3% Ti; 4) Ni + 20% Cr + 3.2% Ti.
of the interatomic bonds possess higher heat resistance.

The results obtained confirm the conclusion reached in [4],
that the interatomic bonds are of decilsive importance for the alloys
resistance to failure at high temperatures. However, the differences
between solld solutlons diminish under the stresses causing rupture
in the long run, desplite the fact that at a given temperature the
binding forces in solid solutlons remailn unchanged with time. This
is expressed by the convergence of the straight lines with variatlons

in temperature and composition. The slope of the experimental

straight lines towards the time axis may be defined by the value of
Ao

ATin
expression (1).

the ratilo , 1.e., by the reciprocal of the parameter a in

The fact that the straight lilnes converge when test tempera-
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Fig. 2. Dependence of the time fallure on
the applied stress and on the test tempera-
ture. a) Ni; b) Ni alloy with 3.6% Ti

c) Ni alloy with 6.2% Ti.

tures are raised was established 1n [4]. It was linked to the
leveling out of the difference in diffusion mobility of the atoms

wlth an increase in temperature for nickel and its solld solutilons,
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provided that a considerable part of the total deformation was con-
tributed by the diffusion mechanism.

The increased diffusion mobllity of the atoms 1n the crystal
lattice of solld solution as compared to the mobility in nickel can
result either from the static distortlons in them caused by the
dissolution of forelgn atoms (titanium) [5], or from a more rapid
decrease of the interatomlc bond strength with a temperature lncrease
In so0lild solutions than 1n pure nickel. It 1is posslible that thils
phenomenon 1s caused by both the flrst and second factors.

It can be seen (see Flg. 1-2), when the behavior of each material
at different test temperatures is compared, that the higher the
temperature, the less the straight lines linking the logarithm of
time to fallure with the applied stress lnclines towards the time
axls. Thls means that equal changes 1n stress at dlfferent tempera-
tures cause greater changes in the time to failure as the test
temperatures progressively Ilncrease. At high temperatures, slight
change 1n the applied strew s causes a considerable change in the time
to fallure. This 1s not altogether common. In thls connection we
should take a closer look at the results of publications [1, 3],
in which it 1s shown that an lncrease 1n the test temperature causes
an lncrease 1n the angle of slope between the time axis and the
stralght line In T = ¢ (o). The angle of slope i1s insignificant at
room temperature. Consequently a slight change in the applied stress
(a change not greater than the spread of values in the normal mechani-
cal tests) causes a very conslderable change in the time fallure.

For thils particular reason, the rupture stress assumes the nature of
a critilcal value at room temperature. The lncrease in the angle of

slope between the time axis and the straight lines with the increase
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in the test temperature permits us to throw more light on the tem-
porary nature of the strength of the material.

The results obtalned by us show that the angle of slope of the
straight line 1n 7 = ¢ (o) first changes in the same manner as for
platinum and aluminum [3] (the slope of the straight line toward
the time axls in the case of nlckel 1s greater at 500° than at 400°,
whereas for solld solutlons 1t 1s greater at 700 than 600°) and then
decreases; 1l.e., with the higher temperature 1t begins to take the
direction opposite to that in the case of platinum and aluminum.
This can be seen from the data presented in Table 2.

An understanding of thils difference should be sought in the
fact that the temperature conditions of our tests differed substan-
tially from those used in the research [1-3]. The tests on nickel and
nickel-base solild solutions were conducted in our case at tempera-
tures closer to the melting point than those used in the tests on
aluminum and platinum. The mechanlism of deformation may be essen-
tlally changed at relatively high temperatures.

Without going into the detalls of the rupture mechanism for
lack of sufficlent experlmental data, we may only indicate that in
cases where the slope of the stralght lines In T =¢ (0 ) becomes
greater wilth an increase 1n temperature, there occurs some one cer-
taln baslic process, the development of whilch 1s accelerated under
load wilth the increase in temperature. At stlll higher temperatures
when the slope of the straight lines diminishes with the lncrease in
temperature, an other basic process comes into play that even may
suppress the influence of the first process. If 1t is assumed that
at lower temperatures the temporary nature of the strength of a

material is linked with the development of submicroscopic cracks it
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TABLE 2

Varlation 1ln Angle Isotope a Toward the Time Axls for a Number

of Materlals

Temueparypa, Al3) Pt 3) N Ni43.6% T1 NI+ 8,2% T1
18 0,7 0,54 — — - .
100 0,96 — —_ — -
200 1,04 — —_ — _

. 300 1,16 1,9 - - —
400 — 2,8 1,60 —_ _
500 - - 3,6 2,80 - —

. 600 - = - 2,10 3,75 3,80
700 — — 1,60 4,55 5,9
800 = = 1,10 2,50 3,85
900 — — 0,95 1,80 1,7

1000 - — 0,80 1,00 1,8
1100 = = 0,70 0,70 0,70

can be presumed that this development 1s suppressed by the plastic
deformation and the 1increased diffusion mobllity of the atoms in the
crystal lattice of the tested materlal with the Increased diffusion

mobllity of the atoms 1n the crystal lattlice of the tested material

with the increase in temperature. The two processes may even result
in partial healing of the submicroscoplc cracks. It should be noted
in this connectlon that B. Ya. Plnes [6], examining the theoretical
aspect of the growth of the "embryonic" cracks conditiloning tough-

ness 1n metals, came to the concluslion that the mechanism of rupture
through the growth of submicroscoplc cracks 1s disturbed at high
temperatures, when there 1s a considerable increase in the rate of

selfdiffusion. Brittle fractures do not occur at this stage, elther.
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Structural Changes in Nickel and in Solld Solutiors of Titanium

in Nickel at Tehperatures of 700 and 900°. }

To verlfy the assumptlon that the tendency of nlckel and 1ts
solid solutions to approach one another 1n heat resistance with an
increase in temperature and a decrease in stress is caused by the
change 1n the mechanism of deformation, a study was made of the
changes 1n theilr structure during tenslle tests. The load selected
for the tests was such that the fracture occurred either within a few
hours or in a few days.

The tensille test was carried out 1n a vacuum chamber of the
same type as the one described 1n [7]. Prior to testing, the flat
specimens were electrolytlcally pollished and etched to reveal the
graln boundarles. The x-ray camera was focused on Interference lilne
(420) and the photographs were taken with copper radiation.

Let us present here the more typlcal changes 1n structure that
are characteristic of the tested materlals and note the qualitative
differences that occurred at different strain rates.*

As an example of rapld deformation (rupture within several
hours), we will consider a specimen of nickel (tenslle stress of

5.2 kg/mm? at 700°. Figure 3 shows photographs obtained at diffe-

rent stages of tension from which it is clear that deformation of
the specimen 1s malnly due to slip. The specimen ruptured affer
35% elongation in 1 1/, hours.

Figure 4 1s a photograph of a specimen of a solid solution

(6.3% Ti) elongated at 700° under a tensile stress of 8 kg/mm=.

* The experiments were performed wlth the participation of

L. V. Gradova.
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Flg. 3. Microstructure of nickel specimen

X 200. a) before deformation; b) after
10.7% deformation; c) after 35% deformation.

The fracture occurred after 2 1/2 hours. Here, too, the deformation
was caused by slip. =

- X-ray photographs of undeformed and stretched speclmens show
different patterns. The first shows relative perfection of the
original grains. The fact that the K; doublet 1s not divided 1ndi-
cates that any possible disorlentation of the grains prior to the
deformation does not exceed 40 min. The diffraction pattern 1s

changed when deformed materilal 1s photographed. It appears in the
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form of arcs representing sections of the Debye rings with maxima

at points corresponding to the original interference spots (Fig. 5).
This should be connected with the division of the original grains in-
to sectlons or fragments by the slip planes, and with a certailn

degree of rotation of these sectlions relative to one ancther.

Fig. 4. Microstructure of nickel alloy with
6.3% Ti. x200. 18% deformation.

The changes in the miérostructure during deformatlion under a
stress that causes rupture in a few days differ from those occurring
during rapld deformation and do not basically depend on the stress
temperatures selected 1n this work. Filgure 6 shows an example of the
microstructure .of a nickel specimen contalning 6.3% T1i after 4% de-
formation and with failure following 14.5% elongation after 30 hours
at 900° and with a 2 kg/mm2 stress. The microstructure in thils case
differs from the microstructure occuring when the strain rate 1ls rel-

atively high. New boundaries can be observed 1nside the grain wilth-
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Flg. 5. X-ray photographs of a nickel

specimen at different stages of deforma-

tion at 700° and a tenslle stress of 5.2

kg/mm2, Radiation copper, line (420).

Deformation: a) 10.7; b) 29%; c) 35%.
in the 1limits of the o0ld grains. Subboundariles appear in grains 1n
which intensive slip has occurred, as well as in grains in which no
slip has been observed (Fig. 6b).

Figures 7 a, b, ¢, and 4 show x-ray photographs from which it

can be seen that the appearance of the Ka doublet, and the division

of the initial spot into a number of smaller spots forming an arc are
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Fig. 6. Microstructure of Ni-specimen with

6.3% T1i. X 200.

Deformation: a) 4%; b) 14.5% after 30 hours.
due to straln. This means that the initlal grain has disintegrated
Into a number 08 separate smaller fragments whose orlentation in
relation to the 1nitlal grailn has slightly changed. This fragmen-

tation of the grains appears to be a special case of polygonization

occurlng through the simultaneous effect of temperature and stress.
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Fig. 7. X-ray photographs of specimens of a solid solution
of (6.3%) in nickel at different stages of deformation at
900° and with a tensile stress of 2 kg/mm2. Radlation-copper
line (420). a) initial state deformation: b) 4%; c) 10%;
d) 114.5%.
Graln fragmentation should lead to an increase 1n the overall
diffusion mobllity of atoms inside the grain, since the number of
shear planes 1inside the graln grows larger 1in the process. This,
in turn, must necessarlly lead to the lncreased effect of the dif-
fusion mechanism of creep on the total deformation. This may ex-
plain the tendency of the values of time to fallure in nickel and

solld solutions of titanium 1n nickel to converge at temperature in-

creases.

Conclusions

1) The greater the strength of the interatomic bonds 1n the
crystal lattice of the metal, the greater the time to fallure of
nickel and 1ts solid solutions, up to temperatures 0.75 or 0.8 of
the melting point. At higher temperatures the long-time strength
of the metals becomes ldentical. At high temperatures the slope of
the llnes linking the logarithm of the time to fallure and the de-
gree of the applled stress in the direction of the time axis 1s less.

2) In slow deformation under conditions of high temperature

=)
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fragmentation of the gralns occurs in addition to slip. This frag-
mentation leads to an 1ncrease 1n the diffusion mobllity of the atoms
in the graln since the number of internal shear planes 1s thereby
Increased. This narrowing of the gap between the values of the time
to fallure for nickel and solld solutions of titanium in nickel
under tension and at high temperatures and under relatively slight
stress can be explained by the fact that durlng prolonged tests

the diffussion procesgses of plastlcity come into play.
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DEFORMATION MECHANISM OF SINGLE CRYSTALS OF ALUMINUM AT
VARYING TEST TEMPERATURES

L. I. Vasiltyev, Tsen Ling-Chao, and Yang Ta-Yu

Ludwik [1], and later Hoolomon and Zener [2], claimed that 1in
the plastic deformation of metals the stress was a single-valued
function of the instantaneous values of the degrees of deformation,
the rate of deformation, and the test temperature. The exlstence

of a mechanical equatilion of state
a.== /'(3, v, T)l

where o 1s the deforming stress;

€ 1s the degree of deformation;

v = € 1s the straln rate;

T 1s the test temperature,
was thereby postulated.

The existence of a mechanical equation of state means that at
a given value of € o 1s not dependent on the temperature and rate of
the prior deformation of a metal. This is shown schematically in
Fg. 1.

Dorn, Goldberg, and Tietz [3] critized Hollomon'!s experiments
on the deformation of steel at different test temperatures, which

he put forward as evldence of the exlstence of a mechanical equatlon
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of state. The tests conducted by these authors [3] by varying the
test temperature during stress and the experiments performed by one

of the authors and his assistants [4] at varied rates of plastic
elongatlion with polycrystals of alumlnum, copper, tin, brass and
stailnless steel refuted the mechanlical equation of state. Similar
results were obtailned by Paterson [5], who varied the test temperature
from minus 180° to room temperature and vice versa in testing the
plastic torslon of polyerystalline copper. F. F. Vitman, N. A.
Zlatin, and B. S. Ioffe [6], 1n studylng the dependence of strain
resistance on the straln rate 1n polycrystallline lead, alumlnum,
copper, duralumlin, and soft steel by the cone indentation method, came
to the conclusion that over a wlde range of straln deformatlon rates
this dependence 18 not uniform. Wyatt [7], who studled creep in
copper 1n tests wherein there was no instantaneous lncrease in

stress, and Cottrell [8] note that the mechanilcal equation of state

1s not fulfillled 1n creep elther, excluding cases of very slight
deformation and comparatively low temperatures when the dependence

of deformation on time approaches the logarithmic dependence.

Rosl and Mathewson [9] experimented with extremely pure single
crystals of aluminum, producing plastic elongation at various
temperatures. They found that the flow curve at 205°K for specimens
elongated before hand by 0.22% drops even lower at 295°K than the
flow curve of specimens deformed only at 205°K (Flg. 2a). Brown [10]
cites data obtained by Los [11] when also studying the influence of
the test-temﬁerature change (from -180 to 20° and conversely on the
flow curve of aluminum single crystals. The results are shown
diagramatically in Fig. 2 b, and c¢. Thus the experiments with slngle

erystals of aluminum, like those with metalllc polycrystals, confirm
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Fig. 1. Influence of variation in test tempera-
ture. a) and rate; b) in a case when a mechanical
equatlon of state exists.
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Fig. 2. Influence of varlation in test temperature on
elongation curves of aluminum. Single crystals. _
Data: a) obtalned by Rosi and Mathewson [9]; b and c)

by Brown [10].

()

ef

[r0g]

Fig. 3. Initial orienta-
tion of the axls of speci-
{ mens under load.

-
iy

'l?rﬂr Lgﬂ :
i ity ";,z dy
{ it iy
0 i i

1| !
i |
i 1
a o

Fig. 4. Elongation curves of
single aluminum crystals.
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the invalidity of the mechanlical equatlon of state. The question

arises as to why the equation of state 1s not fulfilled. One ex-

planation 1s that the difference 1n the conditions of the prlior strailn

(rate, test temperature correspondingly stress) causes a difference
in the number and variety of the straln distortions of the lattice
on which hardening and other changes in the properties of metals
depend [4, 12]. By the term "variety of distortions" we understand
here the whole complex of distortions or thelr groups (dislocations
or other types), differing under gilven conditlons in stabllity, the
nature of thelr volumetric distribution in a metal and thelr capacilty
fﬁr relocation, the effectiveness of thelr retardling effect on
further deformation, etc. However, a more accurate knowledge of the
Influence of prilor strain conditions requires a more detalled and
complete study of the influence of these conditlons on the state
and mechanlsm of subsequent deformation.

In the present publlicatlon we are considering only one de-
formation parameter the test temperature. The purpose of this
work was to study by metallographlc methods and by electron micro-
scopy the structural features and mechanism of deformation 1n
single aluminum crystals with variation 1in temperature before and
after elongatlon. The degree of correlation between the change 1n
the mechanical propertles of crystals in deformation and their
structure and contours (the mechanism of plastic deformation) was

also clarified.

Specimens and Test Condlitions

Aluminum of a high degree of purity (99.99%) was used. Single
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crystals of aluminum were grown by gradual crystallization, and
specimens 15 X 4 x 1 mm were out from thep. In order to be albe

to compare all observations of plastic deformation on the surfaces

of different specimens, all of the single crystals were prepared with
the same orientatlion, as shown in Fig. 3, in which the point P
corresponds to the directlon of the axls of the specimens (the di-
rection of stress).

Before deformation the specimens were subjected to electrolytic
polishing by the customary method. In vliew of the fact that after
electropollishing cross sections of the speclmen were no longer iden-
tlcal throughout 1ts length, the deformation under load might not
have been complefely uniform, with the result that the overall elonga-
tion m;ght not have corresponded exactly to the deformation in its
separate sectlons. In order to determline the precise extent of
deformation at close intervals along the length of the specimen's
surface. The distance between two adjacent marks served as a measure
for calculating the deformatlion of the section between them. This
dilstance was about 1.2 mm and was approxlmately equal to the llnear
dimensions of the part of the surface covered by one micrograph
at 20. An enlargement of 450 was used for a more accurate study
of slip bands and deformation zones., Moreover, an electron-micro-
scoplc examination was made, with the use of oxide replicas and
chrome shading.

The speclmens were tested under tension either at constant
temperatures (20, -80, -180°) or under conditlions where the tempera-
ture of the preliminary elongation (-180, -80, +20°) differed from
those of the subsequent testing (+80, +20, -80, -180°). 1In the

latter case, each specimen scheduled to be subjected to tension a
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second time was soaked for a certain period (about 5 min.) in a
container of fresh heating (or cooling) liquid before deformation in ‘:}
order to keep the temperature.constant. The elongation rate was
0.16 mm/sec, and the degree of prior strain was 10%.
The single crystals used to study the kinetics of thelr
plastic deformatlon were extended directly on the mlcroscope stage

by means of a speclal devlce.

Baglc Rellef Patterns

The curves oa;bjc;d; and oazbscpds 1n Fig. 4, represent
schematicall& the elongatlion curves of single aluminum crystals at
the temperature of lliquld air and at room temperature, respectively.
The letters a, b, ¢, and d mark the polnts at which there 1s 10,
11, 20 and 50% deformation. The indexes 1 and 2 indlicate the test
temperatures -180 (Ty = 180, T = 20°). The curve oazbzicziday 1s
for the extenslon of a single crystal, initlally by 10% at 20° and
then, additionally, by 1, 10 and 40% at -180°. Similarly, the
curve oajbjyscipodys reproduces dlagramatically the elongation by 10%
at -180° and furhter elongation again by 1, 10, and %40% at 20°.

Flgure 5 shows mlcrographs of the surface of slngle aluminum
crystals at different stages of deformation represented by the
points on the curves in Fig. 4. The photographs as, by, cy, dj
present a typical deformation pattern for aluminum single cyrstals
at a low temperature. The sllp traces (bands) are very thin. The
deformation bands developing wlth the elongation of the speclmen are
clearly visible. The photographs az, bz, cz, dz showlng dlstinct,
borad, straight slip bands are characterlstic of deformation at

room temperature. Photographs a; and ap of the two series consldered ‘zi

-380-




T,\

W

represent speciméns extended to a fairly high degree of plastic
deformation (10%) . The deformation bands and the slip traces (bands)
are already well developed at thils stage of deformatlion, and under
further extension (up to 50%) no substantial changes in the deforma-
tion pattern are observed. It may be noted that at more advaaced
stages of extension (dp) nelghboring slip bands frequently cross,
whereas 1n az this 1s almost nonexistent.

The series of photographs bz, c21 and dp; (Fig. 5) shows the
pattern of single crystals extended by 1, 10 and 40% respectively,
at -180p, after a prior deformation of 10% at 20°. The slip bands in
photograph bpy differ little from those in photographs bz, showing
11% extension of the crystal at room tempefature. The deformation
pattern 1n cz, slightly resembles the pattern at a low temperature;
thin, uneven slip lines have appeared and the deformatlion bands are
growing {in some sections of the crystals these are comparable to
the bands appearing in cy, 1.e., at T = 180° and € = 20%) . At the
next stage of deformation (d24) the pattern shows the superposition-
ing of the deformation bands and thin slip lines appearing at room
temperature. Although thils pattern (dz;) resembles d,, 1t 1s
actually different.

The typical breaks (biz,cizs; diz) in the slip bands are a
characteristic feature of deformation at room temperature after low-
temperature preliminary deformation. It 1s of lnterest that dis-
tinctlive slip lines with breaks even appear at the earller stages of
the secondary deformation. A crystal which has been extended by 10%
at 180° has only to be extended an additional 1% at 20° for these
slip bands to appear on the surface (bjiz). The number of slip bands

increases under further tension (ci2, diz). The newly-appeared slip

_381_




bands also have breaks in them. In a number of cases, the slip
bands appear to fork near the breaks. Although the deformatilon
patterns dy» and dp are similar, there is however a difference to 1t,
in the former case, the sllip bands with breaks are more frequent,
the breaks are more distinct and the bands are thicker.

The pattern in photograph b;p, differs appreclably from that
in photograph by. At the same time, as pointed out above, the
patterns 1n the case of by; and by resemble one another closely.
This leads us to belleve that the influence of low temperature on
further strain at room temperature 1s greater than the influence of
the high-temperature deformation on subsequent low=temperature elon-
gation. However, the screening effect of the pattern of prior de-
formation on the progress of the deformation during subsequent ex-
tension should be borne in mind in considering thils fact. This 1s
particularly true of the transition from high-temperature prestrailn
to subsequent low-temperature extenslon since, in thils case, the
low-temperature pattern (thin sllip lines) emerges on top of a com-
paratively coarse high-temperature pattern (broad slip bands) which
obscures the plcture. Hence, the 1influence of the prior deformation
does not appear in its true form. In the case of low-~-temperature

prestralin this fact 1s not significant.

Influence of Electrolytic Pollshing after Prestraln

In order to observe the influence of prior straln on the de-
velopment of subsequent deformation in 1ts true form, the preliminary
pattern deformation was removed by electropolishing before the

second extenslon. The thickness of the removed layer measured about
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100 microns, polished so that the surface of the specimen viewed
through a microscope was smooth. The electropolishing lasted 5
minutes. The overall time interval between the preliminary and
secondary tensile test, including the electropolishing, was about
20 minutes. Since the electroéolishing was carrlied out at a tempera-
ture slightly above room temperature, the fact had to be taken into
account that in spite of the briefness of the time interval, relaxa-
tion might have occurred to some extent in the specimens. If re-
laxation were nearly complete after 10% deformation, in the subse-
quent tensile test the deformation would clearly approximate that
observed in the case of deformatlion of the original crystal, experience
shows that thilis does not occur. Thus, the pattern on a crystal
extended by 10% at -180°, electropolished, and agaln extended by
10% at 180° (Fig. 6 c'y) differs from that of a crystal subjected
to one extension of 10% at 180° (Fig. 5 a;). The number of de-
formation bands 1s appreclably hlgher 1in the case of the former
operation. Consequently, even in the most unfavorable case, when
prior extension was carried out at-180°, relaxation during the in-
terval before the secondary extension does not ellminate the
effect of the preliminary deformatlon but merely dlminishes 1t to
some extent. Thilis was confirmed by other data. In the case of
high-temperature prestrain, the influence of the Ilntervenlng re-
laxation will naturally stlll be less. On the basls of the above
we considered 1t advisable to use electropolishing to remove re-
llef pattern of the prestrailn.

Figure 6 reproduces photographs depicting the development of
secondary straln for specimens in which the pattern formed by

prior deformation was removed by electropolishing.
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Photographs bt'y, cty, d'; illustrate a case where after 10%
prior deformation at -180° and electropolishing (EP) the crystals
were further extended at -180° by 1, 10, and 40% respectively.

The test conditilons for the seriles by, c¢t'y, d!, were the same, but
the preliminary and secondary tenslle tests were carried out at

20°. The development of deformation on further extension by 1,

10, and 40% at -180° after 10% prior deformation at 20° and electro-
polishing 1s shown 1n photographs b'!'s;, c!'s; and d!y;. For the
serles b'yp, cly,, and dty, the preliminary 10% extension was done
at -180° and further extension by 1, 20, and 40% was respectively
performed at 20°.

The simllarity of the corresponding mlcrographs in the series
bl'sy, cts3, dtsy and bty, cty, dty, which increases as the secon-
dary extension is lncreased as might have been expected, is more
considerable than 1n the series by;, €1, dzp and by, ci1, dg
(Fig. 5), the overall picture in the latter case being obscured
by the pattern of prestrain. Nevertheless, there 1ls stlll a dif-
ference between cty; and cty and especlally between bly; and bt,
(for example, in the number and degree of development of the de-
formation bands) which 1s much less noticeable between dt!y; and
dr, .

A comparlson of the other two series of photographs, bly, cty,
dty, and bly5, ctyo, d';-, shows that the features in the deforma-~
tlon of crystals subJected to low-temperature prestrain (-180°)
are the same as when there 1s no intermediate electropolishing
(Fig.5). These features are the presence of numerous breaks
in the slipbands, greater clarity of the lines and greater distance

between adjacent bands as compared with the slip bands deformed
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at room temperature only. In thils respect the pattern of the
serles bty,, Cl'3p, dly- 1n comparison with blp, c'z, and dfp
appears more of a "high-temperature" pattern.

The examination also shows that the photographs of series
btyn, c¥35, d'y- resemble the corresponding photographs of seriles
bty, ctz, dl, somewhat more than those of serles byp, c12, diz
resemble the one in series bp, cz, dz. Thls is natural and 1s due
to possible partlal relaxatlon during electropollshing of the
specimens preliminarily deformed at -180°.

Thus comparative metallographlic study of the straln mechanlsm
shows that even if the influence of prior deformation as a result
of relaxation during electropolishing l1ls very slight, the effect
of prestrain is clear, belng especlally noticeable 1in specimens
deformed at 20° after a preliminary low-temperature deformation
(-180°) . The influence of high-temperature (20°) prestrain with
subsequent low-temperature extension (-180°) 1s farily noticeable

although less characteristic.

Influence of other Temperatures. Structure of Breaks

in Slip Bands

It was polnted out above that the occurrence of clearly-marked
8lip bands with characterlstic breaks 1s a dilstinctive feature
of the rellef pattern of single crystals extended first at -180°
and subsequently at 20°. It became evident that this development
is of a general nature and also occurs durlng the transition from
other low test temperatures (not only from -180 ) to other high
temperatures (not only to + 20°).

Some of the data obtained from these test are glven 1n Fig. 7.
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Fig. 7. Micrographs of the surface of single
aluminum crystals at different stages of de-
formation. X 450.

The micrograph cis represents transition from test tempera-
ture -180° to temperature -80°, ciz from -180 to + 20°, ci4 from
-180 to + 80°, caps from -80 to + 80°, and ca relates to the con-
stant test temperature -80°. The degrees of the primary and sec-

dary extensions was kept the same (10%) in all cases. Thus the
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totél deformation of‘the single crystals améunted to 20%.*

It can be seen (cia, Ciz2, Ci4s Cazs Cas) that at the transi-
tion from low elongation temperatures to higher temperatures dis-
tinct breaks in the slip bands can always be seen. Thisgﬁ;lies
in particular to transition from-180 to -80°, i.e., to a compara-
tively low temperature. The higher the temperature of the secondary
deformation after prilor deformation at the same temperature, the

more frequently do we find broken lines.

The same trend 1s apparent as the temperature of the preliminary

* The numbers on the micrographs 1ln Fig. 7 correspond to the

numbering of the test temperatwes: Ty = 180°, Tz = + 20°, T,

= 80°, T4 = + 80°; the letter c corresponds as before (Fig. L) to
20% deformation.
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elongation decreases when the temperature of the secondary extension
is unchanged. This may be observed, for 1nstance, 1f cji4 1s com-
pared with cay (Fig. 7). The greatest effect is observed in transi-
tion from the lowest to the highest test temperature (Fig. 7 ci4).
Elongation at -80° without any further change in temperature
does not result in noticeable slip bands with breaks (Fig. 7 ca)
as 1n the test at -180°. The presence of clearer slip bands and
less developed deformation bands are features of cs not found
in ¢;. When comparling cya wilith c3, we notice that the pattern in
Ci1a, has, on the one hand, more of a "low-temperature look" (de-
formation bands are developed). This is natural because of the
prior deformation at -180°. On the other hand, and this 1s of
greater interest, the pattern in this case has also more of a
"high-temperature look" (distinct "high-temperature" slip bands
with breaks) .
An electron microscope was used for a more accurate study of
the sllp bands with breaks and some of the micrographs taken are
reproduced in Fig. 8-12. Figures 8 and 9 show extenslon ¢ = 11%
at T = 20°; Fig. 10, € = 10% at T = -180° with subsequent elonga-
tion by 11% at T = 20°3 Fig. 11, € = 10% at T = -180° wilth subse-
quent exterior by 40% at T = 20°; Figure 12, ¢ ='50% at T = 20°.
The break in the slip band in Flg. 8 represents a typlcal cross
slip. In other cases, however,(Fig. 10 a, b, d and Fig. 11 and 12)
the "bridges", which are places where the breaks in the slip bands
occur are more complex in structure. Occaslonally (Fig. 11 a and 1,
they appear as miniature faults. In other cases (Flg. 10 a and b),
and this also applies to certain optical observatlons (Fig. 63 b'yz),
the"bridge” glves the impression of consisting of a bundle of thin
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8lip lines lying close together, parallel to the slip bands.
FPigure 9 shows an exceptional stage at which the slip bands are
spreading in parallel fashion and apparently toward one another,
and at which the "bridges"™ between them have not formed (or have
not yet formed). A similar development is to be observed in Fig.
10, b and c.

Discussion of Reéults

1. The results obtalned testlify to the substantial influence
of the temperature of prlor plastlc extension on the surface relief
pattern of aluminum crystals subJected to subsequent extension at
a different temperature. The surface pattern of such single crystals
differs from that of single crystals deformed only at the.latter

temperature. Consequently, not only from the point of view of

-391-~




flow stress but also of structure, the state of single crystals
1s not a single-value functlon of the test temperature at a given
instant, but depends on the temperature of the prior strain.

The difference in the patterns described abo%e, all other
conditions being equal, increases at smaller and decreases at higher
degrees of secondary extension (Figs. 5 and 6). This 1s also true
in the case of stress-straln curves, some of whlch are for a con-
stant test temperature (20 or -180°), whereas others relate to
extension at the same temperature but after transition from some
other temperature (-180 or 20°) (Fig. 2, b and @§. In this respect
1t i1s possible to speak of a qualitative correspondence between
the mechanical properties (flow stress) and the structure of the
deformed single crystals (relief pattern). This correspondence is
natural, inasmuch as both the change 1n stress and the change 1in
pattern are in the filnal analysls, separate manlfestations of the
single process of a change of state in the lattice during deforma-
tion.

2. The effect of the prestrain temperature on the pattern
during subsequent extension can be explained by a strengthenlng of
the slip planes through dislocations of the lattice occurring in
plastic deformation and by other condltions under which recovery
takes place. It 1s known [10, 13-15] that at low test temperatures
there 1s scarcely any locallization of the strain in the form of
broad slip bands which can be seen at higher temperatures (e.g.,
‘room temperature), and that the slip thus occurs through the body
of the crystal, uniformly in the first approximatlon in the form
of thin (up to ~ 200 A) slip lines with slight dislocation, which

may reach 10-10A in aluminum [16]. This is also seen from the
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data for the extension at -180° (Figs. 5 and 6). It may be

assumed [10, 17] that the strong hardening at the affected slip

planes is the reason preventing the transformation of the slip

lines at low temperature into slip bands at those "weakened" places

in the crystal where they might have formed at a higher temperature.
The processes of recovery are lntensified during the transi-

tion from low-temperature deformation to extension at a compara-

tively hilgh temperature: th? toughening distortions of the lattice,

ff‘

- unstable at the new temperature, disappear and redlistribute them-
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selves or become less effective. As a result, the slip bands de-
velop rapldly at corresponding places on the crystal (e;g., Fig. 5

bip and cyp, Fig. 6 bl4o and 0'12) .

¥When the slip bands spread toward each other but in parallel 1
4

fashion, a "bridge™* may form between them due to the localization

_ * This word 1s used to denote normal cross slip and the more com-
plicated forms of contact between slip bands discussed earlier. Q
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of tensions in the zone N-P (Fig. 13), when the edgeé of the slip
bands approach one another (N and P in Fig. 13 Figure 9 and
Figure 10 a and b, It may be assumed that local overstressing in
the zone N-P, and consequently the probabllity of the formation of
a "pridge", will be greater with the development of slip bands
and the narrowlng of thg distances between them. The formation of
a "bridge™ may be facilitated by barriers in the N-P zone that pre-
vent the further spread of the slip bands and a change 1n crystal
orientation in this zone.

In this respect, extension at a higher temperature after prior
low temperature deformation 1s more likely to produce "bridge" than
extension without prlor deformation. As already noted, the slip
bands in the flrst lnstance appear more developed. Furthermore,

8lip bands develop more often 1n nearest nelghboring bundles of slip

4
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Flg. 13. Diagram of development
of slip bands. RMNK and QPIS are
sllp planes; MN and QP are slip
bands; NP is the zone 1n which a
"bridge" between slip bands may
form.

planes rather than in the same bundle (i.e., Fig. 10 b and c).*

We belleve that this results from the fact that recovery does not
progress to the same degree along each slip plane whilich was blocked.
The secotrs of planes that contalined low-temperature distortlons

and which are less stable and effectlve at the new, elevated tempera-
ture will be unblocked first. The formatlion of "bridges" i1s also

facilitated by the structural distortions of the deformation band

type that appear 1n great numbers at low temperature deformation

" * We should point out that although the slip bands appearing at
very high temperature deformation, generally speaking, are compara-
tively dense in theilr arrangement (e.g., Flg. 5 b); those that
appear and newly develop are located at considerably greater dis-

tances from each other (Fig. 6 b!y).
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and remain at high temperature (Fig. 14 by, c3, bias, c12). By
crossing the active slip planes (for example, in the direction NP

in Fig. 13), they prevent the slip bands from spreading in the same
direction and, because of the change 1in crystallographic orientation,
may also stimulate the formation of abridge". This statement 1s
reinforced, for example, by the fact that in many cases the ends of
the blocked slip bands and the "bridges" appear to be contained
within the 1imlts of a certaln band that crosses the active slip
planes (Flg. 9; Flg 10 a and b; Fig. 11 a and c¢; Fig 12 a).

Flg. 15 shows the formation of breaks 1n the slip bands at
points of intersection where there 1s visible uneveness 1n the
relief. It should be noted that the formatlon of a break may also
occur where a deformation band 1s intersected by one slip band,
not necessarily by two bands spreading toward each other.

To substantiate our views (In particular the diagram 1in Fig. 13)
of the formatlon of the relief pattern of a single crystal durlng a
change in the test temperature from -180 to 20°, experiments were
made on the kinetics of structural changes. Single crystals which
had been previously extended by 10% at -180° on a special apparatus
were extended at 20° on the stage of horizontal microscope. Suc-
cesslve mlcrographs of the same section of the crystal were taken
for each 0.3% deformation.

Some of the frames obtained are reproduced in Fig. 16. Frame
1 corresponds to approximately 1% deformation at 20° and frame
37 to 11% deformation. The complete set demonstrates the gradual
development and spreading of the sllip bands on the base of the
fine slip lines. The "brildges" form in accordance wilth the dlagram

in Fig. 13. The formatlion of the breaks was also visually observed
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during spreading of single slip bands (in this case, the develop-
ment resembled that observed by Chen and Pond in their work [18].
In this was, the concepts regarding the formation of slip bands and
breaks were experlmentally confirmed.

3. The results obtalned from varied test temperatures may also
be accounted for by the above conslderations. In the case shown
in Flg. 7 c13, however, we must assume that at least some of the dis-
tortions of the lattice at -180° become less effective and less
stable even at a comparatively low test temperature (-80°). In
paper [19], which deals with the study of the influence of repeated
varliation of the test temperature on the original sections of the
respective extension curves for pure single aluminum crystals, was
shown that the transition from deformation at -183° to deformation
at -77° 1s actually accompanied by an appreciable softening of the
crystal.

As regards the appearance of "bridges" with a more complex
structure than that observed in common cases of cross slip, the
posslibllity of thelr formatlion apparently depends on a combination
at their point of formatlon, of such factors as sufficlently high
overstress, a complex state of tensilon, and possible structural
(orientational) distortion of the lattice.

4. In view of the concepts postulated in paragraph 2, the in-
crease in the number of breaks 1n the sllip bands with the higher
degree of deformation in tests conducted at higher (20°) tempera-
tures {Flg. 5 bp, ca, dz; Flg. 12 a and b) 1s to some degree under-
standable. Indeed, the inhomogeneity of the lattlce distortions
increases with an increase in the degree of deformation and so too

do the 1nhomogenlety and intensity of recovery, which fact augments
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Fig. 14. Structure of single crystals of aluminum after
various stages of deformation. by - 2 = 11% (-180°);

cy - 2 = 20% 5-180°); b2 - = = 10% (20°) + 1% (-180°);
cay - 5 = 10% (20°) 10% g-180°g; byz - = = 10% (-180°) +

+

+ 1% (20°); c12 - & -180°) + 10% (20°); bz = Z =

10%
= 11% (20°); bz - 2 20°); cz - = = 20% (20°) .
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Fig. 15. Breaks of slip bands at points wlth

visible unevenness of relief. X 250.

€ = 18% (-180) + 2% (20°).
the possibility of forming well-developed slip bands, not 1n one
but in two neighboring parallel bundles of slip planes (thils also
takes place 1n the case of comparatlvely small degrees of defor-
mation, Flg. 9). The number of distortions of the deformation-band
type increases theilr presence, as already mentloned, also belng a
prior condition for the formation of the slip band fractures. The
third prerequisite 1s the progressive development of the slip
bands, i.e., their degree of dislocation (Fig. 5, az, bp, cz, and
dp; Fig. 6 b!z, ct'p and dly). The fourth prerequisite consists
in an increase 1n flow stress. Thils gilves rise, first, to a

greater probability that a spreading slip wlll break through the
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Fig. 16. Mlcrograph of a sectlon of crystal

showing gradual development and spread of slip bands
and formation of "bridges". € = 10% (-180°C), subse-
quent extension at 20°.

orientation barriers of the deformation band type and, second, to
a greater probabllity of conslderable overstress in the N-P type
zones (Fig. 13) between the ends of the blocked slip bands.

5. As already noted, the effect of prior high-temperature
extension (20°) 1s manifested to a comparatively sllght degree
(Fig. 6) during subsequent low-temperature (-180) tests. Here
however it should be borne in mind that in the present case of ex-
tenslion, with intermedlate electropolishing to remove the relief
pattern established by prior extenslon, the second low-temperature
deformation (180°) 1s obtalned through the filne slip lines. De-
velopment of the normal slip bands appears impossible (due to con-
siderable hardening) .

The structural difference between single crystals extended at
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-180°, with and without prestrain at 20°, 1is clearly seen from

a study of thelr rough relilef pattern (Fig. 1%). In the latter
case, a great number of deformation bands lylng close to each other
(Fig. 14 by and c¢;) appear on the surface of the specimen. In

the former case, they are fewer 1n number and more distant from
each other; moreover, a more distinct deformation bands further
away from each other (1l.e., traces of prestraln at 20°) are also
observed (Fig. 14 bpy and czy ) .

6. It 1s of interest to note that the slip bands originating
in high-temperature tests after prior low-temperature deformation
(Fig. 6 b';5 and cty5) closely resemble those appearing near
scratches made on the surface of single crystals of aluminum.

The dlstinctness of the slip bands 1n both cases 1s most character-
1stic of thls resemblance. The question arises whether thils is

not a manifestation of.the similarilty of normal changes in the
crystal structure, produced (1ln the area of the scratch) by scratch-
ing or low-temperature extension.

7. The absence of a mechanlcal equation of state for single
crystals durlng plastic deformatlion was shown by data on the
Influence of varied test temperatures and test rates on the shape
of the elongation curves. The same concluéion was drawn from our
study of the influence of varied test temperatures on the flow
curves of single crystals (in particular on their 1initlal sections
[19], and on data from x-ray analysils invthe case of polycrystals
[5]. In the present study this has been shown to be the _casge for
single crystals by metallographic analysls of the influence of
varied test temperatures. Finally, 1n a study conducted under the

supervision of one of the authors by a team of canidates at Peking
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Unilversity, the same conclusion was reached in a study of the in-

fluence of varled rates of extension on the metallographlc pattern
of the structure of single crystals and on thelr flow curves. Con-
sequently it may be concluded that the invalldity of the mechanlcal

equation of state has been proved reasonably well.

Conclusions

1. The structure of deformed slingle crystals, llke the flow
stress, is not a single-value function of temperature at the moment

of testing. A considerable part 1s played by the prestrain tempera-

ture.

2. Prior low-temperature extenslon wlth subsequent high-tempera-
ture deformation produces a number of characterlstlc structural
changes in the single crystal (numerous breaks in the slip bands,
the dispersed nature of these bands, greater density of the de-
formation bands, ete.). The influence of prilor high-temperature

deformation 1s malnly revealed, in the course of subsequent low-

temperature tests, in the typical rough rellef pattern (number and
appearance of deformation bands) .

3. The results obtalned may be explalned by the difference 1n
the effectiveness and stablllty of the strailn distortions of the
prystal lattice responsible for hardening during both preliminary
. and subsequent deformations. In this case the structure of the
crystals at the moment of completion of the preiiminary deformation
1s taken Into consideration.

4, A qualitative correspondence was observed to exlist between

the effects of temperature variations on the change 1n mechanilcal

properties (fiow stfess) and on the relief pattern (deformation
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mechanism) of the crystal during the course of extension.
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HARDENING AND SOFTENING MECHANISM

A. M. Yuferov

The difference between the theoretlcal and actual strengths
of a crystalline substance is considered by the majority of re-
search workers to be due to the fact that, 1n practice, a crystal
does not correspond to the 1deal concept envisaged in the theory.
In an actual crystal there are always defects of different kinds,
wlth the result that prevent destruction of the atomic bonds through-
out the whole cross sectlon under an external load does not occur
instantly and simultaneously, but gradually. As a result, the true
&ield strength of an actual crystal 1s considerably lower than that
calculated theoretically for the 1deal crystal lattice [1, 2, 3].

This explanatidn of the low value of the actual strength of
a crystal, desplte the fact that 1t 1s very logical and resonable,
contradicts what 1s actually observed in the strengthening of alloys.
Practice shows that the greatest strength 1s found in alloys which
have acquired a partlicular metastable state with a less perfect
lattice [4] as a result of plastic deformation, thermal treatment,
or alloying.

On the one hand, eliminatlon of defects of varlious kinds in

the structure of the lattice deflnitely helps to strengthen the
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crystals, but on the other hand the strengthening of crystals 1is
always accompanied by increased distortion of their lattice. Both
statements are correct and yet obviously contradlict each another.
In our opinion, this contradiction in the theory and practice of
strengthening and softening stems from the fact that the existing
concepts of the strength of the 1ldeally perfect lattice take 1nto
account the atomic interaction only in the lattice proper, consldered
abstractly and disregarding the interaction between atoms of the
lattice and those of the ambilent medium [2]. It 1s the efforst which
have been made(solely on the basls of changes in the crystal lattice
proper and dlsregarding the changes 1n the 1lnteraction between the
atoms of the lattice and those of the surrounding medlum),the reasons
for the low strength of crystals“in practice and the reasons for
changes 1n strength with different method of processing, which have
led to the above controversy.

In our opinion, local forces are generated on the boundariles
of the structural elements through the interaction of atoms in
differently-orlented boundary lattices, and these forces cause
mutual elastic deformation of the abutting lattlces. The cause of
the origin and distribution of the local forces can be explained by
the general law of the dependence of the interatomilc forces on the
distance between particles. This law directly provides the con-
dition required for a balanced-state system consisting of two lden-
tical atoms (a two-atom molecule), characteristic of which 1s the
resultant of the Ilnteraction of the particles j = g§—= 0. Here,
the free energy level of the system U has a minimum value. The

distance between the particles 1in the case of F = 0 is usually given

the symbol rgo.
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Fig. 1. Zones A and B on the border of con-
Jugation along the planes -of the cube of
differently orientated lattices.

Let us take the simplest case of boundary conditions. When
two face centered lattices adjoln by means of the planes of a cube,
the location of the points of the bordering lattlces relative to each
other depending on thelr degree of disorientation, can be determined
by superposing the lattice 1in accordance with A. V. Shubnikovts
method [5].

The arrangement of the atoms in one lattilce relative to the
atoms 1n another lattice is govered by the followlng features
(Fig. 1).

At some sites on the boundary plane the atornis of both lattices
lle almost along the same straight line normal to the boundary
plane; at other sites, the atoms of one lattice are exactly opposite
the spaces between the atoms of the other lattice. It 1s as 1f the

entire plane of unlon of the two bordering lattice would consist of
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separate areas or zones (dislocations) [6]; 1n the center of the
A zones the atoms are opposite one another, while in the center of
the B zones they are opposlte the interstitial spaces.

The areas or zones having a similar disopsition of atoms are
regularly distributed 1n the boundary plane and alternate wlth each
other in such a way that a pattern 1s formed which corresponds to
the distribution of the atoms in the crystallographlc -planes, but
on a larger scale.

The slzes of the areas or zones and the frequency of their repetl-
tion depend on the rotation angle of the bordering lattices or of
of the superimposed planes relative to one another. With an in-
crease 1n the rotation angle up to 45° the A and B zores are reduced. -

The dependence of thls increase 1p the angle of therelative

rotation of the lattlices a is expressed as follows:

if we take a as the distance between the atoms in the crystallo-
graphic plain, and at as the dlstance between the zones A and B
formed in the boundary plane.

V. I. Arkharov [6] points out that a similar regularity in the
arrangement of atoms in the boundary plain of two crystal lattilces
should take place in all cases of lattice abutment by any crystal-
lographic plain. This regularity must also take place in the
boundary between a crystalline substance and an intercrystalline
substance, a liquld phase, and even a gaseous phase.

To obtaln an 1dea of the stresses arilsing in bordering lattlces
let us examine the distrilbution of forces 1interacting between the

atoms of two lattices in a plaln perpendlcular to their border.
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Flg. 2. Diagram of local forces causing

elastic deformation of bordering lattices

in A and B zones.
When the distance between the lattices is ro (Flg. 2, position 2),
the atoms of one lattice will only be thls far away from the atoms
of the other lattice 1n the center of the A zones, since these
atoms lle on a stralght line normal to the boundary plane. The
distance between the atoms in zones B at that 1nstant 1s greater
than ro. Forces of atomic attraction will prevail betweén these
atoms, and bordering lattices will approach each other. When the
lattices approach still closer, the distance between the atoms in
the A zones becomes less than rg; the forces of repulslion will
prevall and prevent further drawing together of the lattlce.

Equilibrium will be established when the resultant of the

interactlion of all atoms on the boundary between two lattices 1s
zero. Thls means that when there is equilibrium on the boundary
between adjacent lattlices, the distance between the atoms of both
lattices 1in the A zones wlll be less than rgo and greater than rg
in the B zones (Flg. 2, position 3). If the state of both lattices
1s the same, both bordering lattlces wlll be elastlcally compressed
by the repulsive forces in the A zones, and they wlll be extended
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in the B zones by the forces of attraction.

It follows from the relative position of the atoms 1n both
lattices that the interacting forces between atoms asymmetrically
positioned with respect to each other will be directed at an angle
to the boundary plane. The action of these forces may therefore
be represented as the actlion of two components, one of which 1s
perpendicular to the boundary, while the other 1s tangentlal to the

boundary plane.

l Pewemna !
/\\ h /\\ N ) A /\\
/ /N N Ny
I a NS AN N NN NN
NSNS N Ny N N N
\% v v v v \V; AV
Pewemna

Fig. 3 a and b. Dlagram of distributlion of elastic,
compressive, and tenslle strain on grain boundaries.

The tangents, which are components of the linteratomic forces
in each zone, produce a moment of force about an axis passing through

the center of the zones perpendicular to the boundary. Not only,

-412-

v




L ]

therefore, 18 there elastlic, compressive, and tensile sérain in the
lattices, but also deformation by lateral dislocation of the atoms
due to the moment of force 1n each zone.

The elastlc straln of the lattlces in both the A and B zones
will spread to a certain depth into the center of the grain. 1In
thls way we obtaln an ideal of differently deformed structures in
the zone between adjacent lattices, which are shaped like wedges
and alternate in regular fashion (Fig. 3 a and b). Henceforth,
these structures will be marked, 1n the same way as the zones in
the boundary by the letters A and B. It should be borne in mind
that whenever zone A . or B is mentloned, this means the arrangement
of atoms 1n the boundary and whenever structure A or B 1s mentioned
thls means the elastlcally deformed sections of the lattices adjacent
to the respective zones on the grain boundaries.

The local stresses and elastic deformatlon of the adjacent
lattices must depend on a number of factors, namely:

1) The size of the zones A and B. The larger these zones, l.e.,

the less the lattices are disoriented, the greater the local froces
are and, consequently, the greater also the elastlc deformation of
the lattices in A and B zones.

2) The elastic properties of the bordering lattices proper and

thelr oricntation, to the extent that the lattices are anlsotropic.

3) The effect of the external loads. Stresses brought about by

external loads should combline with the local tensions on the grain
boundaries, thereby influenclng elastic deformation in zones A andB.
However, thls cannot change the general pattern of distribution of
the elastic deformations on the grain boundariles.

4. The presence of solute atoms of other elements i1n adjolning
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lattices should also influence elastic deformation in zones A and

B. This follows from our current thinking on the inter-connection
of elastic deformation and the diffusion of the atoms [7, 8]

established by S. T, Konobeyevskily:

2 2,
D'%::—=l)"-?i

dxd

where Dt and D" are the coefficlents of decreasing and mounting dif-

fusions;

a3 %

rrir are gradlents of the concentratlons and stresses
respectilvely.

The elastlc deformation of adjoining lattlices should be reduced
through the occurrence of mountling diffusion between the elastically
deformed structures A and B.

5) The elastic deformation of adjoining lattices in zones A

and B should to ilncrease with a decrease in temperature. This 1s

shown first by the fact, established in tests by G. V. Kurdyumov and
N. T. Travina, that the inhomogenelty of composition lnside the
grains of a solid solutlon increases with a fall in temperature [9],
and, second, by the fact that 1ntercrystalline failure at high
temperature and transcrystalllne fallure of metals at low tempera-
ture can also be considered as a result of an increase in the local
forces on the grain boundarles at a lower temperature.

From the above concepts of an equilibrium state on the grailn
boundarles of a polycrystalline substance 1t follbws that inside the
grains of pure metals there are statlcally fixed structures wlith an

inhomogeneous density of atoms, whereas 1n alloy polycrystals these

structures contailn dirfferent atomic concentrations of alloy components.
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Thls concept of the boundariles betweeﬁ the structural components of
poljcrystals in metals and alloys corresponds to data obtained
experimentally on coherent areas and dislocations [9, 10, 11, 12].

It can be consldered that the elastically deformed structures
on the graln boundaries of a polycrystal are, first, a slte for
the formation of nuclel of the new phase 1n the recrystallication
process 1n metals and alloys; second, they are a focus for the for-
mation of primltive crystal particles 1in the.course of recrystalliza-
tion; third, by weakening the adjolning lattices, they are a site
for dislocations 1n plastic deformatlion and of fallure 1n trans-
crystalline brittle fracture of the polycrystal.

The hardening and softening mechanism in metals and alloys
can be partly ekplained on the basis of the concepts expressed
above.

The variation in strength of pure metals due to thermal treat-
ment, plastlic deformatlion, and recrystallilization cannot be explained
by a change i1n the strength of the lattilice proper, since in all
cases the atomlc bond strength 1in the lattlce should be nearly iden-
tical at the same temperature thils derilives from the constant value.
of the modulus of elastlclty. Consequently the varlation in
strength in all cases results from a change 1n the magnitudes of
the local forces on the boundarles of the structural components.

A change in magnltude of local forces in pure metals 1s only
possible as a result of change in the dilsorlentation of lattices
between adjoining structural elements. In all cases the disorien-
tation of the lattilces at thelr boundariles increases with a reduc-
tion 1n slze of the structural elements and thls causes a reduction

in size of the zones A and B and consequently reduces the local
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forces and increases the strength.

The process of plastic deformation amounts to division of the
crystals into parts which in principle are related crystallographlically
in the same way as the adjoining grains in the original metal, with
the only difference belng that the disorientation of the adjoining
lattices among the emerging structural elements 1s greater than that
on the grain boundarles before deformation. At a certaln stage in
plastic deformatlion the polycrystal is usually fractured; this in-
dicates that the process of strengthening cannot continue any further.
In our oplnlon, further plastic deformatlion 1ls not posslble because
of }nsufficient strength of the boundarles between the structural
components.

In an undeformed polycrystal fracture by shearing separation
does not occur along the grain boundaries but across the graln-not
because the boundarles are stronger but because the local forces
on the boundaries weaken the adjolining lattices so much that their
resistance to an external load becomes lower than the resistance to
shearing in the boundary. A decrease 1n local stresses under plastic
deformation results in an increase 1n the strength of polycrystals
only until the resulting stresses exceed the resistance to shear 1n
the boundary plane between the structural components. In other
words, the process of plastic deformation(the hardening process) is
limited by the strength of the boundaries between structual com-
ponents. This motion completely accords wlth observations of the 1n-
itial stage of failure [1%].

The softening of a deformed metal on recrystallization should take
place as a result of greater local forces. This can only occur 1f

the dlsorientation of the lattices on the grain boundaries 1s reduced.
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This 1s exactly what the process of recrystallization is belileved
to amount to from the standpoin§ of hardness. A greater disorien-
tation on the boundariles of the structural elements 1s observed
when the latter grow 1in slze; hence softenling on recrystallization
should be consldered the result of a growth of the structural
elements.

The mechanlsm of grain growth, 1ln our opinion, 1s as follows:

Graln growth with an Increase 1n temperature first occurs on
those boundarles where the A and B zones are smallest 1in slize and
where the lattlces are dlsoriented most. On the graln boundaries
where the A and B zones are larger in size, the growth of the
gralns occurs at a stilll higher temperature.

Grain growth is determined by the mutual orlentation of the
adjoining lattices. Not only can larger gralns grow at the expense
of smaller grailns, but smaller gralns can also grow at the expense
of larger ones. It may be assumed, 1in view of the fact that the
lattices of adjacent grains 1n a polycrystal are differently
orlented that a graln can grow along 1lts boundary with another
graln, and at the same time, on 1ts boundary with a different grain,
1t can become smaller.

Graln growth at a given temperature continues untll the relative
orlentation of the lattices on all boundaries 1s such that zones A
and B exceed a certaln size, Further growth of the grailns 1s then
only possible with a rise 1n temperature, after a reduction in the
elastic deformation in the zones A and B.

An increase in temperature, speeds up grain growth, since a s
larger number of boundaries are therby dlsplaced.

The minimum temperature at whilch grain growth begins and the
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rate of gralin growth depend on the degree of disorlentation in the
adjoining latticés. The greater the disorientation, the lower the
temperature at which the growth begins.

The growth of the neighboring blocks inside the grains i1s only
possible at a farlly high temperature, near the critical temperature
of recrystallization, since the disorlentation of the lattice blocks
1s slight.

The great strength of single-phase s0lilid solutlons in compari-
son with pure metals llkewlse cannot be explalned solely by an in-
crease 1n the strength of the crystal lattice proper. Thils 1s sup-
ported by the fact that a small amount of impurities in a metal
cause no apprecalble change in the modulus of elastliclty. The
great strength of single-phase solid solutions is the result of the
lower magnitude of the local forces on the grain boundaries.

A decrease 1in local forces on the grain boundaries in solid
solutlons can occur not only as the results of an increase in the
disorientatlion of adjolning lattices, as 1n pure metals, but also
as a result of the redistribtution of the atomlic concentrations of a
solute component among differently deformed grains of adjolning
lattices through mounting diffusion. This redistribution should
result in a reduction 1n the local stresses. This view is in con-
formity with the phenomena of hardening and softening observed
during the heat treatment of single-phase solutions [7, 13].

The hardening observed durlng plastic deformation of single-
phase solld solutions, as 1In the case of pure metals 1s due to a re-
duction in local forces on the boundarles of the structural components
resulting from the increasing disorlentation of adjacent lattlces.

The 1ncrease 1n strength of the deformed single-phase so0lid solutilons
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at low heating 1is caused by the decrease in local tensions due to re-
distribution of the concentration among the differently deformed
grains.

The recrystallization process 1n a deformed solild solution be-
gins to occur as the annealing temperature 1s further 1increased
(in principle, this process should be the same as in pure metals) ,
resulting in a lower degree of dlsorilentation in the nelghboring
lattices and in greater local forces. As a result the yield point
1s lowered.

In supersaturated solid solutions, as in pure metals, the 1in-
crease in strength that occurs when the structure becomes finer
should depend solely on a modification of the boundary structure,
since the structure and compositlion of the phase components durlng
slow cooling are identical 1n both filne-grained and coarse-gralned
alloys.

The change in graln-boundary structure with a reduction in slze
of the structural elements consists 1n an increase in the disorien-
tation of nelghboring lattices at the boundaries of structural com-
ponents, causing a reductlon of the zones 1n which there 1s similar
deformation of the lattlces and consequently reducing the local
forces therby increasing the strength.

The hardening of super-saturated solld solutions in plastic
deformation 1s also caused by a decrease 1n local forces at the
boundaries of the structural components: first because of an in-
crease in the disorientation of neilghboring lattices as in pure
metals; second because of the redistributlon of the concentration,
as in single- phase solutlons; third, because of the preclpitation

of excess phases, on the boundaries of whilch there 1s then greater
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lattice than that exlsting on the grain boundaries of the super-
saturated so0lid solutlon before precipitation.

On the basls of what has been explained above, the general con-
clusions can be drawn that 1n all cases, both for pure metals as for
alloys, hardenlng and recovery are the result of elther a change 1n
bond strength between the atoms 1in the lattice proper or a change in
the strength of the local forces at the boundary of the structural
components. The first case occurs with a change in temperature and
in the atomlic concentration of the phase components. The second
case results from a change in the dlsorilentation of the nelghboring
lattices of the structural components (as a result of heat treatment
or plastic deformation) and from redistribution of the atomic concen-
tration of the components among differently-deformed lattice grains.

The hardening and softenling of steel with different types of
processing should not differ 1in principle from thils process in
heteorphase alloys and super-saturated solld solutions. These views
can be used to explain the hardening and softening mechanism of
steel in relation to its structure and the effect of an external
load, for instance the mechanslims of fatigue, relaxation, creep,
ete.

The foregolng views on the mechanism of hardening and soften-
1ng during plastic deformation, thermal processing, and alloylng
lead us to the conclusion that the basic reason for the hardening
which can be achieved in practice is a decrease 1n local forces at
the boundaries between the structural components, whereas the rea-
son for softening 1s an 1ncrease 1n those forces. This conclusion,
at flrst glance, may appear to contradict the existing view that

hardening 1s always connected with an increase in the lattice dis-
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tortions in metals and alloys. But there 1s actually no contradic-
tion here, as we shall explaln below.

The existing belilef that lattice distortion causes hardenlng
is mainly based on the existence of increased diffuseness and in-
tensity of the interference lihes. The diffuseness of the latter
1s expressed in angular units by the formula

A8~ zge(éa'i e

It is not usually possible to determine the experimental value

for(%?—)max since the presence of a background on an x-ray photo-

graph obscures the contour of the curves at their base. Therefore,
G%E)max is calculated theoretically on the assumption of a number
of conditlons.

In practice, the diffuseness of the 1interference lines 1is
quantitatively defined by the line width of B measured at half the
height of the photometrlc curve

1f—40¥)tgm
where(%?—) 1s the mean of the absolute values for the deformation
of the lattice.

In view of the generally accepted view that a mean value 1s
not dependent on the maximum and minimum deviatlons of particular
values, 1t 1s evident that the width of the lines B and the mean
of the absolute values for lattice deformation (ltﬂ)cannot glve an
accurate ldea of the absolute value of maximum dlstortions of the
lattice (42-) oy

But the 1deas postulated by the author »of thls paper that an
increase in resistance to shearing and an'extension of the elastic
limit result from a decrease 1n the absolute value of the maximum

local dlstortlons of the lattice do not exclude the possibility
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of an increase 1n the absolute value of the average distortion of
the crystal lattice in the hardening of metals and alloys.

The above can be stated in thils manner. The lattice in an
undeformed metal 1s distorted most at the grain boundaries and the
distortlon values of the lattlce parameter decrease toward the
center of the graln with a large number of the lattice cells 1n the
center of the graln remaining undeformed. The local forces appear
after deformation 1n the shear planes, thelr magnitude being lower
however than in the undeformed metal but the number of their =zones
of activity i1s higher. The lattice distortlon is probably at its
maximum at the boundaries of sllp bundles and decreases towards the
center of the bundles. Since the thickness of the slip bundles as
compared with the size of undeformed grains 1s very small, the lattice,
desplte the decrease in local forces, 1s distorted almost over 1ts en-
tire structure, the average value of the distortlion of the lattice
Increasing in spilte of the lower absolute values of the maximum
distortions. It 1s these changes in a metal, occurring when the
structural components change in size, which are shown by the photo-
metric curves obtalned in x-ray structural analysls of the lattice
state.

Hence the degree of disorientation of neighboring lattlces at
the boundaries of the structural elements of a polycrystal is the
principal structural element responsible for changes in the structu-
rally sensitive properties of a polycrystal caused by a change 1in

i1ts structure.
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Lﬁe and LY5 LINES IN THE SPECTRA OF COPPER AND ZINC

M. I. Korsunskly and I. A. Rumyantsev

In most of the research work on changes 1n the x-ray spectra of
compounds and ailoys, study has been made of the lines of the K
geries. The transition of the valence electrons (the energy states
of which naturally undergo very intensive changes) have also been
consldered 1n thls work. The use of apparatus wilth adequate resolv-
ing power in order to detect slight energy changes of the order of
fractlons of eV 1s essential in such studies.

Since energy disperslon lncreases as the wavelength lncreases,
study of the L-series for elements with middle-range atomic numbers
(from Mn®® to Mo*2) is more convenient than study of the XK series
(the lines of the IL-serles 1n these elements are located in the
range of " 5-20A, which is within the possibility of measurement) .

For a more accurate study of the changes 1n chemical compounds
and alloys 1t 1s desirable to observe also the transitions of the
valence electrons in the L-serles. However, for a number of elements
with middle-range atomic numbers, unfortunately, these lines have not
yet been discovered in the L-spectra. Thils applles in partlcular to
the elements Cu2° and Zn®°, These transitions 1n the elements Ge®2,
as shown in the research of G. P. Borovikovaya and M. I. Korsunskily

[1] actually take place, and the corresponding lines are marked by
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great intensity. Before studylng the spectra of copper and zinc
alloys, therefore, the L-spectra of pure copper and zinc elements
were examined in order to discover the lines connected with the
transitions of valence electrons and also 1n order to through light
on condltions under which the lines appear. The present article
glves an account of the preliminary results of these studles.

Our study of the spectra was conducted with a vacuum illuminating
x-ray spectrograph [1] which used a curved mlca crystal and a photo-
recording system. An anode of electrolytic copper was prepared for
the study of the copper, while the zinc was made—into plates, 2 mm
thick, and fastened on the copper anode; the zinc used was chemically
pure.

The use of an x-ray tube whlch had a comparatively large focus
(about 4 cm2) enabled us to eliminate intensive local heating of the
surface of the specimen; thils was vitally important in obtaining the
spectra of pure elements. The temperature of the anode did not
exceed.350° (measured by a copper-constantan thermocouple at 5-7 kv
and 10-15 ma.

The spectrographic photographs were taken on Isopan F film.

The cassette window was covered with aluminum foll about 2 microns
thick to prevent the penetration of visilble 1light. The exposure
time was 5-6 hours for copper and 2-6 hours for zinc; the photo-
graphs were measured with an MF-4 recording microphotometer.

Photoelectrlc examinatlon of the first 20 spectrograms for
the L-spectra of copper and zinc made it possible to establish a
number of regular developments common to all the photographs.

Iines IU1,2 and Lﬁi for the spectra of both copper (Fig. 1) and
zinc (Fig. 2) appeared to be double. The wavelength of the short-
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wave components of those llnes differs from that of the basic line

by approximately 65 X-units. In wavelengths, those components are
close to the satellites of the basic lines (Lh" and LB")’ but, the
intensity of the llnes we found greatly exceeds that of the satellltes
described 1in [2, 3, 4].

The great Intensity of our lines which in some plctures even
exceeds that of the baslc lines, justifles the statement that they
are not satellites. We 1dentifled them as lines LBs and LYs'

It 1is of interest to note that the intensity of the LBe and Lys
lines in the Zn spectrum largely depends on the photographlc procedure.
As seen in Flg. 2 and 3, the relative I1ntensity of L[3 compared wilth
La1,2 notliceably diminishes with an lncrease 1in exposure time. Thils
results from gradual oxidation of the zlinc plate durlng exposure.

A similar change 1n the zinc spectrum occurs even with a short exposure
when the vacuum is low (of the order of 10 * mm Hg.).

A dlfference in wave-length between the lines LBe and La1,2
and between the lines st and IB1 correspond to an energy lnterval
approximately equal to 4.6 eV for copper and 5.6 eV,

The dispersion 1n the IL-seriles photographs for copper was 22-24
X/mm (1.5 eV/mm) and for zinc, 25-27 X/mm (2.1 eV/mm), l.e., it was
at least double the dispersion for the L-serles of copper and zinc
given 1n earlier papers.

The posslibllity of finding the lines LBe and st i1s to a con-
slderable degree bound up with the oxlidatlon of the speciment!s sur-
face. In an oxlde those lines are almost entlrely absent. Accord-
ing to Borovikovaya, a similar change in the intenslty of the lilnes
LBe and LYs takes place with helium in the transition from pure metal

to an oxlde.
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Fig. 1. Lines L and Flg. 2. Lines L and
Q1,2 Qi,2
L in Cu spectrum. L in Zn spectrum.
Be Ps
Scale 2 : 1. Scale 4 : 1, 3 exposure time =

= 3 hours.

Consequently the use of a high-dispersion spectrograph, a high
vacuum (not less than 2 - 10° Hg) , and comparatively weak currents
in the tube to reduce the heatlng of the surface of the specimen
are essentlal condltions for the discovery and study of the lines

L and Ly in copper and zinc.
5

Pe

It can be observed from the table of x-ray emission spectra that

Lé and Ly lines have been discovered for all elements, beglnning
e 5

with Rb37. Since these lines refer to the respective dipole transil-

tions LIII = NI and LII - NI and copper and since copper and zinc

possess electrons at these levels, it was not clear why these lines
had not been dliscovered in copper and zlinc spectra. Silnce the dif-

ference 1ln wavelength between LBe and La 1s determined by the
1s2

energy lnterval between M and NI’ we examlned the dependence of

Iv,Vv
the value for this interval on the atomlc number. It was shown by
extrapolation of the curve obtained for the elements Ag*7 - Rb37
to elements with 1owef atomic numbers that this interval for the
elements Ge®2 - Cu2® amounts to several eV, 1.e., the lines L and

Be

L should be located respectively near the lines L and L
5 Qis2 B1
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(since the curve showing the dependence of the energy interval

M on Z can also be extrapolated for the lines LY and Lﬁx)'
S

Ty~ T
In our case, the energy interval is 4.6 eV for copper and 5.6

eV for zinc, which fully confirms the existence of the llnes LBe
and LY in the copper and zinc spectra which were analyzed.
S
On the strength of this we can conclude that the published

data on L-spectra of copper and zinc do not refer to pure elements.

CONCLUSIONS

1. The llnes discovered in the copper and zinc spectra are

lines L and L
8

and relate to the transitions I - N_and L -
2 Vs ] IIT - I

I1T
-NI.

2. The dlistances of these lines from L and Lﬁ were measured.
1,2 1

3. It was established that the proper condltlons are essentilial

in recording these lines photographlically.

s

Flg. 3. Lines L and L in Zn
Qis2 Be

spectrum.
Scale 4 : 1; 6 hour exposure.
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INFLUENCE OF THE CONCENTRATION OF COMPONENTS IN IRON-CHROMIUM ALLOYS\
ON THE STRUCTURE OF THE ENERGY SPECTRUM OF THE CHROMIUM
AND IRON CONDUCTIVITY ZONE AT HIGH TEMPERATURES

N. D. Borisov, V. V. Nemoshkalenko and A. M. Fefer

The present article 1s a direct contlnuatlon of earlier research
[1]) and is aimed at studying characteristic changes 1n the structure
of the energy spectrum of chromlium and iron electrons under the
influence of the concentration of alloy components in an 1ron-
chromium system and the transition (along the axls of composition)
of the y-solld solutilon 1nto the a-soclild solutilon.

For our investigation we studied the KBs ~ lines of chromium
and 1lron produced by transition of electrons from the 3d subshell
to the K-level, and Kﬁz— lines of the same elements; produced by
the transition of electrons from the 3p-subshell to the K-level com-
bined with the longwave Kﬂ' ~ satellite.

The distribution of electrons through the energy levels of free
chromium and iron atoms is glven in Table 1.

The spectrum lines shown are those of pure. chromium and iron
and of iron-chromium alloys Nos 1, 2, 3, 4, 5, and 6 contalning %,
8, 20, 30, 45, and 50% chromium by welght, respectively. The
spectral lines of the chromium K

P
alloys Nos 1, 2, and 3 because of thelr weak intensity.

- group were not recorded for
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Electrolytic chromium and iron of high purity were used as test
metals. All the test metals were made into special plates, which

were then attached to the primary antlicathode 1n the x-ray tube.

Equipment and Method of Work

The high-voltage apparatus used was a four-kenotron unit based
on the Grgtz layout. A ferromagnetlc resonance stabilizer maintailned
a constant output of primary voltage with an error factor of 0.5%.
For all the x-ray spectrograms of the pure metals and alloys we
used an x-ray tube whlch we had constructed ourselves and which was
designed to obtaln flourescent spectra at high temperatures. After
replacement of the electrodes the tube could be used for obtaining
x-ray spectra by the primary excltatlon method. The tube was
evacuated by an oil initial-vacuum pump, a mercury diffusion pump
and a MM-40 high-vacuum vapor-olil pump, connected in seriles. The
vacuum was obtained was 2 to 3 ¢ 10 ° mm Hg and 1t was regulated by
HG-200 and VI-3 lonizatlon gages. A fast nonvacuum x-ray spectro-
graph, in whlch the radius of curvature of the crystal was 500 mm
[4], was used as the diffraction apparatus. A quartz crystal (prilsm
face 1010) was used to break up the radlation from the specimen.

As distinct from previous studles, all the spectra were obtalned
from a crystal oscillating through 2°. Thils was essential in measur-
ing the fine structure of x-ray bands produced by the primary
excitatlon method because of the difficultles in subtracting the
background (retarding spectrum). The latter, as is known, super-
poses 1ts own pattern on top of the intensity of the x-ray bands
under study. The linear orifice of the crystal was set by a blade
(diaphragm) and did not exceed 1.5 mm.
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The conditions for recording the x-ray spectra of the specimens
were selected after measuring the latter!s temperature with a Pt-
PtRh thermocouple, t<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>